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Summary 


The  development  of  acceptable  toughness  and  creep  strength  in  high  temperature  intermetallic 
alloy  matrices  is  closely  related  to  die  formation  of  proper  distributions  of  second  phase  particles 
in  the  alloy  microstructures.  Second  phases  are  needed  both  to  arrest  crack  growth  at  low 
ten^ratures  and  to  resist  creep  at  high  ten^ratures.  The  possibility  of  developing  new  processing 
strategies  for  high  temperature  alloys  based  on  intermetallic  conqxiunds  has  been  investigated.  In 
particular  rapid  solidification  and/or  r^id  solid  state  quendiing  followed  by  controlled  heat  treatment 
can  provide  a  broad  range  of  multiphase  microstructures.  This  rqiort  describes  research  performed 
in  the  Metallurgy  Division  at  NIST  under  DARPA  order  #7469  between  1/1/89  and  12/31/92. 
Various  research  tasks  were  completed  and  the  results  have  been  published  or  have  been  submitted 
for  publication. 

•  A  predictive  model  based  on  thermodynamic  constraints  was  developed  for  the  formation  of 
disordered  intermetallics  by  rapid  solidification.  Experimental  tests  were  performed  on 
NijTiAl. 

•  A  unified  approach,  wfiich  uses  crystallographic  symmetry  group/subgroup  relation^  between 
phases,  was  developed  to  predict  the  con^)lex  transformation  padis  diat  change  the  high 
ten^rature  BCC  and  ordered  BCC  into  the  low  temperature  hexagonal,  orthoiliombic  and 
omega-type  phases  in  the  Ti-Al-Nb  system. 

•  A  theimodynamic  calculation  of  the  Ti-Al-Nb  ternary  phase  diagram  was  con[q>leted  diat  is 
consistent  with  most  experimental  observations. 

•  The  phase  constitution  of  alloys  near  the  composition  Al2TiTa  was  determined.  The 
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equilibrium  phases  present  in  this  oxidation  resistant  alloy  \rith  2Sat%Ti,  2Sat%Ta,  and 
S0at%Al  at  temperatures  between  1200*C  and  1SS0*C  were  determined  experimentally  and 
possibilities  for  heat  treatment  elucidated. 

•  Phase  diagrams  of  MoSi2  alloys  with  additions  of  TiSi2  and  TaSi2  were  measured  and 
possible  con^sition  ranges  for  two-phase  structures  determined. 

Short  research  highlights  in  each  of  these  areas  follow.  In  die  Appendix,  copies  of  the  12 
published  and/or  submitted  papers  resulting  from  this  research  are  attached. 
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Research  Highlights  -  Rapid  Solidification  of  Intermetaliics 

One  of  the  major  processing  paths  to  produce  high  temperature  intermetallic  alloy  composites 
with  microstructures  designed  for  specific  performance  utilizes  atomized  powers.  Powders  are  being 
combined  with  reinforcing  fibers  and  particulate  through  various  consolidation  processes  such  as  HIP 
to  produce  components.  A  paper  published  earlier  under  DARPA  Order#  6065,  Acta  Met.  12 
(1989)  3379-3391,  has  placed  the  prediction  of  alloy  microstructure  of  atomized  (rapidly  solidified) 
intermetaliics  on  a  firm  theoretical  basis.  The  as-solidified  microstructure  of  the  powders  determines 
the  path  of  microstructure  evolution  during  subsequent  processing. 

The  research  treats  the  chemically  ordered  nature  of  the  freezing  solid  and  predicts  the  range 
of  solidification  rates  required  to  achieve  certain  ideal  microstructures.  These  ideal  microstructures 
consist  of  solids  without  die  normal  segregation  found  in  more  slowly  frozen  material  and  also  the 
possibility  of  forming  a  diemically  disordered  form  of  die  intermetallic  (disorder  tr^ping).  The 
thermodynamic  constraints  on  the  range  of  nonequilibrium  order  and  solubility  extension  were 
determined  under  die  current  program  (see  paper  #1). 

An  experimental  test  of  the  disorder  tiding  model  was  conducted  on  Ni2TiAl  alloys.  Using 
laser  surface  melting  test  performed  in  collaboration  widi  Prof.  M.  J.  Aziz  (Harvard  University)  die 
Heussler  order  normal  for  this  composition  was  suppressed  by  rapid  solidification  and  die  alloy 
formed  a  metastable  B2  structure  (see  Paper  #2). 
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Research  Highlight  -  Phase  Transformations  and  Eouaibria  in  the  Ti-Al-Nb  System 


Phase  transformations  in  fTi^  (0<x<0.34)  alloys  -  Phase  transformations  in  (Ti(i. 

x)^x)3^  (0<x<0.34)  alloys  have  been  studied  using  TEM  and  crystallographic  space  group 
analysis  (Papers  3-6).  These  composition  include  many  wbidi  are  currently  being  used  for  the 
fabrication  of  titanium  aluminide  intermetallic  matrix  composites.  Upon  cooling  from  the  /3/B2  phase 
field,  these  alloys  exhibit  a  con^lex  transformation  patii  into  hexagonal  and  orthortiombic  phases 
vriiich  depends  on  con^sition  and  cooling  rate.  As  witii  most  Ti  alloys  the  properties  are  very 
sensitive  m  the  heat  treatment  schedule  employed.  The  transformation  path  establishes  a  hierarchy 
of  microstructural  scales  which  allows  one  to  trace  the  transformation  sequence.  A  method  that 
considers  reductions  in  symmetry  according  to  the  crystallographic  group/subgroup  relations  between 
the  involved  phases  was  applied  to  this  system  for  die  first  time.  The  group/subgroup  relationships 
togetiier  with  considerations  of  minimum  elastic  energy  enables  one  to  predict  die  transformation 
path  and  the  main  microstructural  features  of  the  domain  structures  formed  by  chemical  and 
displacive  ordering.  Knowledge  of  these  paths  permits  an  optimization  of  die  heat  treatments  used 
for  diese  alloys.  Three  phases  (high  temperature  BCC,  low  temperature  ordered  hexagonal  02 
(DOig),  and  orthorhombic  Ti2AlNb)  are  involved  in  die  microstructures.  For  example,  die  Ti-25A1- 
12.5Nb  (at5S)  alloy  upon  cooling  from  the  0  phase  field  exhibits  a  complex  transformation  path  diat 
begins  widi  a  martensitic  transformation  from  cubic  to  hexagonal  and  ends  with  a  transformation, 
from  0(2  to  Orthorhombic  phase.  During  these  stages  a  complex  domain  structure  is  formed. 
Qiaracteristic  of  die  this  transition,  is  a  small  transformation  strain  between  the  two  phases  whidi 
can  be  accommodated  by  platelet  form  and  symmetric  arrangement  of  rotational  domains  of  the 
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ower  symmetry  orthorhombic  phase. 


rhe  Crystal  Structure  of  the  TUAlNb  Orthorhombic  Phase  -  The  results  of  a  neutron  diffraction 
itudy,  performed  in  collaboration  with  B.  Mozer,  Re2u:tor  Radiation  Division,  NIST,  confirm  and 
efine  die  structure  of  the  orthorhombic  phase  in  the  Ti-Al-Nb  system  (Paper  tH).  The  structure  is 
Zmcm  (HgNa  or  Cd3Er)  with  a=0.6089  run,  b=0.9569  nm,  and  c=  0.4667  nm.  Ti(Nb)  fills  the 
Ig  site,  A1  fills  one  4c  site,  and  Nb(Ti)  fills  another  4c  she.  The  structure  involves  ternary  ordering 
>f  die  hexagonal  D0^9  phase.  The  ordering  causes  a  break  of  die  hexagonal  syimnetry  and 
xirresponding  distortion  of  the  unit  cell;  viz.,  contraction  of  the  b  and  expansion  of  the  a 
[larameters.  The  c  parameters  of  the  two  phases  are  essentially  identical.  Conpared  to  a  random 
mixture  of  Ti  and  Nb  on  the  Ti  sites  of  ^2,  the  ternary  ordering,  coordinate  diange,  and  distortion 
to  the  orthorhombic  phase  permit  an  increase  of  Al-Nb  distances  from  0.285-0.289  nm  to  0.302- 
0.306  nm  i^ile  slightly  reducing  the  Al-Ti  distances  to  0.280-0.28S  nm.  These  distances  are 
consistent  widi  estimates  of  L-J  potentials  for  Al-Ti  and  Al-Nb  vdiich  yield  minima  at  interatomic 
distances  of  0.279  and  0.292  nm. 

Two-Phase  structures  of  orthorhombic  and  nonshearable  omeua  structures  in  Ti-Al-Nb  Intermetallic 
Altovs  -  Based  upon  research  involving  the  ordered  on^ga  phase  developed  under  previous  DARPA 
Order  #6065  and  continued  under  the  present  program  (Paper  #8),  a  series  of  Ti-Al-Nb  alloys  in  die 
following  conqiosition  range:  48-52  at%  Ti,  28-32  at%  Al,  16-20  at%  Nb  were  investigated  (Paper 
(9).  The  alloys  are  intended  to  have  tow  density,  room  temperature  ductility  and  high-tenqierature 
strength  and  stability  for  possible  aerospace  sq)plications.  The  high  strength  and  microstructural 
stability  is  adiieved  when  these  alloys  are  induced  by  proper  heat  treatment  to  form  a  natural  (in 
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diemiodynainic  equilibrium)  composite  of  relatively  ductile  ortiioitiombic  Ti2AlNb  and  plastically 
unshearable  omega-type  B82  intermetallic  phases. 

Ti-Al-Nb  Phase  Diagram  Calculation  -  In  order  to  iitterpolate  and  extra^late  the  above  data  and 
those  of  other  researchers  to  other  compositions  and  ten:q)eratures  in  a  thermodynamically  consistent 
manner,  calculation  of  the  Ti-Al-Nb  system  has  been  performed  (Paper  #10).  The  description  of 
die  Nb-Al  binary  recently  developed  at  NIST  was  used  togetiier  with  the  descriptions  of  the  Ti-Al 
system  by  Chang  and  co-workers  and  Nb-Ti  by  Kaufman  and  Nesor.  From  experiments  it  is  known 
tiiat  the  intermetallic  compounds  that  exhibit  wide  ranges  of  homogeneity  in  tile  Nb-Al  and  Ti-Al 
binaries  also  reveal  wide  ranges  of  homogeneity  in  the  ternary  Nb-Ti-Al  system.  Also,  the 
isomorphous  con^unds  NbAl3  and  TiAl3  form  a  continuous  solid  solution.  In  order  to  model  the 
ternary  ranges  of  the  intermetallic  compounds  Nb3Al,  Nb2Al,  T^Al  and  TLAl  ternary  interaction 
energies  were  necessary.  The  calculated  diagram  generally  produced  the  correct  lines  of  two  fold- 
saturation  for  the  liquidus  surface  and  reproduced  all  solid  equilibria  within  the  precision  of  the 
eiqierimental  data  exc^t  for  phase  fields  involving  the  orthorhombic  phase.  The  diagram  provides 
valuable  and  useful  data  for  subsequent  alloy  development  and  suggests  experiments  to  be  carried 
out  in  critical  compositional  and  ten^ierature  ranges  in  order  to  elucidate  more  fully  tiie  phase 
equilibria  in  this  important  system. 
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isearch  Highlight  -  Investigation  of  AUTiTa  and  MoSU-based 


lase  Equilibrium  in  Alloys  of  Composition  AUTiTa  -  Research  at  Lockeed  and  Pratt  Whitney  has 
monstrated  that  the  con^sition  Al2TiTa  has  good  oxidation  resistance  at  tenq)eratures 
proaching  1500*C.  The  ternary  phase  diagram  of  this  system  is  not  known.  In  order  to  provide 
sound  data  base  for  heat  treatment  and  further  alloy  development,  the  phases  present  in  this  alloy 
itween  1200  and  1550*C  have  been  determined.  The  solidus  for  diis  alloy  is  ~1575*C.  Below 
e  solidus  the  alloy  lies  in  a  broad  BCC  solution  phase  region  that  extends  into  the  ternary  from 
e  binary  BCC  (Ti,Ta)  solid  solution  phase.  Between  1500  and  1425*C,  the  alloy  consists  of  BCC 
id  HCP.  The  HCP  phase  region  extends  into  the  ternary  from  the  Ti  HCP  phase.  At  1400*C  die 
loy  consists  of  BCC,  HCP  and  o  phases.  The  a  phase  extends  into  the  ternary  from  the  binary 
phase  based  on  the  composition  Ta2Al.  Between  1375*  and  1350*C  the  alloy  is  two-phase  HCP 
id  a.  At  1330*C  the  alloy  is  composed  of  three  phases:  HCP,  a,  and  y.  The  y  phase  extends 
om  the  binary  TLAl  phase.  Below  1325*C  the  alloy  consists  of  a  and  7  (Paper  #  11). 

MoSU-  based  alloys  -  One  candidate  material  for  high  tenperature  applications  surpassing 
e  ctpability  of  Ni-based  superalloys  is  MoSi2.  Despite  its  excellent  oxidation  resistance  due  to  die 
irmation  of  a  continuous  Si02  scale,  it  is  clear  that  monolithic  MoSi2  lacks  adequate  mechanical 
•operties.  A  paper  was  presented  (jointly  with  J.H  Perepezko,  University  of  Wisconsin-Madison) 
the  First  Disilicides  Workshop  (Ptper  #12)  that  reviewed  the  literature  on  ternary  phase  diagram 
ita  for  a  number  of  systems  involving  MoSi2.  Ternary  diagrams  are  necessary  to  understand  die 
actions  that  occur  in  various  composites  based  on  MoSi2  and  are  very  useful  to  develop  strategies 
ir  alloy  design.  For  exanple,  die  high  temperature  stability  of  various  artificially  introduced 
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reinforcements  were  examined,  such  as  Nb  or  SiC  in  a  MoSi2  matrix,  the  former  being  prone  to 
reaction  products  while  the  latter  is  a  stable  composite.  Parts  of  the  MoSi2  -  TiSi2  and  MoSi2  -  TaSi2 
quasibinary  diagrams  were  measured  experimentally  to  determine  the  possibility  for  developing  two- 
phase  structures  of  the  Cl  ^  and  C40  crystal  structures.  The  phase  equilibria  exhibited  in  these 
systems  lead  to  the  conclusion  that  there  is  no  C40  high  ten^)erature  polymorph  in  pure  MoSi2. 
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Abstract 

Thermodynamic  constraints  on  permissible  values  of  temperature,  liquid  composition,  solid  composi¬ 
tion  and  long-range  order  parameter  at  the  freezing  interface  during  non-equilibrium  solidification  of 
intermetallic  phases  are  defined  in  terms  of  the  liquid  and  solid  free  energy  functions. 


1.  Introduction 

Any  solidification  process  involving  solute 
trapping  and  interface  undercooling  must  involve 
a  free  energy  decrease.  Baker  and  Cahn  [1]  have 
used  this  fact  to  describe  the  domain  of  possible 
solid  compositions  that  can  form  for  various 
liquid  compositions  at  a  given  temperature  during 
rapid  solidification.  The  free  energy  change  for 
solidification  is  given  by 

+  (1) 

where  is  the  solid  molar  free  energy,  and 

are  the  liquid  chemical  potentials  for  com¬ 
ponents  A  and  B,  and  4:^^  and  Xs^  are  the  mole 
fractions  of  A  and  B  in  Ae  solid.  Equation  (1)  is 
the  basis  for  the  usual  “tangent  to  curve  construc¬ 
tion”  to  graphically  show  the  change  in  free 
energy  for  a  given  phase  change.  is  evaluated 
for  the  composition  of  the  solid  phase  at  the  inter¬ 
face  and  and  Mb''  evaluated  for  the  com¬ 
position  of  the  liquid  phase  at  the  interface. 
Figure  1(a)  shows  this  construction  for  one  tem¬ 
perature  and  Fig.  1(b)  shows  the  allowable  range 
of  solid  compositions  that  can  form  from  a  given 
liquid  composition  at  various  temperatures  [2]. 

Non-equilibrium  solidification  of  intermetallic 
phases  that  are  normaUy  ordered  to  the  solidus 
also  must  satisfy  thermodynamic  constraints.  The 
long-range  order  parameter  and  composition  are 
constrained  as  a  function  of  the  interface  values 
of  the  liquid  composition  and  temperature. 

0921-5093/91/$3.50 


Indeed  the  observations  of  rapidly  solidified 
phases  with  hi^  densities  of  antiphase  domains 
when  the  phase  is  normally  ordered  to  the  melt¬ 
ing  point  is  a  clear  indication  that  disorder  has 
been  trapped  by  the  process  of  rapid  solidifica¬ 
tion  [3-7].  The  antiphase  boundaries  (APBs) 
result  from  the  ordering  of  a  disordered  phase 
made  by  the  solidification  process  during  post¬ 
solidification  cooling.  The  present  ptaper  defines 
the  thermodynamic  constraint  on  long-range 
order  and  composition  during  the  rapid  crystal¬ 
lization  of  intermetallic  phases. 


Z.  Method 

The  method  of  Baker  and  Cahn  can  be  gen¬ 
eralized  to  treat  chenucally  ordered  solid  phases 
[8]  using  a  free  energy  for  the  solid  phase,  which 
includes  the  dependence  on  long-range  order 
parameter  as  well  as  the  composition  and  tem¬ 
perature.  The  condition  AG<0  yields  domains 
of  the  allowable  order  parameter  and  solid  com¬ 
position  that  can  solidify  from  various  liquid 
compositions  at  a  given  temperature.  Any  pre^c- 
tion  of  a  kinetic  model  must  yield  values  of  order, 
solid  composition,  and  temperature  for  each 
liquid  composition  and  growth  velocity  consistent 
with  these  domains. 

Quantitative  predictions  of  this  constraint 
require  good  thermodynamic  models  for  the 
phases  of  interest  The  data  base  for  thermo- 
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dynamic  modelling  is  poor.  Measurements  of  the 
equilibrium  order  parameter  are  often  not  avail¬ 
able,  especially  for  materials  of  technological 
interest  with  high  melting  points.  Additionally 
separate  thermodynamic  free  energy  functions  are 
often  used  for  the  ordered  and  the  disordered 
phases  in  phase  diagram  modelling.  The  present 
theory  requires  a  single  potential  that  represents 
both  the  ordered  and  disordered  phases.  It  is 
important  to  note  that  many  complex  ordered 
phases,  such  as  a  phases,  bear  no  resemblance  to 
simple  disordered  structures  such  as  b.c.c.  and 
thus  no  single  solid  free  energy  can  represent 
both  the  ordered  and  disordered  phases.  This 
theory  is  not  applicable  to  cases  where  such  com¬ 
plex  phases  are  eliminated  by  rapid  solidification 
and  replaced  by  a  simpler  disordered  phase. 

3.  Results  and  discussion 

The  conditions  of  equilibrium  between  a  liquid 
and  an  ordered  solid  phase  [8]  can  be  given  in 
terms  of  the  molar  free  energies  of  the  liquid 
which  is  a  function  of  temperature  T  and  liquid 


composition  x^,  and  of  the  solid  G^,  which  is  a 
function  of  T,  solid  composition  x^,  and  long- 
range  order  parameter  rf  as 

(2) 


:  ac  *  aG„ 


=  Gl-x, 


dxe"  '  a 


*  axB^ 


-Gl  (1  . 


(3) 


(4) 


Equation  (2)  expresses  the  condition  of  equi¬ 
librium  order  in  the  solid,  while  eqns.  (3)  and  (4) 
give  the  liquid-solid  equilibrium. 

These  conditions  are  depicted  geometrically  in 
Fig.  2  for  some  fixed  temporature.  The  solid  fi’ee 


(b) 


Fig.  1.  (a)  Schematic  fiee  energy  vs.  composition  diagram  at 
the  temperature  indicated  on  the  phase  diagram  (b)  lowing 
the  ‘^gent  to  curve”  construction  to  olnain  AC  for  the 
phase  change  from  liquid  of  composition  to  solid  of 
various  compositions.  The  cross-hatched  region  super¬ 
imposed  on  the  phase  diagram  defines  those  solid  composi¬ 
tions  at  the  various  temperatures  where  AC<0.  Only  &ese 
states  are  thermodynamically  possible  non-eqtnlibrium  pro¬ 
ducts  of  solidification. 


Fig.  2.  Equilibrium  between  an  ordered  solid  and  a  liquid  is 
given  by  a  plane  with  dC^/di;  ~  0  that  is  tangent  to  die  free 
energy  surftux  for  the  ordered  solid  and  the  usual  curve  for 
the  liquid.  The  tangent  plane  defines  the  equilibrium  solid 
and  liquid  compositions,  Xg’  and  Xg^,  as  w^  as  the  equi¬ 
librium  value  of  the  order  parameter  (a)  and  (b)  r^resent 
solids  with  and  without  a  minimum  along  i;  ^  0  correspond¬ 
ing  to  solids  which  would  undergo  metastaUe  first-order  or 
second-order  ordering  transitions  above  their  solidi.  The 
solid  free  energy  surface  is  shown  truncated  at  the  tangent 
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energies  shown  are  even  functions  of  j?  ( +  17  and 
-  T]  are  equivalent  in  energy)  and  have  two 
general  shap)es  depending  on  whether  the  solid 
state  ordering  reaction,  which  for  these  consi¬ 
derations  occurs  above  the  solidus,  is  first  order 
or  second  order.  Figure  2(a)  shows  the  case  of  a 
first-order  ordering  reaction  with  a  minimum 
along  7  =  0,  while  Fig.  2(b)  shows  a  second-order 
ordering  reaction  with  a  maximum  along  r]  =  0. 
Both  have  their  lowest  extrema  at  ±17/0,  which 
correspond  to  the  equilibrium  order  for  each 
composition  of  solid.  The  liquid  free  energy  lies 
only  in  the  -  Xg  plane.  Equilibrium  is  given  by 
the  lowest  plane  tangent  to  the  solid  free  energy 
surface  and  the  liquid  free  energy  curve.  The 
plane  must  have  dGJdri  =  0  independent  of 
whether  is  even  in  17. 

To  inspect  the  range  of  allowable  solid  com¬ 
position  and  order  parameter  for  a  fixed  tem¬ 
perature  and  liquid  composition  one  merely 


Fig.  3.  Curves  of  solid  compositions  and  order  parameters 
wlwre  AG~0  for  a  given  temperature  and  liquid  composi¬ 
tion  are  given  by  the  intersection  of  the  solid  free  energy 
surface  with  a  plane  tangent  to  the  liquid  free  energy  curve  at 
with  dCj/dtj—O.  The  regions  inside  the  projection  of 
these  curves  onto  the  composition-order  parameter  piane 
correspond  to  possible  non-equilibrium  soMificadon  states 
where  AG<0.  The  solid  free  energies  are  as  in  (a)  and  (b)  of 
Fig.  2. 


constucts  the  tangent  plane  (with  dGJdij^O)  to 
the  liquid  curve  at  the  liquid  composition  of  inter¬ 
est,  as  shown  in  Figs.  3(a,b).  The  intersection 
curve  of  this  plane  with  the  solid  free  energy  sur¬ 
face  de&nes  the  condition  AG  =  0  according  to 
eqn.  (1).  Solid  compositions  and  order  param¬ 
eters  inside  this  curve  (values  where  G„^  is  below 
the  tangent  plane)  define  thermodynamically 
allowable  (AG  <  0)  solid  conditions. 

Quantitative  results  will  be  given  for  hypotheti¬ 
cal  alloys  with  phase  diagrams  having  a  con- 
gruently  melting  ordered  phase  at  Xg  =  0.5  using 
die  following  form  of  the  solid  free  energy  G„* 
[8].  This  form  will  also  permit  predictions  when 
the  order-disorder  transition  is  first  order  or 
second  order 

Q,{xg^(  1  -  Xg^) -I- ii72} -I- 02'/“ 

-t- ^/?r{(xg^  -  i  J7)ln(xg*  -  5)7) 

+  (->CB^  +  j»7)ln(xg*  +  i»7) 

-H  ( 1  -  Xg*  -  ^77)  In  ( 1  -  Xg^  -  ^77) 

+(l-Xg*  +  i7)ln(l-XBS  +  J;7)}  (5) 

where  G^*  and  Gg*  are  the  free  energies  of  pure 
solid  A  and  B  and  Q,  and  Q2  are  constants.  If 
Q2“0  and  Q,  <0,  eqn.  (5)  describes  a  Bragg- 
Williams  phase  with  near  neighbor  interaction  Qj 
and  ideal  entropy.  If  Q2'^()  and  12Q2  the 
transition  between  the  ordered  and  disordered 
phases  is  a  first-order  phase  transition. 

Figures  4(a)  and  5(a)  show  calculated  phase 
diagrams  using  an  ideal  liquid  and  solids  with  the 
constants  given  in  Table  1  with 

Ga*--  =  Gg*--  Gg*  =  5(  -  T)  (6) 

where  G^^"  and  Gg*-  are  the  free  energies  of  pure 
liquid  A  and  B  and  where  5  and  are  the 
entropy  of  fusion  and  melting  point  of  the  pure 
components  (assumed  equal). 

Figures  4(b,c)  show  curves  of  AG=0  for 
liquids  of  composition  0.5  (at  the  congruent  melt¬ 
ing  maximum)  and  0.4  respectively  projected 
onto  the  x-tj  plane  for  various  temperatures  of 
solidification.  The  area  inside  the  curves  satisfies 
the  condition  AG<  0.  At  the  liquidus  temperature 
of  the  phase  diagram  (equilibrium)  only  a  single 
solid  composition  and  order  parameter  are  per¬ 
mitted.  At  lower  temperatures  the  range  expands 
as  shown. 


Fig.  4.  (a)  Calculated  phase  diagnin  between  liquid  L, 
ocdeted  solid  0,  and  disordered  solid  D,  and  curves  for 
AC*0  at  various  temperatures  for  a  Bragg-WiUiams  solid 
and  an  ideal  liquid  for  a  composition  (b)  at  the  congruent 
mehing  maximum  for  the  ordered  phue  0  in  the  phase 
diigram  (xa‘-~0.S)  and  (c)  away  from  the  maximum 
(^^■■0.4).  Regions  inside  the  curves  defiiK  solid  conqxMi- 
tkms  and  order  parameters  where  AG<0.  There  is  no 
metastaUe  liquidus  and  solidus  for  the  disordered  phase. 


Fig.  5.  (a)  Calculated  phase  diagram  and  curves  for  AG- 0 
at  various  ten^teratures  for  a  solid  with  a  fost-order  ordering 
reaction  and  an  ideal  liquid  for  a  composition  (b)  at  the  con¬ 
gruent  melting  maximum  in  the  phase  diagram  (z,^— 0.5)  and 
(c)  at  Xa'--0.4.  Regions  inside  the  curves  de&e  solid  com- 
positiaas  and  order  parameters  where  AG  <0.  The  dashed 
curves  in  (a)  are  the  metastable  liquidus  and  solidus  of  the 
disordeted  phase. 
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TABLE  1 

Choice  of  thennodynamic  parameters 


Solid  thermo. 

7-„(K) 

S/R 

ajR(K) 

Q,/«(K) 

QzIRiiL) 

First  order 

1000 

2 

0 

-2000 

-566.2 

Second  order 

1000 

2 

0 

-3000 

0 

For  kinetic  reasons,  the  portions  of  these 
curves  that  are  most  important  involve  the 
regions  of  rj  and  that  are  closest  to  zero  and 
respectively.  Such  states  are  favored  under 
rapid  solidification  conditions  because  they 
require  the  minimum  of  diffusional  sorting  of  the 
components  in  the  liquid  prior  to  crystallization. 
In  the  case  of  Figs.  4(b,c)  (second-order  ordering 
reaction),  the  minimum  value  of  the  order  param¬ 
eter  allowed  decreases  towards  zero  continuously 
as  the  temperature  of  solidification  is  decreased. 
For  a  liquid  composition  away  from  the  con¬ 
gruent  melting  maximum  (Fig.  4(c))  one  can  see 
that  at  some  temperatures  of  solidification  (e.g. 
1366  K)  a  solid  can  form  with  zero-order  param¬ 
eter  but  not  with  the  same  composition  as  the 
liquid.  Only  at  temperatures  lower  than  those 
shown  is  the  formation  of  a  disordered  solid  with 
the  same  composition  as  the  liquid  possible. 

For  a  first-order  ordering  reaction  for  the  solid, 
curves  of  AG=0  are  shown  for  liquid  composi¬ 
tions  of  0.5  and  0.4  in  Figs.  5(b,c).  The  tops  of  the 
curves  are  omitted  and  lie  very  close  to  the  limit¬ 
ing  values  of  the  order  parameter  possible  at  each 
composition  (|i»7l<XB®  and  |2>7l<  1 -Xg*).  In 
addition  to  the  range  around  the  equilibrium,  an 
island  of  states  surrounding  the  zero-order 
parameter  appears  as  the  temperature  is  reduced 
below  the  metastable  liquidus  of  the  disordered 
phase,  shown  as  the  dashed  line  in  Fig.  S(a).  The 
presence  of  this  island  permits  a  discontinuous 
jump  in  the  order  parameter  and  composition  of 
the  freezing  solid  as  the  solidification  tempera¬ 
ture  drops.  For  a  liquid  composition  away  from 
the  congruent  melting  maximum  (Fig.  4(c))  one 
can  see  that  at  some  temperatures  of  solidifica¬ 
tion  {e.g.  1250  K),  a  solid  can  form  with  the  same 
composition  as  the  liquid  yet  still  be  ordered, 
contrary  to  the  case  above.  Clearly  these  details 
depend  on  the  shape  of  the  free  energy  surfaces. 

4.  Conclusion 

For  a  liquid-solid  interface  that  is  at  local  equi- 
libritun,  the  interface  temperature  and  liquid 


composition  uniquely  define  the  solid  composi¬ 
tions  at  the  inteiface  as  well  as  the  long-range 
order  parameter  of  the  growing  solid.  For  depar¬ 
tures  from  equilibrium  this  uniqueness  is  lost.  For 
example,  for  a  fixed  liquid  composition  at  the 
interface,  a  range  of  solid  compositions  and  order 
parameters  are  allowed  thermodynamically 
depending  on  the  interface  temperature.  The 
hipest  temperature  where  the  solid  can  have  the 
same  composition  as  the  liquid  (the  Tq  tempera¬ 
ture)  and  Ae  highest  temperature  where  the  solid 
can  have  zero  long-range  order  parameters  are 
identified.  The  results  depend  on  the  shape  of  the 
solid  free  energy  surface  as  a  function  of  com¬ 
position  and  order  parameter.  In  particular  the 
constraints  are  quite  different  for  solids  whose 
order-disorder  transitions  are  first  order  or 
second  order. 
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Abstract 

Pulsed  laser  melting  and  rapid  resolidification  can  induce  disorder  trapping  in  NijAlTi  at  the  solidifica¬ 
tion  interface.  The  alloy  formed  from  the  melt  with  the  nonequilibrium  B2  structure  and  subsequently 
transformed  to  the  equilibrium  L2i  Heusler  structure  during  cooling  to  room  temperature. 


1.  Introduction 

We  consider  here  experiments  in  which  an 
ordered  intermetallic  alloy  forms  a  related  and 
less  (chemically)  ordered  phase  during  rapid 
solidification  [1-6],  e.g.  b.c.c.  instead  of  B2  or 
f.c.c.  instead  of  Llg.  In  this  case,  the  transition  to 
the  nonequilibrium  phase  can  be  described  theo¬ 
retically  by  a  decrease  in  the  long-range  order 
parameter  of  the  growing  crystal  to  zero.  A  model 
of  interface  kinetics  [6]  predict  this  decrease  with 
increasing  interface  growth  speed  for  a  simple 
AB  compound.  A  critical  velocity  Vj  above 
which  the  alloy  must  form  the  disorder^  phase 
(complete  disorder  trapping)  is  approximately 
given  by 

Vr^^V^KTJT^)-!]  (1) 

where  is  the  ratio  of  the  interface  diffusivity  to 
the  jump  distance,  Tq  is  the  critical  temperature 
for  the  order-disorder  transition  and  7m  is  the 
solidus  temperature  of  the  compound.  Only 
phases  that  are  ordered  at  their  solidus  point  are 
considered,  i.e.  Tq/Tm>1-  Large  values  of  T^, 
which  relate  directly  to  the  strength  of  ordering, 
require  large  velocities  to  trap  complete  disorder. 

In  experiments  it  is  usually  difficult  to  retain 
the  disordered  phase.  Typically  the  microstruc- 
tural  signature  of  complete  disorder  tr^)ping  is  a 
high  density  of  antiphase  boundaries  (APBs)  in 
the  ordered  phase.  These  occur  because  the  dis¬ 
ordered  phase  produced  by  the  solidification  pro¬ 
cess  usually  transforms  to  the  equilibrium 


ordered  phase  quite  rapidly  during  solid  state 
cooling  to  room  temperature.  Although  one 
might  speculate  that  such  APBs  occur  as  growth 
defects  directly  at  the  interface,  rapidly  solidified 
alloys  in  general  do  not  have  a  high  density  of 
stnumiral  defects  such  as  dislocations,  stacking 
faults  or  twins.  The  high  density  of  APBs  may  be 
important  technically  as  a  way  to  alter  the  path  of 
microstructural  change  that  occurs  during  subse¬ 
quent  heat  treatment  [7]. 

The  present  paper  examines  experimentally 
the  case  where  the  equilibrium  phase  has  two 
levels  of  disorder.  We  ^1  determine  whether  the 
Heusler  alloy,  Ni2AlTi,  with  the  L2,  (DO3)  crys¬ 
tal  structure  will  form  a  less  ordered  related  crys¬ 
tal  structure,  B2  or  even  possibly  b.c.c.,  after  lawr 
surface  melting  and  rapid  resolidification.  This 
composition  Im  a  congruent  melting  maximum 
[4,  8]  in  the  phase  diagram  at  (1S13±S)°C  [9]. 
Previous  research  on  a  series  of  NlAl-NiTi  alloys 
[4]  has  shown  that  melt  spinning  can  produce  the 
B2  structure  at  compositions  near  the  eutectics  of 
NijAlTi  with  both  NlAl  and  NiTi. 


2.  Experimental  procedure 

Arc-melted  material  of  composition  Ni2TiAl 
was  homogenized  by  heat  treatment  at  1400  in 
gettered  argon  for  6  h.  The  grain  size  was  "  0.2 
mm-  Disks  3  mm  in  diameter  and  1  mm  thick 
were  prepared  by  diamond  sawing  and  spark 
cutting,  litter  surface  melting  and  resolidification 
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of  metallographically  polished  disks  was  per¬ 
formed  using  a  pulsed  eximer  (XeCl,  A  =  308  nm) 
laser  with  a  40  ns  pulse  duration  with  300-400 
mJ  of  pulse  energy.  Melting  was  performed  with 
either  a  spatially  uniform  beam  using  a  commer¬ 
cial  beam  homogenizer  or  with  a  focused  beam. 
In  the  first  case,  one-dimensional  heat  flow  is 
obtained  and  simultaneous  measurement  of 
reflectivity  with  an  Ar"^  ion  (A  =  488  nm)  probe 
laser  was  used  to  determine  the  time  that  the 
specimen  surface  was  molteiL  This  measurement 
permits  an  estimation  of  the  solidification  velocity 
by  way  of  heat  flow  calculations.  For  the  speci¬ 
mens  examined  by  TEM  a  focused  beam  was 
used  to  generate  a  range  of  solidification  veloci¬ 
ties  in  the  single  laser  shot. 

TEM  samples  were  prepared  by  back  grinding 
and  one-sided  electropoUshing  and  ion  milling  to 
preserve  the  thin  ( ~  1  fim)  melted  region.  The 
melted  side  was  protected  with  lacquer.  Sample 
preparation  was  quite  difficult  because  of  micro¬ 
cracking  in  the  melted  regions,  as  shown  in  Fig.  1. 

High-temperature  X-ray  powder  diffraction 
studies  were  also  performed  on  the  homogenized 
material  to  be  certain  of  the  presence  of  L2, 
order  up  to  the  melting  point  Diffraction  sam¬ 
ples,  3  mm  diameter  X 1  mm,  were  made  from 
homogenized  alloy,  groimd  to  ~  160  nm  powder, 
and  cold  pressed  in  a  WC  die  at  4  GPa.  During 
hi^-temperature  diffraction,  samples  were  sup¬ 
ported  on  a  horizontal  tantalum  strip  heater 
coated  with  a  thin  Y2O3  layer  and  were  equili¬ 
brated  for  SO  min  at  each  temperature  before  the 
data  collection.  Tenqjerature  was  measured  with 
a  Pt-Rh  thermocouple  welded  to  the  back  side  of 
the  heater.  Sample  temperatures  were  checked 
with  an  optical  pyrometer.  Diffraction  was  per¬ 
formed  in  getter^  heliunt 

3.  Results  and  discussion 

High  temperature  X-ray  diffraction  profiles 
(Fig.  2)  show  the  presence  of  the  111  and  200 
peaks  of  the  L2i  structure  at  the  nominal  tem¬ 
peratures  of  600  *C,  975  "C,  1375*0  and 
1500  *C  (a  -  5.92  A,  5.95  A,  5.98  A  and  5.99  A 
respectively).  This  indicates  the  presence  of 
Hmisler  L2i  order  at  aU  measured  temperatures 
under  equil^rium  conditions.  The  disappearance 
of  the  1 1 1  peak  would  have  indicated  a  transition 
from  L2j  order  to  B2  order.  The  disappearance 
of  the  200  peak  would  have  indicated  a  transition 
from  B2  order  to  b.c.c.  Optical  pyrometry  indi¬ 


cates  that  sample  temperatures  were  approxi¬ 
mately  75  °C  lower  than  the  nominal 
temperamres  and  thus  the  highest  temperature 
measured  was  ~  100  *C  below  the  melting  point. 
Examination  of  integrated  intensities  for  the  1 1 1 
peak  corrected  for  the  Debye-Waller  factor 
shows  little  decrease  in  L2,  order  as  a  function  of 
temperature,  as  might  have  been  expected  if  the 
alloy  were  to  disorder  just  below  the  melting 
point.  (This  transition  is  crystaUographically  per¬ 
mitted  to  be  second  order  with  a  continuous  dec¬ 
rease  in  order  parameter  to  zero  with  increasing 
temperature.)  Thus  one  concludes  that  NijTlAl 
has  L2i  order  at  its  melting  point. 

Figure  3(a)  shows  the  reflectivity  of  a  sample 
measured  with  the  probe  laser  during  surface 
melting  and  resolidification  for  a  case  with  a  later¬ 
ally  uniform  homogenized  beam  with  a  measured 
fluence  of  4.2  J  cm“^  from  the  pulsed  laser.  The 
time  the  surface  is  molten  is  seen  to  be  ~  80  ns. 


Fig.  1.  (a)  Optical  micTograph  of  an  ion-milled  TEM  sample 
showing  meit  zone  and  the  location  of  the  perforation, 
(b)  Low  magnification  TEM  view  of  perforation  showing 
cracking  in  sample. 
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Using  values  of  the  thermophysical  properties  of 
nickel  [10]  to  approximate  those  of  the  inter- 
metallic  except  for  the  melting  point,  and  an 
energy  reflectivity  for  the  pulsed  laser  of  0.76  and 
0.7 1  for  the  solid  and  liquid  respectively,  a  good  fit 
to  the  measured  melt  duration  vs.  fluence  data  (Fig. 
3(b))  is  obtained.  These  same  calculations  yield 
estimates  for  the  solidification  velocity  of  8-20  m 
s"‘  and  estimates  of  the  melt  depth  of  0.8-0.2 
jitn  for  fluence  values  between  6  J  cm“^  and  3  J 
cm"^  respectively.  For  this  pulsed  laser  and  this 
material,  these  values  serve  as  practical  limits  to 
the  range  of  solidification  velocities.  Surface 
vaporization  would  limit  heat  imput  for  higher 
values  of  the  fluence  while  the  length  of  the  laser 
pulse  limits  velocities  at  lower  values  of  the 
fluence.  The  estimated  velocity  scales  approxi¬ 
mately  as  the  ratio  of  conductivity  to  the  latent 
heat  so  that  as  better  thermophysical  data 
become  available,  these  estimates  may  be  revised 
accordingly. 

For  the  samples  examined  by  TEM,  the  laser 
was  intentionally  focused  to  cover  a  range  of 
energy  densities  in  a  single  shot  and  growth 
velocities  following  the  above  discussion  were 
between  8ms"'  and  20  m  s"'.  Figure  4(a)  is  a 
bright  field  micrograph  from  the  melted  region 
showing  a  ~  0.3  /nm  grain  size  which  is  10^  times 
finer  than  the  starting  material.  This  refinement 
of  grain  size  indicates  that  the  growth  was  not 


Fig.  2.  High  temperature  X-ray  di^acdon  profiles  showing 
the  presence  of  1 1 1  and  200  peaks  at  the  nominal  tempera¬ 
tures  of  600  *C,  975  *C,  1350  *0  and  1500  *C  indicating  the 
presence  of  Heusler  L2,  order  at  all  temperatures  under 
equilibrium  conditions.  Optical  pyrometry  indicates  that 
sample  temperatures  were  approximately  75*C  lower  than 
the  nominal  temperatures. 


epitaxial  from  the  underlying  alloy.  However,  esti¬ 
mates  of  the  regrowth  velocity  discussed  above 
remain  reasonable  because  the  grain  size  is  com¬ 
parable  with  the  calculated  melt  depth. 

The  inset  in  Fig.  4(b)  shows  the  SAD,  which 
confirms  the  presence  of  1 1 1  reflections  indicat¬ 
ing  the  presence  of  L2j  order  in  the  grains.  How¬ 
ever,  the  grains  contain  a  high  density  of 
antiphase  boundaries  in  the  L2,  structure,  as 
shown  in  the  111  dark  field  image  of  Fig.  4(b). 
These  domain  boundaries  have  (100)  displace¬ 
ments  indicating  that  they  result  from  the  occur¬ 
rence  of  a  B2  to  L2i  transition.  No  evidence  of 
APBs  with  (111)  displacements  was  detected  in 
dark  field  images  using  200  reflections  indicating 
the  absence  of  a  b.c.c.  to  B2  transition.  These 
observations  strongly  suggest  that  the  rapid  soli¬ 
dification  produced  the  B2  structure  and  that 
subsequent  cooling  to  room  temperature  pro¬ 
duced  the  L2i  structure  and  the  fine  domains. 
Thus  we  conclude  that  solidification  velocities 


XeCI  Fluence  (J/cm*) 


Fig.  3.  (a)  Reflectivity  vs.  time  measured  by  an  Ar'^  ion  probe 
la^  from  the  surf^  of  a  NijTiAl  sample  during  surf^ 
melting  and  resolidification  with  a  XeO  laser  with  a 
measured  fluence  of  4.2  J  cm'^.  (b)  Measured  melt  duration 
vs.  fluence  data  and  fit  obtained  using  heat  flow  model  with 
pulsed  laser  reflectances  of  0.76  and  0.71  for  the  solid  and 
liquid  respectively. 


595 


Fig.  4.  (a)  TEM  bright  field  micrograph  showing  the  grain 
size  in  the  surface  melted  and  resolidified  region,  (b)  111 
dark  field  TEM  micrograph  showing  fine  APBs  in  the  sur¬ 
face  melted  and  resolidified  region.  Under  these  imaging 
conditions  the  APBs  can  be  identified  as  (100)  type  which 
occur  during  solid  state  B2  and  L2,  ordering.  SAD  shows  the 
presence  of  L2,  order. 

between  8  m  s~^  and  20  m  s"^  are  sufficient  to 
suppress  the  formation  of  the  equilibrium 
phase  and  produce  the  B2  phase.  At  present  it 
has  not  been  determined  experimentally  whether 
higher  solidification  rates  might  suppress  the  B2 
phase  and  produce  the  b.c.c.  structure. 

For  comparison  with  eqn.  ( 1 ),  values  for  for 
the  B2  to  L2j  transition  and  for  the  b.c.c.  to  B2 
transition  are  estimated  using  the  cluster  variation 
method  (CVM)  as  ~2925K  and  5000  K 
respectively  [11].  This  yields  values  for  Vj  of 


0.6  Vjy  and  1.8  to  suppress  L2i  and  B2 
order  respectively.  A  value  for  Vj)  of  12  m  s'* 
would  provide  consistency  between  theory  and 
experiment.  This  is  of  the  same  order  of  magni¬ 
tude  as  the  value  of  determined  in  solute 
trapping  experiments  in  metallic  systems  [12]. 

4.  Conclusion 

Rapid  solidification  at  velocities  in  the  range  of 
8-20  ms"*  are  sufficient  to  suppress  the  forma¬ 
tion  of  the  equilibrium  L2i  ordered  structure  but 
not  the  less  ordered  B2  structure  in  Ni2TiAl. 
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Upon  cooling  from  the  or  B2  phase  field,  Ti-Al-Nb  alloys  exhibit  a  complex  transformation 
path  depending  on  composition  and  cooling  rate.  Tlie  transformation  path  establishes  a  hierarchy 
of  microstructural  scales  which  allows  one  to  trace  the  transformation  sequence.  Another  hierardiy 
spears  as  a  change  of  crystallographic  symmetry  according  to  subgroup  and  supergroup  relations 
between  the  phases.  The  subgroup  relations  establish  the  mm  features  of  the  domain  structure. 

In  the  present  work  the  microstrucmre  and  transformation  of  two  alloys  cooled  from  1 100  *  C 
were  investigated.  For  a  TUAlNb  alloy,  a  B2  ordered  phase  transforms  directly  to  the  orthorhombic 
low  ten^rature  phase.  For  a  Ti5Al2Nb  alloy,  the  BCC  phase  transforms  to  a  hexagonal  phase 
preceding  the  orthorhombic  phase  formation,  llie  small  transformation  strain  between  the  latter  two 
phases  can  be  accommodate  by  a  platelet  morphology  and  a  symmetric  arrangement  of  rotational 
domains  of  the  lower  symmetry  ordiorhombic  phase. 


1. Introduction 

The  need  for  low  density  structural  materials  with  high  temperanire  strength  and  low 
temperature  ductility  has  stimulated  much  interest  in  Ti-Al-Nb  alloys.  In  particular  alloys  near  die 
Ti3Al-Nb3Al  pseudobinary  section  widi  Nb  levels  up  to  30  at. %  have  been  investigated  [1-3].  In  a 
recent  review  [3]  it  has  been  shown  that  the  alloys  have  very  promising  combinations  of  specific 
strength  and  rupture  life  at  high  temperature  (<  800*C).  Equilibria  along  this  pseudobinary  section 
in  this  temperature  range  involve  four  phases,  high  temperanire  BCC  (^)  and  ordered  B2  along  widi 
low  temperature  ordered  hexagonal  DOj^  (T^Al  or  and  ordiothombic  Ti2AlNb.  All  of  diese 
phases  are  structurally  related  to  each  other,  and  die  structural  relations  are  reflected  in  the  observed 
orientation  reladonships  between  the  different  phases. 

Because  of  this  structural  relationship,  a  correspondence  between  atom  sites  in  diese  phases 
can  be  found,  and  the  structures  can  be  described  by  common  Wyckoff  positions  of  the  lowest 
symmetiy  phase  which  is  the  ordiothombic  112^^  phase.  Widi  this  approach,  possible 
transformations  between  the  phases  that  occur  widiout  long-range  difriision  (change  of  conqxisition) 
can  be  considered  as  order/disorder  transformations  of  a  displacive  or  chemical  nature  widi,  in 
prinqile,  a  single  thermodynainic  potential  and  paths  which  can  be  analyzed  using 
subgroup/supergroup  symmetry  relations  [4,5].  Transitions  involving  homogenous  (Bain) 
deformations,  shuffle  transitions  and  chemical  ordering  can  be  treated  with  this  approadi.  Su(± 
analysis  can  preclude  certain  transformation  paths,  and  assist  in  the  inteipretation  of  observed  padis 
[4].  Domain  microstructures  after  transformation,  i.e.  die  distribution  of  orioitational  (twin)  and 
translational  variants  and  their  interfaces  can  also  be  predicted  assuming  coherency  of  die 
transformations.  Sudi  coherent  produces  morphologies  that  minimize  strain  energy,  mosdy  with 
invariant  plane  strain  boundaries. 
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2.  Experimental 


Two  alloys  with  compositions  TijAUNb  and  Ti2AlNb  were  prepared  by  arc  melting,  and  were 
homogenized  at  1400*  C.  Samples  were  subsequently  heat  treated  at  llOO’C  for  4  hrs.  and  at  TOO^C 
for  up  to  30  days  with  either  water  quenching  or  slow  cooling  at  -400*  C/min. 

3.  Crystallographic  structures  and  their  subgroup/supergroup  relationship. 

The  ordiorhombic  Ti^AINb  phase  was  first  discovered  by  Baneijee  et  al.[l]  and  involves 
ternary  ordering  of  the  hexagonal  DO19-T13AI  phase.  This  structure  with  Cmcm  space  group  was 
confirmed  and  refined  by  neutron  diffiacdon  [6].  With  the  ternary  ordering  the  hexagonal  lattice  gets 
small  orthorhomic  distortion  of  the  (0001)  plane.  The  ordiorhombic  structure  has  three  Wyckoff 
positions,  4cj,4c2  ^8.  *ach  of  them  occupied  mostly  with  Mb,  A1  or  Ti  atoms,  respectively,  as 

is  presented  in  Table  1  (x^  and  y^  are  measured  coordinates  of  tiie  Wyckoff  positions). 

Letting  4c2  and  8g  have  the  same  occupancy  (mixed  Ti  and  Nb),  the  structure  becomes  the 
hexagonal  DO19  (with  lattice  parameters  in  the  ratio  b/a=v'3).  Table  1.  The  Ptij/mmc  space  group 
of  the  hexagoii^  phase  is  a  maximal  supergroup  of  tiie  orthorhombic  Pmcm. 

TABLE  1  -  Description  of  Various  Riases  Based  on  Common  Sites  in  the  Cmcm  Space  Group 
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0 
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A 
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0 
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A 
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0 
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1/4 

A 

8g 
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A 

^1 

0 

>1 
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A 
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0 
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A 

88 
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c/a-v'2/2 

A 
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The  BCC  and  B2  structures  can  also  be  described  within  the  Cmcm  space  group  assuming  a 
corre^ndence  between  the  atoms  in  110  of  the  cubic  and  004  of  the  orthoihombic  structure  (the 
correspondence  fits  the  observed  Burgers  orientation  relationship).  The  lattice  parameters  have 


restricted  ratios  and  the  position  of  atoms  are  fixed  and  significantly  different  from  the  orthorhombic 
phase.  For  the  BCC  all  three  site  are  disordered,  whereas  for  B2  and  4c2  have  mixed  occupancy 
of  A1  and  Nb  atoms  and  8g  is  filled  with  Ti  atoms  [1]  (Table  1). 

A  path  of  maximal  subgroup  or  supergroup  symmetry  relations  [5]  between  the  BCC  and 
the  orthoriiombic  phase  involves  a  few  intermediate  structures  not  described  above.  These  structures, 
the  disordered  HCP  (A3),  orthorhombic  disordered  a-U  prototype  (A20)  and  ordered  AuCd  prototype 
(B19),  are  all  known  as  martensitic  phases  in  various  odier  Ti-based  alloys  and  may  well  be 
metastable  or  unstable  phases  in  the  Ti-Al-Nb  system  (see  Table  1).  Homogeneous  distortions 
expected  in  the  course  of  transformation  will  be  represented  by  two  additional  intermediate  space 
groups.  Fig.l  summarizes  these  relations  along  disordered  and  ordered  branches.  From  here  three 
transformation  paths  from  the  Im3m  to  the  ordered  Cmcm  seem  likely: 

(1)  lm3m  -•  p4/mmm,Fnunm]  -►  Cmcm(disord)  -►  P63/mmc(disord)  -»  P63/mmc(ord)  -* 
Cmcm(ord); 

(2)  Im3m  -•  Pm3m  -►  [P4/mmm,Cmmm]  -*  Pmma  -•  Cmcm(ord); 

0)  lm3m  -•  n^/mmm.Fmmm]  -•  Cmcm(disord)  -►  Pmma  -►  Cmcm(ord). 

The  microstructure  resulting  from  such  a  sequence  will  consist  of  a  hierarchy  of  interfaces 
(interdomain  boundaries),  decreasing  in  .scale  with  each  subgroup  transformation  step  with  details 
depending  on  kinetics  and  elastic  accommodation  of  the  coherent  phases. 


Iin3m(A2) 


AnJa  (B2)  I4/minni 


Pnuna  (B19)  I 

J- _ i 


Ctnem  (A2BO 


Fig.l.  Subgroup/supergroup  symmetry  relations  between  the  high  temperature  high  symmetry 
BCC(Im3m)  ph^  and  the  lower  tenq>erature  lower  symmetry  orthorhombic  TijAlNbfCmcm)  phase. 
Vertical  and  oblique  padis  are  chemical  and  displacive  ordering  respectively. 

4.  Microstructure  after  cooling  from  the  BCC/B2  field. 

When  the  cooling  rate  from  1100*C  is  high  (water  quenching),  it  is  possible  to  suppress 
most  of  die  low  temperature  transformations.  The  quenched-in  phase  has  B2  order  for  both  alloys, 
however  observation  of  a  high  densi^  of  anti-phase  boundaries  (APBs)  for  the  Ti5Al2Nb  suggests  that 
it  is  disordered  BCC  at  1 1(X)  *  C.  For  both  phases  annealing  prior  to  quenching  establishes  10*’  cm 
sized  grains. 

A  microstructure  in  the  /im  range  is  observed  for  slower  cooled  specimens.  It  consists  of  a 
martensite-type  structure,  coarser  and  needle-like  type  for  the  Ti5Al2Nb  alloy,  and  much  finer  and 
plate-like  for  the  Ti2AlNb  alloy  (Fig.2).  For  the  Ti2AlNb  alloy  the  transformation  to  that  structure 
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Fig.2  Martensite-type  structure  (jim  structural  scale)  observed  for  slow-cooled  specimens,  (a) 
Coarser  and  needle-like  type  for  the  TijAIjNb  alloy,  and  (b)  much  finer  and  plate-like  type  for  the 
Ti2AlNb  alloy. 


Fig.3  The  Ti3Al2Nb  alloy  substructure 
(submicron  structural  scale)  of  the  needles 
consisting  of  orthonormal  pairs  of  the 
orfiiorhombic  phase  parallel  plates.  The  plates 
are  in  a  twin  relation  according  to  the  SAD 
pattern. 


Fig.4  The  Ti5Al3Nb  alloy  after  annealing 
700*C  for  26  days.  The  annealing  results 
re-precipitation  of  the  DOjp  phase  as  a 
nx^ulation  of  the  orthorhombic  phase  plates. 
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is  very  sluggish,  and  requires  either  very  slow  cooling  (e.g.  furnace  cooling)  or  additional  isothermal 
treatment.  Selected  area  electron  diffraction  (SAD)  and  convergent  beam  (CB)  electron  diffraction 
of  several  major  zone  axes  from  a  single  plate  of  the  Ti2AlNb  alloy  confirms  that  its  structure  has 
orthorhombic  Cmcm  symmetry,  in  accord  with  results  of  Banerjee  and  co-authors  [2],  The 
microstructure  exhibits  an  elastically  accommodated  domain  suucture,  with  most  domains  in  a  twin 
relation  consisting  of  (110)  mirror  planes  of  the  cubic  symmetry.  The  crystallographic  orientation  of 
the  domains  with  respect  to  cubic  axes  and  to  each  other  and  the  type  of  APB  and  stacking  faults 
observed  inside  the  plates  suggest  that  transformation  path  (2)  took  place. 

Close  examination  of  SAD  patterns  from  the  TijAIjNb  alloy  reveals  similar  patterns  as  above 
but  with  spot  splitting  and  streaking.  Streaking  is  the  result  of  the  presence  of  parallel  interfaces  from 
the  plate-like  substructure  (submicron  structural  scale)  of  the  needles  (Fig.3).  Analysis  of  the  spot 
splitting  indicates  that  the  domains  of  the  orthorhombic  phase  being  are  in  a  twin  relation.  In  contrast 
to  the  TijAINb  alloy,  the  twinning  operation  is  by  mirror  planes  which  are  symmetry  elements  of  the 
6/mmm  point  group  and  not  a  part  of  symmetry  group  of  the  contacting  variants.  Such  domain 
structure  will  have  three  sets  of  orthonormal  pairs  of  parallel  plates  in  order  to  minimize  elastic 
energy  [7],  which  is  indeed  observed  (Fig.3).  Therefore,  the  intermediate  hexagonal  phase  must  be 
part  of  the  transformation  path.  From  the  orientation  of  the  domains  and  the  type  of  APB  and  stacking 
faults,  we  conclude  that  transformation  path  (1)  occurred  for  the  TijAIjNb  alloy. 

5.  Microstructure  after  annealing  at  700°C. 

Annealing  of  the  Ti2AINb  alloy  at  7(X)‘‘C  results  in  coarsening  of  the  plate-like  strucnire  in 
earlier  stages,  and  then  in  complete  recrystallization.  Since  the  Ti5Al3Nb  alloy  is  in  an  equilibrium 
two-phase  Held,  the  700''C  annealing  results  in  reprecipitation  of  the  DO19  phase.  The  DO19  phase 
appears  as  a  modulation  inside  the  orthorhombic  phase  domains  (Fig.4).  Formation  of  such  structure 
could  be  by  mechanism  of  conditional  spinodal  decomposition  where  the  orthorhombic  phase  first 
separates  to  Nb  dilute  /  reach  regions,  and  then  the  dilute  regions  disorder  spontaneously  to  the  DO19 
phase.  The  habit  plane  of  the  interfaces  satisfies  the  condition  for  an  invariant  plane  between  the 
phases  in  order  to  minimize  elastic  energy. 

6.  Conclusion 

During  cooling  from  11(X)*C,  the  high  temperature  cubic  phase  of  (Ti,Nb)3AI  alloys 
decomposes  into  low  temperature  orthorhombic  phase  by  two  different  paths  depending  on  1^ 
content.  One  involves  the  intermediate  formation  of  a  hexagonal  precursor  while  the  other  involves 
the  formation  of  precursor  B2  phases.  These  two  different  paths  are  seen  as  feasible  after  an 
examination  of  subgroup/supergroup  relation  between  the  various  phases.  This  research  was 
performed  under  DARPA  Order  <7469. 
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ABSTRACT 

In  tibe  present  work  the  microstructure  of  rotational  domains  of  die  orthorhombic  O  phase  in 
continuously  cooled  ri-2SAl-12.SNb  (at%)  and  Ti-25Ai-25Nb  (at%)  alloys  were  investigated.  Fbr  die 
Ti-25Al-2SNb  alloy  die  domains  form  from  d:e  B2  phase  diiougb  a  transient  B19  structure  and  have 
a  stress  accommodating  pofytwin  structure.  For  die  ’n-2SAl>12.SNb  alloy  the  domains  form  fitom  die 
disordered  BCC  phase  by  (1)  the  formation  of  hexagonal  fdiase  domains  and  subsequeotfy  (2)  dieir 
transition  to  the  O  (diase  by  ordering.  The  stress  accommodating  morphology  occurs  in  die  second  stqp. 
The  configuration  of  die  domain  interfaces  can  be  understood  on  the  basis  of  strain  eneigy 
minimization. 

1. INTRODUCTION 

Upon  cooling  at  sufficiently  high  rates  from  die  /3/B2  {diase  field  Cn(i.x)Nbx)3^  (0>x>0.3S)  alloys 
exhibit  complex  diffusibnless  transformations  with  morphologies  resembling  martensite  [1-4].  From 
recent  work  [2,4]  it  follows  diat  five  phases,  hig|i  temperature  BCC  (fi)  and  B2,  low  ten^imature 
disordered  hexagonal  a  and  ordered  hexagtmal  DO19  hexagonal  Cn3Al,  or  and  orthoihombic 
(ll2AlNb)  O  i^iase  are  involved  in  equilibrium  microstructures  of  these  alloys.  All  five  phases  are 
structurally  related  to  each  odier.  The  structural  relations  are  reflected  in  the  maximal  aystallogrtq;)liic 
groiqi/subgrmq)  rekttions  as  described  in  [4].  Acccmling  to  this  sdieme,  different  transformation  paths 
from  the  high  (hn^)  to  low  (Cmcm)  symmetry  structure  can  be  deduced.  Different  hierardiies  of 
interfaces  will  be  established  in  die  microstructure  for  different  padis  (each  type  of  interface 
corre^nding  to  a  particular  group/subgroiq>  transition  of  displacive  or  cfaemi^  ordering).  It  has  been 
shown  for  the  Ti-2S  Al-2SNb  (at%)  alloy  that  the  B2  phase  transforms  to  the  O  phase  through  a  transient 
B19  structure  [4].  For  die  Ti-25Al-12.5Nb  (at%)  alloy  the  formation  of  die  hexagonal  phases  precedes 
the  O  ftasc  formation  [4].  The  two  paths  for  die  transformation  are:  Im3m  -•  [I4/nimm,Fmmm]  -» 
CmcmCdisord)  -*  P63/nini^disord)  -*  P63/ninic(ord)  -♦  Cnicm(ord)  for  die  12.5  %Nb  alloy  and  Pm3m 
-*  [P4/ntmm,Cmmm]  -•  Pmma  -*•  Cmcni(otd)  for  die  25%Nb  alloy. 

In  die  present  work  strain  accommodating  microstructures  of  Ti-2SAl-12.5Nb  (at%)  and  Ti-2SAl-2SNb 


(at%)  alloys  established  by  continuous  cooling  from  1100“C  were  investigated.  Usually  for  coherent 
transitions  with  a  change  in  the  symmetry  of  die  lattice,  Le.,  for  rotational  domain  formation,  an 
accommodadon  of  transformadon  strain  occurs  by  the  formation  of  altgnmring  plates  of  two  variants 
vndi  planar  strain-free  interfaces  (SFI)  [S,6].  For  rotational  domains  the  elasdc  energy  has  a  larger 
contribudon  to  the  total  energy  than  does  the  interface  energy.  For  the  Ti-25Al-12.5Nb  (at%)  alloy 
transformadon  path,  the  rotadonal  domains  form  in  the  Pm3m-*  [P4/mmm,r!mmm]  -*■  Pmma  step  (from 
the  cubic  to  the  ordmrfaombic  lattice).  For  the  ‘n-2SAl-2SNb  (at%)  alloy,  the  rotational  domains  form 
in  two  stqis:  lm3m  -*  [I4/mnim,Fninim]  [Cmcm(di^rd)  -»  Pd^/mmcfdisord)]  (cubic  to 
ordioihombic/hexagooal  lattice)  and  ^/iniiic(ord)  -»  Cmc^ord)  (hexagonal  to  ordioihombic  lattice). 
SFI’s  for  tiiese  transitions  are  calculated  using  t^  small  strain  ^iproximation,  and  die  results  are 
compared  with  experimental  observations. 

2.  EXPERIMENTAL 

Two  alloys  with  compositions  Ti-2SAi-12.SNb  (at%)  and  Tl-2SAl-2SNb  (at%)  were  prqiared  by  arc 
melting  md  1400’’C  homogenization,  as  described  in  [4].  The  homogenized  specimens  were  heat  treated 
at  1100°C  for  4  days  and  subsequently  cooled  to  room  temperature  at  400*/min.  The  microstructure 
of  the  alloys  were  studied  by  optical  and  transmission  elec^n  microscopy  (TEM). 

3.  CALCULATION  OF  SH’s. 

We  only  consider  the  features  of  rotational  domain  structures  ^idiicfa  minimixft  elastic  energy  vthile 
ignoring  their  interfacial  energy .  The  most  in^mrtant  characteristic  which  determines  a  domain  structure 
is  self-strain.  <^.  Different  variants  of  a  stq)  in  the  transformation  sequence  are  characterized  by 
different  self-strain  tensors  according  to  the  different  orientations  of  die  crystal  axes  of  the  variants. 
The  self-strain  tensor  of  two  different  variants,  1  and  2,  are  connected  by  the  following  relation: 


ey(2)  =  gigjteidCl)  (1) 

vhere  g^.  is  a  matrix  representing  one  of  die  symmetry  operations  lost  from  the  q>ace  group  of  die 
parent  after  transformation.  If  the  variants  remain  ccdiei^  and  if  die  transformation  strains  are  small, 
die  orientation  of  each  SFI  plane,  given  by  a  vector  Xj  fying  in  the  plane,  can  be  predicted  [6]  using 

Xi(eij(2)  -  eij(l))Xj  =  0  (2) 

The  equation  reflects  die  conditions  of  strain  conqiatibili^  along  the  planar  interface  between  variants 
1  and  2.  This  quadratic  equation  can  be  factored  into  product  of  two  linear  forms  vihose  zeros 
determine  die  coordinates  of  two  SFI  planes.  Besides  the  solutions  corre^nding  to  die  rational  mirror 
planes  in  die  parent  phase.  Equation  2  also  has  solutions  that  depend  on  the  lattice  parameters  of  the 
produa  phase,  and  dierefore  yield  orientations  that  are  gmerally  irrational  and  dep^  on  die  effective 
transformation  temperature  and  die  alloy  composidon. 

For  the  transitions  consklMed  here,  namely  for  BCC  to  ordiotfaombic/hexagonal  and  for  HCP  to 
orthorhombic,  solutions  of  Equation  2  are  as  follows.  For  the  HCP  •*  O  {diase  transformation,  diere 
are  only  symmetric  SFI’sof  die  {lI(X)}|,  and  {ll20}|,  types.  Each  pair  of  variants  (taken  from  the  three 
possible  variants)  has  two  SFI’s  of  the  two  types  diat  are  normal  to  each  odier.  Fbr  the  BCC  -* 
ordiorhombic  (or  HCP)  transformation,  diere  are  diree  SFI’s  of  die  {100}^  type,  six  of  die  {110}^  type, 
and  six  irrational  {hhk}^  types  widi  an  h/k  ratio  dqiending  on  the  lattice  parameters  of  the  ordioihombic 
(or  hexagonal)  phase  (hAr  =  2(2Co  -  b<^/(b„  +  2Cg-  23^/2).  Fbr  the  lattice  parameters  of  die  DOjj 
and  O  phases  taken  from  the  literature  P],  die  {hhk}  interfaces  are  close  to  {ISS}^  and  {144}^, 
respectively.  For  each  pair  of  variants  (taken  ftx>m  the  sue  possible  variants)  there  is  a  psdr  of 


orthogonal  interfaces,  and  each  interface  can  exist  for  different  pairs  of  variants.  Hgure  1  shows  die 
SH  traces,  as  thqr  would  be  seen  when  viewed  along  die  (011]^  zone  axis.  Such  a  drawing  will  be 
useful  in  anafyzing  the  as  observed  in  TEM  qiedmens.  Figure  la  presents  traces  of  the 

i^nunetric  {001}-  and  {110}-type  intfyfyifts  and  Figure  lb  presents  traces  of  die  non-symmetric  {bhk}- 
type  interfaces.  The  labeling  of  variant  pairs  is  given  in  [4]. 


Rgure  I.  The  directions  of  the  SFI  traces  superinqiosed  on  die  [011]^  stereographic  projection,  (a) 
traces  of  the  ^mmetric  (001}-  and  {110}-Qrpe  interfaces,  (b)  traces  of  the  irratkMial  {hhk}-Qrpe 
intwfaftft*  showing  a  range  of  cnientations  for  lattice  parameters  ranging  firom  a=0.61  nm,  b— 0.96  nm, 
c=0.47  nm  (O  phase)  to  a=0.59  nm,  b=1.0  nm,  c=0.47  nm  (DO19  phase). 


4.  MICROSTRUCTURE  OF  THE  ROTATIONAL  DOMAINS  IN  ALLOYS  CONTINUOUSLY 
COOLED  FROM  THE  BCCJBl  FIELD. 


4.1  ri-25Al-25Nb  alky 

N, 

For  tiie  Tt-2SAl-2SNb  alloy  die  transformation  of  the  B2  to  the  O  phase  is  very  sluggish.  For  cooling 
rates  of  *‘400*C/inin,  die  transformation  proceeds  by  copious  nucleation  of  O-phase  r^ons  that  grow 
outward  umformty  until  impingement  From  the  TEM  observations  of  partialty  transformed  structures 
(figure  2)  it  is  evident  diat  the  O-phase  r^ions  consist  of  a  complex  microstracture  identified  by 
selected  area  dectrondiffiacdon  as  platelets  ofdieO  phase  in  a  Burger's  orientation  reladonshqi  (OR): 
[0011o//<110>^and  <110>o//<lll>c. 


Figure  2.  Low  magnification  TEM  image 
of  die  microstructure  of  the  slowly 
cooled,  partially  transformed  *n-25Al- 
2SNb  alloy  showing  islands  of 
transformed  matMial,  surrounded  by  a  B2 
phase  matrix.  The  islands  consist  of  a 
conqilex  piate-lilce  structure  of  die  O 
phase. 


The  microstructure  has  features  of  an  elastically  accommodated  domain  structure.  A  ^ical  example 
is  shown  in  figure  3  wdiere  two  polytwin  plates  wdi  an  "edge-on"  A-A  interface  are  seen  in  an  [011]^ 
orientation  of  die  TEM  film.  Dark  field  imaging  widi  the  020^  reflection  (figure  3b)  proves  diat  the 
plates  labeled  5  and  S'  in  figure  3a  on  bodi  sides  of  A-A  belong  to  the  same  variant  oriented  vdth 
^  [0111c-  remaiiung  plates  have  orientations  close  to  <212>o  and  belong  to  odier 

variants. 

Referring  to  figure  1,  we  conclude  Qudged  from  the  directions  and  wid^  of  die_B-B  and  C-C  interface 
projections)  that  die  I^B  interface  corresponds  reasonab^  well  to  the  bhk  (or  hkh)  SFI  between  variants 
3/S  (or  2/S)  and  the  C-C  interface  corresponds  to  die  hldi  (or  hhk)  SFI  between  variants  1/S  (or  4/S). 
(The  ambiguity  as  to  the  cornea  pair  of  valiants  can  be  resolved  if  one  determines  vdiidi  side  of  the 
projected  B-B  and  C-C  interfaces  intersects  die  Uf^ier  and  lower  surface  of  die  TEM  foil).  Since  die 
intersection  line  of  the  B-B  and  C-C  planes  lies  in  dw  A-A  plane,  die  polyt^dns  are  a  combination  of 
either  4/S  and  2/S  or  1/S  and  3/S  variants. 

The  A-A  interface  consists  of  an  alternation  of  two  structurally  different  segments.  One  segment  is  a 
(Oll)^  interface  between  4  (or  1)  and  2  (or  3)  variants,  and  according  to  figure  1  is  a  symmetric  SFI. 
The  second  segment  separates  plates  of  the  same  variant  that  are  misoriented  by  about  10”  and 
constitute  a  low  angle  boundary,  possibly  relaxed  by  a  dislocation  wall. 


Figure  3.  Topical  arrangeineDt  of  single  variant  O  phase  pl^es  into  a  larger  size  secondary  (polytwin) 
plate  alternating  with  another  polytwin  plate  as  seen  in  the  [01 1]^  orientation,  (a)  and  (b)  are  dark-field 
images  with  020o  and  040o  reflections,  respectively.  Traces  of  the  observed  A-A,  B-B  and  C-C 
interfaces  correspond  to  SFI’s,  according  to  figure  1. 

4.1  Ti-25Al-12.5Nb  alloy 

For  the  BCC  to  orthorhombic/hexagonal  phase  transition  of  the  Ti-25Al-12.5Nb  alloy,  rotational 
domains  with  SFI’s  and  morphology  similar  to  those  previously  discussed  in  Section  4.1  are  expected. 
However,  as  figure  4  shows,  the  microstructure  for  the  same  cooling  conditions  is  noticeably  different 
(even  though  the  OR  is  of  a  similar  Burger’s  type).  Instead  of  a  strain  accommodating  polytwin 
structure,  the  miCTOstructure  is  needle-like  with  irregular  interfaces.  Some  grains  are  separated  by  a  thin 
layer  of  the  BCC  phase.  Enrichment  of  Nb  in  the  BCC  layer  was  detected  by  EDS.  The  observed 
morphology  suggests  a  diffusion  controlled  growth  of  the  needles.  In  this  condition,  the  ductility  of  the 
phases  is  apparently  high  enough  to  accommodate  the  transformation  stresses  by  plastic  flow.  Higher 
cooling  rates  result  in  lowered  transformation  temperatures  where  coherent  plate-type  transformations 
occur. 


Figure  4.  Bright  field  TEM  micrograph 
showing  acicular  morphology  of  the  Ti- 
25Al-12.5Nb  alloy.  The  needles  have 
very  irregular  interfaces.  The  blocky 
grains  between  elongated  needles  are 
merely  needles  with  their  long  axis 
normal  to  the  TEM  foil.  A  thin  layer  of 
the  BCC  phase  is  found  between  the 
grains. 


Close  examination  of  selected  area  diffraction  (SAD)  patterns  from  individual  needles  reveals  spots 
splitting  and  streaking  (figure  5a).  Analysis  of  the  spot  splitting  shows  that  they  correspond  to  the  twin 
related  domains  of  the  O  phase.  The  twinning  operation  is  by  mirror  planes  which  are  syrrunetry 


Figures,  (a)  SAD  pattern  taken  fipom  an  areas  ^Kiiere  only  one  set  of  parallel  interfaces  is  present  Split 
qx)ts  corre^nd  to  twin-related  variants  of  tbe  O  [rfiase.  (b)  TEM  d^k  field  image,  sli^tly  off  of  dte 
[0001]  zone  axis  in  order  to  give  a  different  exdtation  error  for  different  domains. 
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ABSniACT 


Possible  padis  for  the  constant  amvoutioa  ocAietent  transformation  of  BCC  or  B2  high 
ten4>etature  phases  to  low  temperature  HCP  or  Orthorhombic  phases  in  the  Tl-Al-Nb  system  are 
analyzed  uring  a  sequence  of  crystallogcayihic  structural  relationsh^s  developed  from  subgroup 
symmetry  relations.  Symmetry  dements  lok  in  eadi  step  of  the  sequence  determine  the  possibiKties 
for  variants  of  the  low  symmetry  phase  and  domains  that  can  be  present  in  the  microstructure.  The 
orientation  of  interdomain  interfaces  is  determined  by  requiring  the  existence  of  a  strmn-free 
interfuoe  between  the  domains.  Polydomain  structures  are  also  determined  that  minimize  elastic 
energy.  Mkrostnicturalprectictions  are  made  for  cooparison  to  experimental  results  given  in  Part 

n. 


1.  Introduction 


Hie  need  for  low  dea^  stnictuial  mati^jiaiit  with  high  tempecalure  strength  and  low 
teaqieratiire  ducdliQr  has  stunulated  modi  interest  in  Tl>AMIb  alloys.  In  particular  allays  near  and 
in  the  T^Ai>Nb)Al  pseudobinaiy  sectioa  widi  Nb  levels  fitom  10  to  30  at  %  have  been  investigated 
(1-8].  It  has  been  shown  that  alloys  widi  10-12  and  2S  at%  Nb  have  very  promising  combinations 
of  spedfic  strength  and  rupture  life  at  txiom  and  hi^  (<800*Q  temperatures  [1,6.9-14].  The 
medianical  properties  of  ttiese  alloys  wet^e  found  to  be  very  sensitive  to  their  microstructure.  Most 
of  the  microstructures  were  formed  by  heat  treannents  that  involve  continuous  cooluig  from  a  hi^ 
temperature  (>1100oC)  single-phase  field  wdth  subsequent  heat  treatment  at  lower  temperatures. 
The  microstructuie  developed  during  continuous  cooling  d^ends  strongly  on  cooling  rate  and  alloy 
composition  [15-19]  and  thus  affects  the  microstructure  produced  from  it  during  the  subsequent 
lower  temperature  (600  to  900oQ  treatmenL  From  a  tedmotogcal  point  of  view,  an  understanding 
of  the  formation  mechanisms  of  both  continuously  cooled  and  annealed  microstnictuces  is  very 
inqwrtant  for  processing  these  alloys  for  opdmum  properties,  for  controlling  bdtavior  during  diennal 
cycling,  and  for  obtaining  weldability. 

EquUibcia  along  the  T^Al-Nl^Al  pseudobtnaty  section  with  Nb<30  at%  involves  phases 
based  on  two  distinct  fundamental  structures:  body  centered  cubic  (BCQ  at  tugfr  ten:4>eratures  and 
hexagonal  dose-packed  (HCP)  at  lower  temperatures.  The  BCC-based  phases  appear  over  a  wide 
range  of  cotiqwsitions  at  high  temperatures  as  either  a  disordered  A2  or  an  ordered  B2  (CsCi-type) 
structure  depencting  on  the  exact  temperature  and  composition  [2-5,20].  For  Tl-Al-Nb  alloys  die  B2 
ordering  tf^iears  to  have  H  on  one  site  and  Al/Nb  on  the  other  site  [21].  For  low  Nb  content,  the 
HCP-based  structures  have  a  disordered  hexagonal  a  phase  at  intermediate  tenq>eratures  and  an 
ordered  hexagonal  DO|9  phase  (Ti3Al  or  at  low  temperatures.  At  higher  Nb  oonteots,  the 
HCP-based  low  temperature  structure  is  an  orthorhombic  0-phase  fn2AlNb)  [2,4-6,22].  The  IX)|9 
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lucture  involves  binary  ordering  of  die  <r  structure  vridi  Ti/Nb  ocoqiying  one  site  and  A1  die  odier 
te  [23].  Ibe  Oiphase  structure  involves  furdier  ternary  ordering  of  die  phase  udth  H,  Al,  and 
lb  predominant  ocotpying  three  different  sites  [2,24].  Due  to  the  structural  relations  (reflected 
i  the  observed  Burger's  orientation  telationsh4»  between  the  phases  [2-4,7,8,25])  h  is  well  known 
lat  the  structural  dianges  (transformadons)  from  BCC-  to  HCP-based  phases  can  be  described  as 
result  of: 

1)  distortions  of  {110}^  planes  and  changes  in  dieir  interplanar  distances; 

2)  shuffles,  or  relative  di^lacement  of  neighboring  (110)^  planes; 

3)  reordering  diat  dianges  die  distribution  (ocoqian^)  of  Ti,  Al  and  Nb  atoms  among  die 

lattice  sites. 

vhere  refers  to  die  cubic  phase. 

In  the  spirit  of  die  landau  dieoty  of  [diase  transitions  [26]  a  common  framework  is  sought 
0  describe  all  of  die  BCC-  and  HCP-based  phases.  Then  in  principle,  a  single  tbermodynanuc 
Kitential  can  be  identified  as  a  continuous  fiinctkm  of  a  set  of  order  parameters  that  describe  these 
hree  ^pes  of  structural  dianges.  To  obtain  sudi  a  common  framework,  a  site-co-site 
xirrespondenoe  between  die  structures  must  be  found.  Thia  correspondence  between  atom  sites  in 
hese  phases  can  be  obtained  by  a  single  set  of  Wyckoff  shes  of  the  lowest  symmetry  phase 
»osidered,  wfaidi  in  diis  case  is  the  orthorhombic  Oiibase.  Changes  in  the  coordinates  and 
iccupandes  of  die  Wyckoff  positions  are  related  to  the  three  types  of  structural  dianges  mentioned 
ibove.  Spedal  values  of  die  site  ocoqianiqr  parameters  (and  lattice  parameters)  will  oorre^nd  to 
han^  in  crystal  tymmetry  that  will  follow  subgrotqi/stqiergroop  padis.  Anatysis  of  diese  paths 
lead  to  important  informatkxi  r^arding  the  sequence  of  phase  transitions,  possible  transienCstates, 
interconnections  between  die  structures,  and  dommn  interface  confrguradons. 
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To  make  this  approach  valid,  two  assumptions  are  required: 

V. 

1)  The  traosfonnatioiis  are  difhisioaless;  Le.,  no  changes  in  compositions  of  phases 
occur.  The  assumption  seems  to  be  valid  considering  the  time  scale  of  long-range  difihiskm 
as  compared  the  interatomic  jumps  or  diq)laoements  required  for  diemical  or  displadve 
ordering  respective^; 

2)  The  transformations  are  coherent;  Le.,  no  discontinuities  occur  by  slip  or  fracture  in  order 
to  relieve  internal  stress  during  the  phase  transformation. 

Both  assumptions  are  likely  to  hold  for  the  Ti-Al-Nb  compositions  considered  utiier  during 
suffidentiy  fast  continuous  cooling  from  the  hi^  tenq)erature  single-phase  BCC  or  B2  field  or 
during  tiie  initial  stages  of  isothermal  annealing  of  the  metastable  quenched-in  phase.  Experimental 
microstructural  results  indicate  the  occurrence  of  martensite-type  ordering  transitions  and  coherem 
structures  under  these  conditions.  Phase  s^)aration  involving  long-^ange  compositional  diffusion  vnll 
be  treated  in  Part  II  of  tiiis  ps^. 

In  Part  I  of  the  p<q)er  we  analyze  the  possible  continuous  transformations  on  cooling  in  the 
Ti-Al-Nb  system  and  the  e]q)ected  features  of  idealized  coherent  microstructures.  The  approach  here 
is  to  see  the  transformations  as  a  sequence  of  symmetry  reductions,  and  microstiucture  as  a 
collection  of  domains.  The  microstructural  features  determined  by  this  analysis  will  be  used  for 
conqrarison  to  die  actual  e]q)erimental  tesuks  of  Part  Oof  the  p!q)er  based  on  microstructural  studies 
of  three  Tl-Al-Nb  alloys,  mainly  by  traasiaissioa  electron  microscopy  (TEM). 

Prediction  of  die  mkrostructural  features  relies  almost  entirety  on  the  known  structural  and 
symmetry  relations  between  die  highest  and  lowest  tymmetry  phases.  The  necessary  information 
concerning  the  symmetry  relations  is  contained  in  the  ^)ace  groiq)  tables  of  the  International  Tables 
for  Crystallography  [27,  Chapter  7].  Based  on  this  information,  maximal  group/subgroup  symmefry 
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relatioiis  between  pbastt  will  be  established  in  Section  2.  Eadi  transfonnation  step  will  be 
consideted  as  a  symmetiy  diange,  and  the  transformation  path  as  sequence  of  siibgrDiq>s.  Hie 
symmetry  anafysis  can  prechide  certain  transformation  paths,  assist  in  an  interpretation  of  the 
observed  padis  and  also  predict  possible  intermediate  phases.  From  the  predicted  path,  domain 
structures  can  be  anticipated.  Such  domain  structures  will  consist  of  a  hierardiical  distribution  of 
interfaces  due  to  the  formation  of  orientational  (twin)  and  translational  (anti-phase  domain)  variants, 
(Section  3).  It  is  expected  that  the  formation  of  domain  struchires  will  minimize  tiie  elastic  energy 
arises  due  to  the  coherency  of  transformatioiL  Therefore,  low  energy,  stress  free  interfaces  (SFI) 
between  orientational  domains  as  well  as  their  mutual  arrangement  are  considered  in  Section  4.  In 
Section  5  results  fromtiie  previous  sections  wiU  be  summarized  to  show  v^iat  microstructures  are 
expected  to  be  seen  for  different  transfmmation  paths. 

2.  Group/subgroup  relations  between  BCC  (Im3m>.  HCP  fPb^/mmc^  and  ordered  orthorhombic 
(Cmcm)  Phases. 

2.1  Sequence  of  maximal  subgroups. 

The  Landau  theory  of  fdiase  transition  of  first  or  hi^er  order  assumes  tiiat  the  symm^ 
of  the  product  (riiase  is  a  subgrcaqi  of  the  parent  phase  and  diat  the  atomic  positions  of  the  two 
structures  are  closely  related  by  a  set  of  order  parameters.  Usualfy  the  low  tmqierature  phase  has 
symmetry  lower  than  the  hi^  temperature  phase  and  the  decrease  in  symmetry  is  known  as  ordering 
while  an  increase  in  symmetry  is  known  as  disordering.  The  group/subgroup  relationship  between 
die  parent  and  product  phases  need  not  be  maximal^.  However  in  this  paper,  we  will  searA  for  a 


^  A  subgroup  H  of  space  group  G  is  called  a  maximal  subgroup  of  G  if  diere  is  no  subgroup 
L  of  G  such  that  H  is  a  subgroup  of  L,  i.e.  G  >  L  >  H  (27]. 
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sequence  of  maximal  group/subgroup  relationships  in  order  to  anticipate  all  possible  (but  not 
necessarily  occurring)  intermediate  states.  Such  a  sequence  can  be  obtiuned  using  the  Intematioiial 
Tables  for  Crystallography  [27],  where  die  maximal  subgroups  and  supergroups  of  all  230 
crystallographic  space  groiqis  are  tabulated.  Table  1  gives  examples  of  sudi  subgroup  tables  for 
(a)  die  lm3m  space  group  (e.g.  of  die  BCC  structure)  and  (b)  the  P63/ninic  space  group  (e.g.  of  die 
HCP  structure).  Examples  of  the  known  structures  represented  by  diese  subgroups  are  B2  (Pni3m) 
in  the  Ua  subgroups  of  Iin3m  and  O^/mmc)  in  the  lie  subgroiqis  of  P63/niinc. 

Often  there  is  no  apparent  subgroup  relation  between  parent  and  product  phases.  Exan^les 
are  found  for  transidons  between  structures  with  cubic  and  hexagonal  symmetry,  like  the  phases  in 
the  H-Al-Nb  system.  Here  die  non-ooinciditig  3-fold  <  111>  cubic  and  6-fold  [(X)01]  hexagonal 
symmetry  axes  preclude  such  a  relation.  Usually  transformatioiis  between  two  phases  i^cfa  do  not 
have  a  groiqi/subgroup  relation  ate  considered  reconstructive  and  not  treated  by  the  f-imdan 
a{^toach.  A  connection  b^ween  symmetries  can  be  restored  in  some  cases  by  introducing  an 
intermediate  structure  widi  space  gtotqi  G^that  is  mdier  a  supergroup  of  both  structures,  Gj  and  G^, 
or  a  subgroup  of  both  structures  [28].  When  Gt  is  a  supergroup  (also  called  a  paraphase  in  [28]), 
it  is  at  least  a  grotqi  union  ofdieGi  and  groups  and  might  not  necessarily  exist  Such  is  the  case 
for  die  BCC  and  HCP  phases  oonsideted  here  wfaidi  already  have  very  high  symmetry.  Ifowever 
a  subgroup,  can  always  be  found  (and  not  necessarily  the  trivial  groiqi  PI)  as  die  intersection 
group  of  Gj  and  C^.  In  particular,  for  die  disordered  BCC  and  HCP  {diases  wdtfa  In^  and 
P63/mmc  ^lace  groiqis  and  an  orientatkxi  of  unit  cell  axes  according  to  die  Burger’s  telationshq) 
Qiarallel  close^iacked  directions  [Iliy/[11X]|,  and  planes  (110)^/(0001)|^,die  intersection  group 
is  die  ordiorhombic  Cmcm,  with  its  c-axis  parallel  to  die  [110]^  direction. 


The  Cmcm  space  group  (with  appropriate  choice  of  Wyckoff  sites)  can  represent  a  structure 
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wfaidi  is  close  to  HCP  but  differs  in  symmetiy  and  relative  positkmof  tbe  attmis  in  the  basal  planes 
(Rg.  1).  Sudi  an  intermediate  structure  was  rqtorted  as  a  martenudc  phase  in  some  Ti  alloys  (29]. 
The  Cmcm  structure  can  also  be  considered  as  the  BCC  structure  distorted  shuffles  (reladve 
shifts)  of  the  (110)^  planes.  In  tfiis  case  the  Cmcm  group  could  have  been  found  ptocedurally  by 
taking  die  intersection  of  the  cubic  symmetry  and  the  symmetry  of  the  shuffle  di^laoement  wave 
(nunm  point  groiqi  symmetry  for  the  (110)[ll0]-type  shuffle  P03I]).  Such  symmetry  can  be  locally 
present  in  the  premartensitic  tweed  states  of  quendied  BCC  or  BCC-based  structures,  whidi  are  also 
known  to  have  die  (110)[ll0]-type  soft  phonon  modes  (tweed  BCC).^ 


Sequences  of  maximal  subgroups  were  found  that  connect  die  highest  symmetry  cubic  and 
hexagonal  qpaoe  groiqis  to  die  low  symmetry  otdioihombic  "intersection"  qiace  group  (Fig.  2).  This 
sequence  includes  all  known  equilibriam  phases  obsenwd  in  alloys  near  die  T^Al-NbsAl  section 
with  less  than  30  at%  Nb.  The  figure  includes  sequences  akmg  disordered  (BCQ  and  ordered  (B2) 
brandies  of  die  high  tenqieratureidiases.  In  the  figure  the  s^iace  groups  are  connected  to  eadi  other 
widi  arrows  indicating  symmetry  decrease.  The  numbers  shown  are  the  indices  of  symmetry 
reductions  between  two  neighboring  subgroiqis  (die  index  of  a  subgroup  is  die  ratio  of  the  number 
of  symmdty  etements  in  a  group  to  that  of  the  subgroup).  These  integers  give  the  number  of  lower 
qmunetty  variants  (domains)  that  would  be  possible  if  a  transition  from  high  to  the  low  symmetry 
occurred.  Inclined  arrows  indicate  symmetry  dianges  due  to  atrunic  site  (WyckofO  position  dianges 


^  The  use  of  an  intersection  group  to  create  continui^  of  group/subgroup  relations  has  been 
successfully  used  in  a  study  of  the  formation  of  «ii-type  phases  frmn  a  B2  hi^Hemperature  (duse  in 
a  different  region  of  the  Ti-Al-Nb  system  containing  37.5  at%  A1  and  12.S  at%  Nb  p2].  In  this 
case  die  [ill](lll)  shuffle  di^lacement  wave  of  the  oeaeffi  transition  has  the  qrliiaH^  eoh 
qnmnetry  (for  coindding  wave  and  polanzation  vectors)  [30].  The  intersection  point  gtoiqi  of  the 
turn  (BCQ  and  die  ooh  (with  the  nurtor  plane  h  parallel  to  one  of  the  <  lll>c  directions)  has  the 
trigonal  3m  point  group  symmetry.  The  P3ml  ^ace  group  0m  point  group)  is  obtained  from  the 
intersection  of  qiaoe  groups  of  die  two  stable  {diaUs,  the  hi^-ten^ierature  E2  (Pm3m)  and  the  low- 
temperahue  hexagonal  B^  (I^/mmc).  The  structure  with  the  trigonal  P3ml  symmetry  was  indeed 
observed  as  an  intermediate  state  in  die  transformation  padi. 
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leaving  the  occ>q>ancy  fixed,  Le.,  di^Iacive  ordering.  Vertical  arrows  indicate  symmetry  changes 
due  primarily  to  dranges  in  atomic  site  occupancy,  Le.,  diemical  ordering.  Slight  adjustments  of 
site  positions  and  oca4)ancies  due  totbe  new  atomic  environments  will  acoooqtaiQr  the  diemical  and 
displacive  ordering  reflectively.  As  described  in  Section  3,  one  possible  transformation  sequence 
for  the  formation  of  the  lowest  synuni^iy  orthorhombic  phase  from  BCC  will  involve  symmetry 
increase  (siqiergroup  formation)  from  die  A20  structure  to  the  A3  structure.  In  this  case  no  new 
variants  are  formed. 

2.2  Intermediate  subgroiqis  and  their  corresponding  structures. 

In  addition  to  the  fiace  groiqis  of  die  Ti-Al>Nb  equilibrium  phases,  (A2(BCC):In^m, 
B2:Pm3m,  A3(HCP):P63/mmc,  DO|9:P63/mmc  and  0-phaseCTl2AlNb:Cmcm),  several  other  fiace 
groups  must  be  introduced  in  order  to  keep  the  subgroiq}  relation  maximal  (Fig.  2). 
Crystallographic  structures  corresponding  to  the  fiace  groiqis  in  Fig.  2  are  shown  in  Fig.  3  and  4 
(with  occupancies  rdevant  for  die  ternary  TVAl-Nb  alloys).  Ihese  figures  assume  an  abnn  to  atom 
correpondence  between  the  structures.  In  Fig.  3  all  of  die  structures  are  presented  in  a  common 
projection  normal  to  dieir  dosopacked  planes.  Frames  of  both  the  largest  unit  cell  (of  the  O^diase) 
and  of  die  particular  crystal  structure  unit  cells  are  also  shown.  Anatysis  of  the  intermediate 
structures  lead  to  die  following  detaib. 

The  I4/ninun  and  Fmmm  structures  (obtained  from  the  disordered  BCC,  Im^)  and  the 
P4/mmm  and  Cmmm  strochites  (obtadned  from  die  ordered  B2,  Pm3m)  rqnesent  homogeneous 
strain  of  the  cubic  lattice.  Ihe  I4/iiimm  (Wyckoff  positkm  2a)  and  P4/mmm  (Wyckoff  positions  la 
and  Id)  are  tetragonally  distorted  along  the  cubic  <  1(X)>  direction .  The  Fmmm  and  Cminm  are 
structures  with  different  distortions  along  two  orthogonal  cubic  <011  >  directions  (widi  Wyckoff 
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positions  4a  and  2a,  2c,  respecdvdy,  and  a  doubted  unit  cell,  reoentered  and  rotated  by  4S" 
(a*Ba4-b;b*Ba-b).  The  homogeneous  strains  oforthotfaombiciynunetty  do  not  diange  the  number 
of  atoms  per  primitive  cell  -  there  remains  one  attxn/cell  for  the  disordered  and  two  atoms/oell  for 
die  ordered  structures  (Fig.  4). 

The  overall  ordioiiiombic  distortion  of  tbe  cubic  structure,  if  not  supported  by  ordering,  is 
most  probably  unstable  for  materials  widi  simple  metallic  bonding.  Therefore,  these  structures  are 
not  expected  to  exist  as  metastable  states  but  radier  rqiresent  a  homogeneous  strain  accompai^g 
(and  setecting  the  orientation  of)  the  subsequent  symmetry  reduction  by  shuffle  displacement  (from 
Fmmm  and  Cmmm  to  Cmcm  and  Pmma,  respecdvely). 

Structures  oorre^nding  to  the  Cmcm  and  Pmma  space  gtoiqis  are  known  in  die  Uteratute 
as  die  Stcudotucberidit  A20  (ocU  prototype)  and  B19  (AuCd  proio^pe),  tespecdvety.  These 
structures  can  be  obduned  1^  heterogeneous  shuffles  of  pairs  of  (llQ)e  planes  of  mdier  disordered 
or  ordered  cubic  structure  (oorre^nding  to  ehher  1(X)  or  010  planes  of  the  Fininm  and  Cmmm, 
respective^  (Rg.  4)).  The  amplitude  ofdie  shuffle  di^lacement  wave  b  reflected  in  die  parameters 
of  die  y  coordinate  of  Wyckoff  positions:  4c  (0,y,l/4)  frir  the  Cmcm  structure  and  2e  (l/4,yj,0);2f 
(l/4,y2,l/2)forRnam.  The  symmetry  dianges  do  not  depend  on  die  ^  of  die  displacement  The 
effect  of  the  shuffles  on  the  disordered  Fmmm  (010)  is  diat  its  mirror  planes  act  changed  into 
diagonal  glide  planes,  and  all  two-fold  axes  disappear,  as  shown  in  Rg.  S  udiich  compares  die 
qrmmetry  elements  ofdiese  two  space  gtotqis.  The  Cmcm  structure  (or  equivatemty  Amamfrir  the 
Fmmm  coordinate  system)  has  a  shified  coordinate  origin  at  eidier  0,-1/4,-1/4(M’  0,1/4,1/4  On  order 
to  have  coinddence  of  common  symmetry  elements  as  shown  in  Fig.  S).  Similarly,  for  the  ordered 
Cmmm  (010)  mirror  planes  and  two-fold  axes  disai^iear,'  and  die  symmetry  became  Pmam  (or 
conventional  Pmma  [27]  widi  a  permutation  of  die  b  and  c  axes).  A  new  coordinate  origin  of  the 
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Pnuxia  is  also  at  ±  l/4,0,l/4. 

The  two  origiiis  oonespond  to  .t«w)  transbrional  variants,  with  a  (0,l/2,0)  di^laoemeitf 
vector.  Formalty,  from  ttie  maTimal  subgroup  relatioiis  [27],  the  traoslatioaal  variants  are  the  result 
of  a  lattice  decentering.  Structural^,  the  fonnation  of  the  two  variants  can  be  described  by  sbufile 
displacement  waves  that  are  out  of  phase  by  a  half  period  in  (pposite  directions.  Because  of  the 
displacive  nature  of  ordering,  a  translational  interface  between  tibem  has  a  stacking  fault  nature  with 
atomic  rfigramras  different  from  the  bulk  material.  We  will  discuss  details  of  the  interface  structure 
later. 


For  some  pedal  values  of  Wyckoff  positions  (y  coordinates)  and/or  of  lattice  parameters, 
a  structure  can  degenerate  into  a  structure  of  higher  pmmetty.  Such  a  lugher  symmetry  structure, 
the  hexagonal  P63/mmc  (I^.  3),  occurs  fx  the  disordered  Cmcm  when  the  shufOes  are  such  that 
Wyckoff  positkm  parameter  y  is  1/3  and  the  ratio  of  lattioe  parameters,  b/a,  is  Vis.  For  the  ordered 
ortlKxfaombic  Pmma  sudi  a  symmeby  increase  by  displacement  is  preduded  by  the  chemical  wder 
inherited  from  the  B2.  The  disordered  hexagonal  P6^/mmc  is  expected  to  be  more  stable  than  die 
disordered  orthoriiombic  Cmcm;  in  a  hard  qdiere  ajproximation  Pb^/mmc  has  higher  entropy  (due 
to  its  higher  symmetry)  vriiile  interaction  energies  are  comparable.  No  Ifaermodynaimc  barrier  for 
die  Cmcm  (A20)  to  Pb^/mmc  (A3)  transitioii  is  expected,  and  therefore  the  disordered  Cmcm 
structure  is  believed  to  be  unstable.  This  ooncluskHi  cast  doubts  on  die  existence  of  the  tiufy 
disordered  mdimhombic  marteiinte  (29).  (Neverdieless  disordered  Cmcm(A20)  structures  are 
known  for  U,  Am,  Ce,  Ga  widi  nonphericai  dectron  densities).  Conversely,  die  Pmma  structure 
(B19)  could  well  be  a  stable  or  a  metastabie  phase  and  exist  as  a  transient  state.  Indeed  mmerous 
B19  phases  are  known  in  different  systems  as  eidier  metastable  (martensidc)  or  stable  phases,  e.g.. 


AuCd  and  NiTi. 
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The  structure  widi  tiw  lowest  qrnunetiy,  the  Ojphase.  also  has  the  Cmcm  space  gioiq)  and 
ternary  ordering  on  three  Wyckoff  po«tioas,  4cj,  4c2  and  8g.  Tbe  O-phase  translations  cm  basal 
(001)o  plane  are  twice  that  of  the  binary  ordered  Pmma  (B19).  The  structure  can  be  ribtuned  by 
ordering  either  Pmma  (B19)  oc  Pbs/tntnc  (DO19).  The  DO19  structure  itself  can  be  obtained  by 
binary  ordering  of  die  disordered  HCP  (A3)  and  could  be  in  a  intermediate  metastable  state. 

2.3.  Descr4>tion  of  structures  as  qiecial  cases  of  the  lowest  symmetry  Cmcm. 

To  summarize,  the  structures  from  die  grotqi/subgroup  sequence  can  be  described  in  terms 
of  the  lowest  symmetry  Cmcm  ^lace  group  corresponding  to  the  T^AlNb  phase.  The 
orthorhombic  structure  has  three  Wyckoff  positions,  Aci  (0,yi,l/4),  4c2  (0,y2.1/4)  and  8g 
(X3,y3,l/4),  Special  vahies  of  the  Wydooff  corxthnates,  the  site  occupandes,  and  die  rados  of  the 
orthruhombic  lattice  parameters  can  describe  all  the  structures.  The  results  are  suirmiarized  in  Table 
2  udiere  die  space  groups,  Struckturbericht  name,  prototypes,  restrictions  on  lattice  parameters  Of 
aiqr),  ocoqiandes  (general  values  and  measured  values  for  H,Al,Nb)  and  coordinates  of  the 
Wyckoff  sites  are  presented.  From  the  sdiematic  representation  of  die  data  in  Fig.  3  one  can 
visualize  die  transformation  sequence  as  a  continuous  change  of  atomic  sites  occupandes  and 
positions  whfain  the  framework  of  the  Oiihase.  R^ardless  of  whether  die  transformations  occur 
a  ctmtinuous  medianism,  die  cmnnioa  geometrical  descriptkm  of  die  known  equilibrium  phases 
permits  die  realization,  in  prindple,  of  a  single  tfaermocfynamic  potential  rqiresenting  all  of  die 
phases  as  a  function  of  a  set  of  order  parameters  based  on  the  site  pontions  and  occupandes. 

3.  Transformation  paths^lvDa  and  hjerardrv  of  domains  interfaces. 


The  formal  ciystallogriqihic  sequence  of  group/subgroup  relations  (Fig.  2  and  3)  suggests 
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different  ws^  that  die  oohereot  phase  traosfonnatiou  finom  the  high  tenqieratureBCCCIiD^)  phase 
migjit  occur  in  leali^.  While  the  <hrectfonnation  of  the  lowest  synunetiyidiase  by  a  reconstructive 
transformation  is  possible,  mioostiuctural  evidence  Resented  in  Part  II  suggests  die  ooidrary.  The 
transformation  proceeds  by  stqis  according  to  the  sequence  wiudi  imply  metastable  transient  phases. 
Eadi  transient  phase  nu^  exist  over  some  temperature  interval  between  upper  (to  die  supergroup 
phase)  and  lower  (to  the  subgroup  phase)  critical  temperatures  (or  temperatures  of  phase  instability 
for  1st  order  transitions).  Each  transformation  step  of  the  sequence  will  reduce  a  crystal  of  die 
higher  ^mmetry  phase  into  lower  symmetry  {diase  variants  (except  A20  -»  A3  where  an  increase 
of  ^mmetry  does  not  lead  to  new  variants).  The  orientation  and  relative  translation  of  the  variants 
will  be  related  to  each  other  by  die  symmetry  tolerations  of  die  preceding  hi^ier  qmimetry  phase 
that  disaioieared  after  the  transitkm.  Therefore  a  hierarcfaical  On  a  sense  of  both  symmetry  reduction 
anA  ^Vwnain  riixtrihurifln)  migmstnieliire  i*  Assuming  die  nucleation  Of  different 

low  symmetry  phase  variants  in  each  variant  of  the  high  symmetry  phase  and  the  absence  of 
significant  dtuniun  coarsening,  a  hietardiy  of  microstructuial  scale  is  also  expected.  The 
transftwmation  sequence  can  then  be  recognized  by  the  way  in  which  the  variants  of  the  lowest 
symmetry  phase  are  grouped. 


Starting  from  the  A2  (BCQ  {diase,  die  lowest  symmetry  O-phase  can  be  obtained  along 
different  transformation  paths  (different  sequences  of  transformation  steps).  Using  the  maxinial 
subgroiqis  relations  in  Fig.  2  and  reasoning  about  the  stabiliQr  of  structures  discussed  in  2.2,  one 
fintfa  that  foUowing  three  transformation  paths  are  feasible: 

[121  [1]  [41  [31 


Im^A2)  -»  Cmcm(A20)  Pbj/mmcfAS)  P63/mmc(DO|9)  -*  Cmcni(0) 


(3.1) 
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12]  [12]  PI 

Iiii^A2)  -«>  Pm3iii(B2)  Pmina(B19)  -  Ciiicin(0)  (3.2) 

[12]  P]  P] 

IaSin(A2)  -»  Ciiiciii(A2(Q  -»  Piiiina(B19)  -»  Cnicin(0)  P.3) 

^j^iere  Ac  numbers  in  brackets  are  the  number  of  variants  possible  after  symmetry  the  change  . 

The  microsmictuties  resulting  from  tfiese  sequences  swll  consist  oftfae  same  O-phase  but 
(Ustiiictiy  different  hierarchies  and  types  of  interfeces.  The  Qrpe  of  interfaces,  either  rotatioiial, 
translational  or  mixed,  is  obnousfnm  die  group/subgtoiqtteladon.  Each  qnmnetry  leductkm  has 
necessarily  mote  Aea  one  variant  of  die  low  symmetry  phase.  Variant  generating  operations  and 
tfadr  matrices,  g|,  can  be  obtauned  wife  the  hdpofthe  International  Tables  for  Crystallography  p7] 
from  fee  list  of  Symmetry  Operations  of  fee  space  group,  after  eatchidiny  fee  symmetry  operations 
of  fee  subgroup  listed  in  fee  Maximal  subgroups  table  (see  Table  1). 

Hie  number  of  variants  in  each  transitioa  is  equal  to  fee  index  of  fee  subgrotq)  (square 
bcadoets  in  Rg.  2  and  in  (3.1)  •  (3.3)).  For  a  sequence  of  transitions  the  number  of  lowest 
symmetry  phase  variants  (wife  reflect  to  fee  hi^iest  symmetry  pbue)  will  be  fee  i»oduct  of  indices 
for  each  step.  For  fee  transformation  pafes,  (3.2)  and  p.3),  fee  number  of  variants  is  fee  same; 
viz.,  48  (2x12x2  or  12x2x2).  For  fee  transformatioa  path,  p.l),  mote  variants  occur;  viz.,  144 
(12x1x4x3)  because  of  fee  hexagonal  symmetry  present  as  an  intermediate  state.  The  index  of  12 
in  (3.1X3.3)is  the  ptodua  0x2x2)  of  indices  of  fee  individual  maxinial  sifegrotqis  feat  accbtnpUsh 
fee  homogeneous  distortion  and  the  shuffles  between  In^  and  Cmcm  or  between  FmSm  and 


Pmma. 
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The  maximal  subgroups  in  (27]  (e.g.  shown  in  Table  1)  are  divided  into  isomorphic  and  non- 

V 

isomorphic  subgroi^)  classes.  The  isomorphic  subgroups  (lie)  differ  from  their  parent  group  onty 
by  a  translation  group;  te..  an  increased  unit  cell  size  (e.g.,  HCP  to  DO|9  ordering  which  maintains 
die  same  rotation  group  but  the  cell  dimensions  in  the  basal  plane).  The  non-isomorphic 

class  is  divided  into  three  subclasses.  Class  Ila,  in  which  the  unit  cell  is  decentered,  will  have 
translational  variants  similar  to  die  isomoriduc  subgroups  (e.g.  ordering  of  BCC  (In&n)  to 
B2(Pm3m)).  Class  Ilb,  in  which  the  unit  cell  is  decentered  ^  enlarged,  will  also  have  only 
translational  variants  (e.g  ordering  in  die  Fe-Al  system  of  the  B2(Pin3m)  to  the  DO3  (Fm3m)  phase). 
Therefore  variants  of  these  Classes,  Ila,  Ub  and  lie,  are  [wrely  transladonal.  The  diird  Qrpe  of  non- 
isomoriduc  subgroup  is  Class  I  (t  subgroups),  which  retain  all  translation,  and  have  only  rotational 
variants  (e.g.  transition  in  the  YBa2Cu307^  high  'I'e  superconductor  from  the  tetragonal  P4/mnim 
to  the  orthorhombic  Pmmm  svperocmducting  phase).  For  non-maximal  subgroups 
translational/iotational  combinations  ate  possible.  In  Table  3,  the  Qrpe  of  interfaces  which  are 
created  in  each  group/subgtoiq)  transformation  step  of  the  transformation  paths  (3.1)-(3.3)  are 
summarized. 

In  the  case  of  coherent  structure  formation,  the  contacting  volumes  of  the  different  variants, 
which  form  differently  oriented  or  shifted  lattices  wddi  respea  to  eadi  other,  are  known  respectively 
as  rotational  and  translationai  domains.  Mixed  rotational/translational  domains  are  also  possible  for 
transitions  with  non-maximal  subgrotq)  relation.  A  single  rotational  variant  of  a  transformation 
usually  has  slightty  different  orientatxKi  of  axes  widi  respect  to  its  parent  dian  diose  folkming  the 
structural  corre^ndenoe.  The  orientation  depends  on  the  kind  of  variant  of  die  surrounding 
domains  and  the  intwfaffft  orientation.  In  general,  the  number  and  orientation  of  coexisting  domains 
as  well  as  die  configuration  of  die  domain  interfaces,  i.e.,  die  domain  structure,  depend  on  die 
thermodynamics  and  kinetics  of  die  phase  transformation. 
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Two  nisyor  factors  will  effect  tiie  moridiology  and  die  orientation  of  equilibrium  interfaces  - 
tfadr  surface  energy  and  dieir  bulk  elastic  energy  due  to  the  misfit  between  different  variants  and 
between  die  matrix  and  different  variants.  For  rotational  domains  the  sdf>strains  generate  significant 
long  range  strain  and  one  expects  elastic  energy  minimization  to  dominate  the  selection  of  the 
interface  patterns,  as  described  in  detail  in  section  4.  Fbr  translational  dotnams,  (class  n  subgroup 
transitions)  there  is  no  diange  of  crystal  system  (e.g  cubic  to  cubic  lattice  in  the  BCC  -*■  B2 
transition),  and  dierefore  only  dilatational  strauns  are  expected.  Thus  die  surface  energy,  or  more 
predsely  its  anisotix^,  controls  the  morphology.  However,  as  mai^  exanqiles  from  ordered  alloys 
show,  diese  surface  energies  often  have  weak  anisotropy  and  domain  walls  are  isotropic  and  wavy. 
Ihis  is  eqiedalty  true  for  diemical  (substitutional  or  interstitial)  ordering  p3].  Based  on  this,  wavy 
isotrqpic  interfaces  are  expected  for  the  following  transitioDs  presented  in  Table  3:  Ini3m-»Pm3m, 
P63/mmc(A3)  P63/nimc(DO|9),  Cmcm(A20)  Pmma(B19)  and  Pmma(B19)  Cmcm(0).  Less 
clear  are  two  cases  of  trandadonal  dmmuns  indie  In^m-»  Cmcm  (A20)  and  the  Ftti3m-»  Pmma 
(B19)  transidons  as  discussed  in  detail  in  Appendix  A  &  B. 

4.  Eouilibrium  structure  of  rotational  domains:  interfaces  and  their  arrangement. 

For  rotatkmal  dcunains  the  elastic  energy  dominates  the  interfadal  energy  for  suffidentty 
coarse  structures.  We  will  onfy  consider  eqiulibrium  features  of  rotational  dommn  structures  whidi 
minimize  elastic  energy  ti^iile  ignoring  thdriiderfadal  energy.  For  interfaces  widi  equivalent  elastic 
energy,  the  mterfadal  energy,  whidi  can  be  different  for  different  Qrpes  and  orientations  of 
interfaces  (even  for  die  same  pair  of  variants),  determines  die  relative  stabiliQr. 

It  is  convenient  to  subdivide  die  elastic  probl^  into  two  steps.  First,  we  will  consider  the 
simplest  domain  structure  -  two  domains  of  two  different  variants.  Secondly,  using  results  for  die 
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domain  pairs,  we  will  discuss  die  domain  stnictures  consisting  of  more  dian  two  domains.  The 

s 

results,  first  discussed  in  general  terms,  will  be  applied  to  two  transformations  in  the  Ti-Al-Nb 
^stem  involving  rotational  domains:  cubic  to  onhorbombic  Cmcm,  Pm3in-»  Puiina)  and 

hexagonal  to  orthorhombic  (PS^Jtaiac  Cmcm). 

4.1  Pairs  of  Etomains. 

The  most  important  characteristic  which  determines  a  domain  structure  is  self-distortion. 
or  its  symmetric  part,  self-strain.  6^.  The  self-strain  is  a  homogeneous  macroscc^ic  strain  diat 
accompanies  each  phase  transformation.  The  inhomogeneous  strains  associated  widi  shufOes  can 
be  neglected  since  their  effects  cancel  over  a  few  atomic  dimensions.  Different  variants  of  eadi 
transformation  are  characterized  by  different  self-strain  tensors  according  to  different  orientations 
of  the  crystal  axes  of  the  variants,  and  therefore  of  the  princ4>al  axes  of  the  tensor.  The  self-strain 
tensors  of  two  different  variants,  e.g.  1  and  2,  are  connected  by  the  following  relation: 


eij(2)  =  gikgjiekid)  (4*1) 

vdiere  gj^  is  die  matrix  of  one  of  die  patent  phase  ^lace  group  symmetry  operators  vdiich  are  not 
a  part  of  the  ^lace  groups  of  the  two  variants.  Operadng  on  the  self-strain  tensor  of  one  variant 
wididiese  lost  symmetry  elements  generates  die  self-strain  tensors  for  the  other  variants.  Exan^les 
of  diese  matrices  for  die  hex  -»  0-(diase  and  the  BCC  O-phase  transformations  are  given  in  the 
Appendix  A. 


In  a  coherent  crystalline  system  incon4)atibilily  of  the  self-strains  on  bodi  sides  of  the 
interface  between  domains  creates  internal  stress  originating  from  the  interface.  Such  stress  will  not 
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arise,  and  a  stress-free  interface  (SFQ  will  result  if 

1)  die  interfece  is  planar,  and 

2)  die  self-strsuns  on  bodi  sides  are  oonqMttible;  Le.,  no  discontinuity  of  displacements  occurs 
at  the  interface. 


To  meet  the  requirement  of  oonqiatibili^  it  is  necessary  and  suffident  that  the  difference  between 
two  self-strains  can  be  rq)resented  as  die  symmetric  part  of  a  diadlc  product  of  two  unit  vectors,  m 
and  n,: 


=  Cij^)  -  CijCO  =  V4s(minj  +  niiiij)  (4.2) 

vdiere  m;  is  a  vector  normal  to  the  planar  interface  considered,  nj  is  a  vector  ordiogonal  to  the  no;, 
and  s  is  a  scalar  measure  of  self-strain  difference  P3].  The  rotation  of  the  variants  necessary  to 
maintain  contaa  between  the  dommns  is  given  as 


=  ±  V4s(mii^  -  (4.3) 

When  the  strain  difference  given  in  Eq.(4.2)  b  combined  with  the  relative  rotation  of  domains  given 
in  Eq.(4.3),  a  simple  shear  wdll  describe  die  rdationship  between  the  two  domains.  The  tUstortkm 
tensor  describiog  this  sinqile  shear  is  eidier  sn^  along  a  plane  with  mnormal  in  the  directkm  nor 
sm^  along  die  plane  with  n  normal  in  the  directicm  m.  These  simple  shears  are  twin  shears,  and 
the  domains  can  be  amsidered  as  twins  widi  two  twinning  planes,  m  or  n,  normal  to  eadi  other. 
One  of  diese  twinning  planes  coincides  with  a  mirrcx'  plane  of  the  patent  crystal  structure  (wtucfa  is 
not  a  symmetry  element  ofdie  variants  under  consideration)  and  dietefote  has  rational  indices'^  The 
other  one  can  be  a  plane  uridi  irrational  indices  in  coordinates  of  the  parent  crystal.  The  rational 
mirror  plane  corresponds  to  type  I  twinning,  wh^eas  die  second,  irrational  plane,  corresponds  to 
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type  n  twinning  [34].  Using  a  simple  two-dimensional  example  of  a  square  to  a  rectangle  (ip4mm 
to  p2mm)  transition.  Fig.  6  illustrates  die  operations  described  above.  (Only  l^pe  I  twinning  occur 
in  this  example.) 

The  orientation  of  SFI’s  as  well  as  die  domain  misorientations  can  be  found  directly  from 
Eq.(4.2)  in  the  coordinate  system  of  the  primriple  axes  of  the  strain  difference  tensor  Ae^  p3,35J. 
For  all  other  coordinate  systems  it  is  convenient  to  transform  Eq(4.2)  by  multiplying  it  by  XjXj, 
ixdiere  Xj  is  an  arbitrary  vector  belonging  either  to  die  m  (x^m^  =  0)  or  n  (x^n^  =  0)  SFI  planes  to 
obtain  [36] 

Xi(eg(2)-e^(l))Xj  =  0  (4.4) 

This  quadratic  equation  ^lits  into  die  product  of  two  linear  equations  whose  solutions  determine  the 
coordinates  of  two  SFI  planes.  (The  absence  of  a  solution  of  Eq.  (4.4)  inqilies  that  the  difference 
between  the  self-struns  of  die  variants  can  not  be  i^resented  in  the  diadic  form  of  Eq.  (4.2),  and 
therefore  a  domain  pair  generated  by  these  variants  cannot  have  a  SFI.) 

Both  equivalent  equations,  (4.2)  and  (4.4),  were  obtained  with  the  assunqition  that  the  self- 
strains  are  small  [33, 3^.  However,  Eq.(4.4)  can  be  easily  generalized  to  avoid  the  small-strain 
qipronmation  using  standard  fimte  deformation  analyus.  A  plane  belonging  to  die  paroit  phase 
becomes  a  SFI  if  any  vector  in  that  plane,  after  being  transformed,  will  have  the  same  length  in 
bodi  variants.  In  variant  (1)  the  vector  becomes  X{(1)  =  (^  +  S||^1))X|^  wdiere  is  a  unit 
matrix,  S|^l)  is  a  self-distortion  tensor  of  the  variant  1.  The  variant  (2)  transforms  die  sanaesvectm 
into  )^(2)  =  (5ac  +  S|]^))x^  The  equality  of  die  lengths  G^^l)  =  X^^))  leads  to  an  equation 
similar  in  its  form  to  Eq.(4.4)  but  where 


19 


(4.5) 


eg  =  V4(S.~  +  Sji)  + V4Si^ 

Eq.(4.5)  is  a  str^  tensor  conunonty  used  to  describe  finite  deformation  and  provides  an  exact 
definition  of  self-strain  as  a  symmetric  tensor  based  on  the  known  self-distortion  tensor  of  a 
transformations,  and  it  includes  a  quadratic  term  of  the  distortion  tensor,  S^.  For  weakly  first  (Hder 
and  second  order  ferroelastic-type  transformations,  the  quadratic  term  can  be  neglected  in  the 
vicinity  of  transformation  because  (related  to  the  order  parameter)  is  small.  For  strongly  first 
order  martensitic  transformations,  vddi  large  distortions,  the  quadratic  term  can  be  considnable. 

Besides  the  solutions  corresponding  to  file  rational  mirror  planes  in  the  parent  phase, 
Eq.(4.4)  has  solutions  that  d^iend  on  die  lattice  parameters  of  die  product  phases,  and  therefore 
yield  orientatioos  that  ate  generally  irrational  and  depend  on  transformation  temperature  and  the 
phase  conqxiridons.  The  solutions  for  orientations  of  SFIs  for  94  different  conibinations  of  higher 
and  lower  point  groups,  rdevant  for  fertoelasdc  transformation,  are  given  by  Saprfol  by  solving 
Eq.(4.4)  P6].  For  die  transitions  considered  in  diis  work,  namely  for  BCC7B2  to 
ordioriiombic/HCP  structures  ( Im3ni(A2)  -*  Cmcm(A20)/P63/mmc(A3)  and  Pm3m(B2)-*Pnuna(B19) 

)  and  for  HCP  to  ordiotfaombic  ( P63/ninic(D0i9)  -»  Cmcm(0-phase) ),  spedfic  forms  of  Eq.(4.4) 
and  its  solutions  are  given  in  ^[^midix  A.  For  die  HCP  orthorhoihbic  transformation,  there  are 
only  symmetric  SFIs  of  die  {lI(X)}|,  and  {ll20}|,  types  (the  irrational  solution  degenerates  into  a 
symmetric  one).  The  SFIs  oorre^nd  to  {n0}o  and  {130}^,  reflectively,  udien  transformed  to 
coordinates  of  the  O-fdiase.  For  die  BCC  -*  ordiotlionibic  (or  similarly  HCP)  transformation,  there 
are  diree  SFIs  of  die  {100}^  type,  six  of  die  {110}^  type,  and  six  irrational  {hhk}^  types  widi  h/k 
ratios  depending  on  the  lattice  paramfers  of  the  ordiotfaonibic  (or  hexagonal)  phase.  The  fiBtkmal 
SFIs  correspond  to  {021}o  and  lespecti^Iy,  when  transformed  to  coordinates  of  the  O- 

phase.  The  {hhk}^-type  interfaces  in  the  O-phase  coordinates  are  of  the  form  {l,(s-l),2(s+l)}o 
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v^dieie  s=k/h.  The  {hhk}^  interfaces,  \(4iea  eair»iiat^  for  tiie  lattice  parameters  of  the  DOj^  or  O 
phases  taken  from  the  Ulerature  [4],  are  found  to  be  close  to  {155}^  and  {144}^,  respectively.  The 
pair  of  orthogonal  interfaces  between  different  pairs  of  variants  ate  snmmarired  in  Table  4  s^iete 
die  labeling  of  the  pairs  is  given  according  to  Hg.  A.2. 

4.2  Polydomain  Structures 

Two  rotational  domains  sqiarated  by  a  planar  SFl  are  a  unique  morphology  that  avoids  long 
range  elastic  stress  fields.  Two  domains  cannot  be  bounded  die  two  conjugate  orthogonal  SHs 
as  shown  in  Fig.  7a,  because  the  comer  where  diese  SFls  intersect  eadi  odier  would  be  a 
disdination,  and  therefore  a  source  of  a  long-range  distortion. 

The  r^itimal  shape  of  one  domain  included  inside  another  is  a  plate  with  a  small  thickness 
to  lengdi  rafio.  (Experimeotally  the  plates  usually  are  fiHmd  lenticular.)  If  the  wide  facets  of  the 
plate  are  SFI’s,  die  stress  field  would  be  concentrated  only  near  the  plate  edge,  in  a  manner  similar 
to  a  dislocation  loop  field  (Fig.  7b)  [35, 37].  This  long  range  field  can  be  reduced  if  a  packet  of 
plate-like  domains  is  formed  (Fig.  7c).  If  die  boundaries  of  the  packets  Qmaginary  planes  thiou^ 
the  plate  edges)  are  aligned  parallel  to  the  coiyugate  SFI  plane  n  of  the  SFI  plane  of  the  individual 
plates,  m,  then  interfierenoe  of  die  edge  fields  cancels  the  long-range  stress  field  components.  Such 
planeparallel  packets  (also  named  in  the  literature  as  polvtwins  (lay  analogy  with  potysyndietic 
twins),  or  polydomains)  are  a  ^ical  element  of  domain  morphology. 

The  potytwin  as  a  whole  can  be  considered  as  an  effective  "domain”  of  second  order  in  a 
hierarchy  of  domain  structures  P3,37].  By  analogy  domain  structures  of  even  higher  mder  can  also 
be  constructed.  Examples  of  a  domain  structure  of  2nd  order  for  the  BCC  -»  Ort  transition 
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consisdng  of  3  variants  are  discussed  below  and  illustrated  in  Hg.  8. 


Tbe  pseudo^FIs  between  polytudns  can  be  determined  by  the  same  Eqs.  (4.4)  and  (4.5), 
where  (or  S^)  is  an  average  self-strain  of  tbe  polytwin  as  a  D^le.  For  example,  the  equatkxis 
for  the  SFI  between  die  polytmnoonasting  of  domains  1  and  2  and  the  polyts^  consisting  of  1  and 
3  is 


Xi(eg(l,2)-eg(l,3))Xj  =  0 


(4.6) 


The  average  self-distortions  S^l,2)  and  S^l,3)  are  oqiiessed  through  an  average  distortion  of  the 
polytwins 


Sg(1.2)  =  (1-0)85(1)  +  oS^a) 


(4.7a) 


55(1,3)  =  (1-15)85(1) +  1585(3) 


(4.7b) 


where  a  (or  /5)  is  the  firacdon  of  domains  2  (or  3)  in  polytwin  (1,2)  (or  1,3),  and  where  the 
distortions  85(1),  85(2)  and  85(3)  include  die  suf^lementaiy  rotations  (Eq.  (4.3))  of  the  domains  in 
the  polybKons  required  for  consoving  oobeteocy. 


In  general,  to  determine  the  pseudo-SFI  between  potytwins,  die  firactions  a  and  fi  must  be 
known.  If  a  =  ^,  die  stress  free  boundary  between  polytwin  (1,2)  and  polytwin  (13)  may  tun 
akmg  die  SFI  between  domains  2  and  3.  For  that,  a  line  of  intersection  of  die  1,2  8FI  and  die  1,3 
SFI  has  to  belong  to  the  2,3  8FI.  For  die  BCC  -»  ORT  transformation  there  are  three  different 
interfeces  ofthis  type  between  poly  twins  consisting  of  3  types  of  domains:  along  {100}^,  {110}^  and 


22 

{hll}^  according  to  die  diree  possible  orientations  of  die  SFI’s  between  the  domains  given  in  Table 

V.  * 

4.  Using  Table  4  it  is  not  difficult  to  find  all  possible  second  order  polydomain  motidiologies  for 
the  a  =  /8  case.  Sudi  morphologies  for  diree-variant  structures  are  r^iesented  in  Fig.  8.  It  is  very 
likely  that  such  structures  vnth  a  =  /3  correspond  to  a  minimal  energy. 

While  interfaces  between  polytwins  that  satisfy  Eqs.  7, 8  have  no  long-range  stress  field,  di^ 
do  have  microstresses  distributed  in  die  packet  boundary.  Even  in  the  case  of  good  matrhing  (a  s 
/?},  the  rotation  between  different  domains  causes  microstresses  which  can  be  described  as  fields 
from  disclination  dipoles.  These  microstresses  at  die  boundary  could  manifest  themselves  during 
annealing  as  sites  for  further  microstructural  diange. 

The  ^proach  of  packing  first,  second,  and  hi^ber  order  effective  domains  can  be  applied 
in  princqile  for  the  analysis  of  any  hierarchy  of  domain  structures.  The  scale  of  such  hierarchical 
structures  should  be  detemuned  by  die  oonqietition  between  the  short-range  microstresses  distributed 
in  die  packet  boundaries  diat  tend  to  disperse  die  structure  and  the  effective  interfriciai  energy  diat 
tends  to  coarsen  the  structure^.  The  number  of  d^  variants  in  die  polydomain  structure  which  are 
necessary  to  accommodate  die  seif  strain  dqieiids  on.  boundary  conditions.  For  a  polydomain 
structure  inside  an  untransformed  matrix,  the  sin^lest  polytwin  that  has  an  invariant  plane  boundary 
widi  the  matrix  is  suffident  [39,40].  If  die  boundary  of  the  region  to  be  transformed  is  fixed,  e.g. 
it  coincides  with  a  grain  boundary,  minimum  elastic  energy  corresponds  to  die  minimum  average 
self-strain  of  die  region,  or  zeto  average  shear.  This  condition  can  be  adiieved  only  triien  all 


^  As  shown  by  [33,35,37],  similar  hierarducal  structures  can  also  be  formed  by  remains 
consisting  of  different  phases.  For  exan^le,  the  structure  moiidiologically  similar  to  die  S-dmnain 
structure  in  Fig.  8  can  be  created  by  incorporating  two  domains  of  the  O-  phase  inside  of  which 
there  is  one  domain  of  the  hexagonal  DO|9  phase  (domain  1).  The  geometry  of  sudi  a  heterophase 
structure  vill  be  analyzed  in  Part  n. 
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variants  take  part  in  tiie  pofydomain  stcuctute.  The  number  of  Ae  variants  detennines  an  internal 
hierarchy  of  die  polydomain  structure. 


5.  Expected  Microstructures  and  Transformation  Paths 

The  present  analysis  suggests  that  diree  different  types  of  domain  structures  are  possible  for 
a  single  idiase  miaostructure  of  die  O-phase  depending  on  the  transformation  path  traversed.  The 
paths  are  summarized  by  Eqns.  3.1. 3.2  and  3.3  in  the  form  of  subgroup  sequences.  These  paths 
differ  primarily  as  to  v/be&ner  the  hexagonal  symmetry  phases  or  die  B19  phase  occurs  at  an 
intermediate  stage  of  transidon.  The  path  involving  die  hexagonal  {diases  (Eqn.  3.1)  involves  the 
formation  of  a  supergtoiqi;  Le.,  the  intermediate  ordKxhoinbic  A20  structure  transforms  to  the 
hexagonal  A3  ity  pure  dlqilaoement  In  general  this  is  inqxissible  (as  a  pure  di^lacive 
transformation)  if  die  parent  phase  has  dtber  long  or  short  rimge  chemical  order  of  a  type  which 
would  have  been  required  to  adjust  to  form  die  hi^ier  symmetry  [41].  Thus  padi  3.1  is  only 
possible  for  alloys  quenched  from  a  disordered  BCC  phase. 

For  Ti-Al-Nb  alloys  quendied  from  a  B2  {hase  field,  path  3.2  is  clearly  eiqiected.  The  path 
is  diaracterized  Ity  die  ptesenoe  of  the  B19  structure  as  an  intermediate  stage  of  transition,  wfaidi 
in  diis  case  forms  Ity  a  putefy  di^ladve  transition  from  B2.  The  B19  jhase  could  also  form  from 
an  alloy  quendied  from  the  disordered  BCC  fidd  by  path  (3.2)  <»-  by  path  (3.3).  This  latter  padi 
involves  the  formationof  the  B19  structure  from  the  orthorhombic  A20  by  a  pure  ordering  reaction 
between  T1  and  Al/Nb.  Experimentally,  evidence  for  die  occurrence  of  one  of  the  diree  pidis  can 
be  obtained  with  microstructural  information  for  the  transient  existence  of  B19  or  A3  phases  in  the 
final  O-phase  domain  structure.  In  alloys  near  the  Ti3Al-Nb3Al  section  of  die  ternary  system,  the 
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tendency  towards  B2  order  in  the  high  ten:^)era&ire  BCC  phase  is  strongest  for  alloys  near  TijAlNb 
because  die  two  Wyckoff  sites  of  the  B2  are  known  (21]  to  be  filled  wddi  T1  and  a  mixture  of  A1  and 
Mb.  Thus  padis  to  the  O-phase  involving  the  B19  phase  are  most  likely  for  alk^s  widi  Nb  contents 
around  2Sat%,  i^iile  the  padi  to  the  Opbase  involving  the  hexagonal  {diase  is  expected  fix-  lower 
levels  of  Nb. 

The  microstructural  development  for  the  three  paths  is  depicted  in  Hg.  9,  stardng  fiom  a 
large  grain  single  phase  BCC  and  ending  with  single  phase  txthorhombic.  It  is  assumed  that  the 
interface  configuratioa  does  not  change  significantly  after  formation  at  eadi  stage  of  the 
transformatioiL  All  three  padis,  in  their  first  stages,  have  similar  microstructures  composed  of 
orthoihombic  phase  domahs  (eidier  disordered  Cmcm(A20)  for  path  3.1  and  3.3  or  ordered 
Pmma(B19)  for  padi  3.2).  According  to  die  discus^n  in  Sec.4,  the  domains  will  form  a  polytwin 
morphology  with  SFls  parallel  to  either  {100}^,  {HO}^  or  conjugate  piaocs.  In  path  3.2,  the 
BCC  B2  ordering  precedes  the  fixination  of  the  ordtocbcunbic  phase  but  does  not  influence  the 
formation  and  moririiology  of  the  polytwin  structure.  The  ATOs  due  to  diis  ordering  (curved  lines) 
s^arate  eidier  interconnected  or  closed  volume  domains  and  m^  be  found  continuously  crossing 
die  polytwin  domains.  If  path  3.2  starts  from  die  B2  phase,  sudi  ATOs  vtdU  be  absent 

Inside  the  pofytwin  plate-like  domains,  as  Fig.  9  shows,  anisotrt^ic  planar  interfaces 
(sdiematically  represented  as  rectangles,  or  straight  lines  for  interfaces  connected  to  tunn 
boundaries)  separate  two  translational  rinmain*  resulting  from  anti{diase  shuffles  (frinnaiiy  due  to  the 
Fhmim -•Cmcm  and  Cininm-*Pmma  symmetry  changes).  The  anisotrc^  is  expected  because  of 
the  fftirJfing  faait  nature  of  the  interface  stnicture.  Because  of  the  anisotropy  the  interfaces  are 
distinct  for  each  ordiorfaombic  phase  variant  orientation. 
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After  die  formadon  of  tbe  potytwin  structure  by  (U^lacive  ordering,  the  next  st^  in  all  Alee 
transformation  paths  is  cbenucal  ordering.  For  path  3.1  die  ordering  involves  two  steps.  First,  A3 
DOi9  ordering  of  the  hexagonal  latdoe  (between  A1  and  Ti/Nb)  results  in  a  four  translational 
dmnain  structure  vridi  isotropic  interfaces  shown  m  Rg.  9  as  thin  lines  mth  triple  >nictions.  Some 
of  the  interfaces  are  shown  to  coincide  with  previously  formed  translational  interfaces,  ihese 
coinciding  segments  will  have  a  structure  uAere  changes  in  both  atomic  environment  and  (hstances 
are  combined.  Secondary  ordering  (DO|9  O-phase)  between  Ti  and  Mb  results  in  a  second 
polytwin  domain  structure  with  planar  interfaces  running  through  the  IX)|9  APBs,  which  are  not 
effected  by  die  secondary  txdering.  The  interfaces  in  the  same  primary  plate  can  have  different 
orientations  (either  ordiogonal  or  60*  rotated)  as  discussed  in  Appendix  A  and  shown  in  Fig.  9. 


In  path  3.2,  the  ordering  (B19  O-phase)  between  A1  and  Nb  results  in  a  two  domain 
structure,  with  isotropic  intero(»nected  or  closed  interfaces.  Due  to  die  presumed  lower  temperature 
of  transfmnatXMi  for  this  stage,  die  rise  of  these  antiphase  domrins  is  shown  in  Rg.  9  smaller  then 
of  those  from  die  first  BCC  -»  B2  ordering.  If  the  path  starts  from  the  B2  phase  only  the  second 
type  of  antiphase  domrins  will  occur  in  the  final  microstructure. 

In  padi  3.3  diere  are  two  steps  of  diemical  ordering  -  the  first  one  between  Ti  and  Al/Nb 
atoms  (A20 B19)  and  die  second  one  between  A1  and  Nb  (B19 O-phase)  -  resulting  In  isotropic 
interfaces.  Again,  due  to  the  difference  in  the  presumed  temperature  of  transformation,  die  rize  of 
diese  antiphase  domrins  may  be  different  Ifowever  the  difference,  as  it  is  shown  in  Rg.  9,  is  less 
than  for  padi  3.2,  and  this  is  die  rmly  difference  in  diese  two  final  micsostructures. 
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Appendix  A.  SFIs  for  the  P6j/iniiK(IX)t9)  •«  0ncm(0)  (6/miiiiii-»  mmm)  tranatioa. 

The  structural  idadoa  between  the  phases  (o  •  orthothombic;  h  -  hexagonal)  gives  the 
following  lattice  corre^ndence:  Sq  =  >1^:  b,  =  >Ui  ~  shows 

steieogrs^c  projections  of  die  point  groups  of  the  hexagonal  and  of  die  onhothombic  fdiase 
variants,  according  to  the  lattice  corre^ndence.  When  die  synunetry  elements  of  a  pair  of  variants 
are  compared,  we  find  a  set  of  two  ordiogonal  mirror  planes  whidi  belong  to  the  parent  phase  but 
not  to  the  pair  considered.  E.g.,  for  variants  2  and  3  in  Fig.  A.1,  the  set  of  lost  mirror  planes  is 
X  =  0  and  y  =  0.  Similarly,  for  die  1/2  and  1/3  pairs  of  domains  the  sets  are  y/x  =  tan  30**  = 
■1/3/3,  y/x  =  tan  120“  =  V3  and  y/x  =  tan  60“  =  i/3,  y/x  =  tan  150“  =  a/3/3,  respectively. 
Being  mirror  planes,  and  therefore  twinning  planes,  the  three  sets  are  planar  SFIs  running  parallel 
to  the  z-axis. 

The  same  results  can  be  obtained  by  solving  Eqn.  (4.4).  For  this  purpose,  die  self-strain 
tensor  of  the  diree  variants  must  be  first  determined.  For  variant  1  in  Bg.  A.1,  the  self-strain  tensor 
will  be 


0  0 
e2  0 
0  e3 


(A.1) 


wiwre 


ei  =  a  +  a?/2;  Cj  =  b  +  b^/2;  e3  =  c  +  ^/2. 
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with 

N. 

a= - 'Jo- - - — ,c= - . 

«*  <^k 

The  self-strain  tensor  for  the  other  two  variants  will  be  obtained  using  Eqn.(4.1).  The 
variant  generating  ^mmetry  operation  in  that  case  is  chosen  to  be  the  three-fold  anti-clock-wise 
rotation  (gy  =  S'),  so  that  &y(3)  =  3*  3*  ^-(1)  and  ^(2)  =  3*  3'  ^(3)  (see  Rg.  A.1).  In  order  to 
do  calculations  in  orthogonal  coordinates,  die  matrix  of  die  three-fold  rotation  must  be  presented  in 
the  same  coordinates.  It  is  found  as 


-1/2  -v^  0 
,/5i/2  -1/2  0 
0  0  1 


(A.2) 


After  matrix  multiplication  we  find  that 


£.3i  0 

4  4  4  4 


= 


4  4 

I  0 


0 

4  4 

0  c 


(A-3) 


and 


4 


V5  1  0 
1  -  VS  0 
0  0  0 


(A.4) 


Eqn.  4  for  die  SI  interfaces  between  variants  3  and  1  will  be 
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jc^-y^+-^xy=0 

y/3 


(A-5) 


or 

(y  -■/3x)(y  +  X//3)  =  0. 

Two  solutioas  for  ttie  quadratic  equation  are  y/x  =  V3  and  y/x  =  V3/3  and  do  not  dq)end 
on  the  param^ers  a.  b  and  c.  These  are  the  same  mirror  planes  found  widi  die  help  of  die 
stereographic  analysis  performed  above.  Solutions  for  the  other  variants  can  be  found  similarly,  and 
they  are  die  remaining  mirror  planes  of  die  fi/nunm  widi  y/x  =  /3/3,  (for  the  1/2  variants)  and 

X  =  0,  y  =  0  (for  the  2/3  variants).  A  pair  of  variants  can  be  identified  unambiguously  finom  dieir 
interface  orientation. 

Apoendix  B.  SFh  for  the  Ioi3ai(A2)  -*  Cnicm(A20)  and  RmSm^)  -»  Pamia(B19); 
i.e.,  die  (oi3m  mmm)  transition. 

Hie  structural  relation  between  the  phases  (c  -  cubic;  o  -  orthorhombic)  gives  the  following 
lattice  cone^ndence:  ^  b,,  =  a2c  +  a^;  c,  =  a2e  -  ^  According  to  the  lattice 

corre^ndence.  Fig.  A.2  shows  the  stereogrrqihic  projections  of  die  point  groups  and  the 
crystallographic  axes  of  the  parent  cubic  (m^)  and  its  six  subgroup  variants  of  the  ordiodimnbic 
(mmm)  phases.  Ckimparing  symmetry  eieainits  bekmging  to  a  pair  of  die  variants  with  diose  of  the 
parrat  cubic,  we  can  find  minor  planes  of  the  parent  (but  missing  in  the  product  variants)  that  reflea 
the  variants  into  eadh  otfa^.  The  minor  planes  serve  as  the  SFb.  For  a  pair  of  variants  sharing 
die  1^  axis  (1/2, 3/4  and  5/6  pain  in  Hg.  A.2),  tbere  are  two  orthogonal  minor  planes  o^KX}}^ 
type  (parallel  to  the  ^  axis).  For  the  other  pair  of  variants,  not  sharing  a  common  direction,  there 
is  only  one  sudi  mirror  plane,  of  {110}^  type.  Orthogonal  to  die  {110}  plane  is  either  a  {lihk}^  or 
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a  {bhk}^  plane,  general^  of  an  irrational  orfentadon  \vfaidi  depends  on  die  ratio  of  the  lattice 
parameters.  In  order  to  find  h  and  k,  eqn.(4)  must  be  solved. 

We  solve  Eqn.  (4.4)  in  the  coordinate  system  of  die  cubic  phase  shown  in  Fig.  A.2.  First, 
we  find  die  self-strain  tensors  of  die  six  variants  uaing  die  variant  genM-ating  operators,  Eqn.  (4.1). 
All  variants  can  be  generated  by  the  minor  plane  operations,  starting  from  die  first  variant: 

e(2)  =  m|ooni|ooe(l);  e(5)  =  mio.imio.ie(l);  e(4)  ==  m(,i,moiie(l); 

(B.l) 

e(6)  =  moionioioe(5);  e(3)  =  m,oomiooe(^)- 

Matrices  for  the  minor  planes  are  given  in  Table  11.4  of  The  International  Tables  for 
Crvstaltograjdiy  [37].  The  self-strain  tensmr  for  variant  1  (see  Fig.  A.2)  in  die  coordinates  of  die 
variant  is 


a  0  0 
0  h  0 
0  0c 


(B.l) 


vdiere 


a 


- — -  ,  C 


' 


sod  V  bg,  Cq  are  the  lattioe  parameters  of  the  cubic  and  the  disordered  oidioiliombic  {diase  (for 
die  ordered  O-^diase  half  of  dieir  values  of  a^  and  b^  should  be  used). 
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In  order  to  obtain  the  e’g(l)  tensor  in  cubic  coordinates,  die  tensor’s  axes  must  be  rotated 
45**  around  [100]^,  vdiic^  is  obtained  by  the  rotation  and  permutation  matrix 


m 

m 

-m 

lit 

0 

0 

(B.3) 


The  tensor  eij(l)  in  cubic  coordinates  is  then 


ABO 
B  A  0 
0  0  C 


(B.4) 


where  A  =  l/2(b  +  c);  B  =  l/2(c  -  b);  C  =  a. 
The  self-strain  tensors  for  other  variants  are: 


A  -B  0 

A  0  £ 

II 

-B  A  0 

0  0  C 

;  «»(3)  = 

0  C  0 

BOA 

A  0  -£ 

COO 

II 

0  C  0 

-BOA 

;  «#(5).  = 

0  A  B 

0  B  A 

(B.5) 


(B.6) 


= 


C  0 
0  A 
0  -B 


0 

-B 

A 


(B.7) 
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Eqn.(4)  for  the  SFI  interface  between  variants  1  anrf  2  will  be 


0  25  0 
2B  0  0 
0  0  0 


x^j  «  xy 


0 


(B.8) 


Solutions  are  the  symmetric  x  =  0,  (100)^,  and  y  =  0,  (010)^,  the  twinning  mirror  planes  expected 
from  symmetry. 


For  variants  1  and  3  Eqn.  4  is 


0  £ 
B  A-C 
-B  0 


-B 

0 

C-A 


(y-z)I2Bx+(<4-C)(y+z)l  =  0 


(B.9) 


One  solution  of  the  equation  is  the  expected  symmetric  case,  y  =  z,  corresponds  to  the  (Oll)^ 
crystallographic  plane.  The  second,  non-symmetric  case,  is  2Bx  +  (A-C)(y  +  z)  =  0.  This  is 
the  equation  of  a  plane  having  a  normal  n  where  n^  =  2B,  n^  =  (A-C),  and  n^  =  (A-C).  This  plane 
has  (hide),,  Miller  indexes,  and  dierefore  ordiogonal  to  the  (Oll)^.  The  ratio  of  h  to  Ir  is  2B/(A-Q, 
or  2(c-b)/(b+c-2a)  and  depends  only  on  die  latdce  parameters  of  the  orthorhombic  phases  (h/k  = 
2(2Co  -bo)/(bo  +  2Co  -  2f2a^).  For  the  latdce  parameters  of  the  Ti-Al-Nb  DO19  and  O  phases  [4], 
the  Miller  indexes  are  close  to  {1 5  S}^  and  {I  4  4}^,  respeedvely. 

Similarly,  die  solutions  for  all  IS  pairs  of  domains  were  found.  The  results  are  given  in 
Table  4.  There  are  30  (N«6xS)  SFIs,  of  wtudi  only  21  are  different  orientadons:  3  of  die  {l(X)}c 
type,  6  of  die  {110}e  type  and  12  of  the  {hkk}^  type. 
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Fig.  A.3  shows  the  directions  of  the  SFI  traces  siq)erin^sed  on  die  [011]^  stereographic 

s 

projection,  as  tii^  would  be  seen  for  crystals  oriented  for  TEM  at  the  [011]^  zone  axb.  Sudi 
drawings  are  useful  in  analyzing  die  nature  of  interfaces  observed  in  TEM  q)edmens  of  die  TVAl- 
Nb  alloys,  as  shown  in  Fart  Hof  diis  paper.  ¥ig.  A.3a  presents  traces  of  the  synunetric  {001}^-  and 
{llOj^-type  interfaces.  Fig.  A.3b  presents  traces  of  die  Don-symmetric  {hhlcj^-type  interfaces. 
Two  of  the  {hhk}^-type  interfaces  are  oriented  edge-on  (klih  and  khh),  and  two  are  inclined  but  with 
a  rational  trace  direction  [Oil]  (khh  and  Uih) .  Since  die  lattice  parameter  varies  widi  temperature 
and  composition,  a  range  of  possible  orientatioiis  of  die  interfaces  is  given  for  the  orthorhombic 
phase  having  lattice  parameters  ranging  from  those  of  the  T^AlNb  O-phase  (determined  in  [24]  as 
ao=0.60893  nm,  bo=0.95694  nm,  Co=0.46666  nm)  to  those  of  the  hexagonal  DOj^  phase 
(determined  in  [4]  as  a,,  =0.578  nm,  b(,=l.(X)l  nm,  q,=0.466  nm). 
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TABLE  1  •  Subgroups  and  Siq>ergFO^>s  from  die 
International  Tables  of  Ciystallograpfa^  for  Tm^m  and  P63/nunc 

Iin3m 

Mtudnud  noo-uomoiphic  wjbgroup# 

I  [3]  I4/a  VUm  (I4/ainiin) 

P]  M/m  VUm  (M/numn) 

P]  Wm  12/m  (M/mmm) 

-*  [4]  Il32/m  (RSffl) 

[4]  I132/m  (R3m) 

[4]  I132/m  (R3m) 

[4]  I132/in  (R3m) 

PI  Ini31  (ImS) 

P]  1432 
PI  I43m 

-  na  PI  PmSm 
PlPnSn 
PlPmSn 
P]PD3m 

nb  none 

KUsinud  Momotphie  wibgRM^  of  loweit  index 

Oc  pTl  Im3m  (a*=3*,  b*«3b.  c*=3c) 

Miumd  noa-ifoaioipluc  Mq>ergrou{M 

I  none 

n  (4]  Pm3m  P**=*,  2b*=b.  2c’=c) 

P63/mmc 

Maximal  non-uoreoq)luc  aiibgro«^ 

I  P1P63222 

P]  P63/mll(P63/m) 

PlP^mc 

P]P3ml 

P]P31c 

P]F^ 

P1P62C 

•*  P]  Pmmc  (Cmcm) 

P]  Rsunc  (Cmcm) 

P]  Pmmc  (Cmcm) 

Ba  none 

Db  p]  HSj/mme  (a’«3a,  b's3b)  (PSj/mcm) 

Maximal  iaomoiphie  aubgroiqM  of  loweat  index 

-•  Dc  PI  PSj/mme  (c’^Sc);  [4]  K^tatae  (a*K2ad>'>=2b) 

Minimal  non-isomoiphic  aubgroupa 

I  none 
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TABLE  2  -  Descriptioii  of  Various  Phases  Based  on  Common  Sites  in  the  r-mcm  Space  Group 


Stnictuie 

Lattice  Cobditioas 

Ooc«q>. 

Wyck. 

X 

y 

z 

Ti2AlNb, 

yj  =0.163;  y2=0.623 

A 

'*«1 

0 

>1 

1/4 

HsNa.  Cmem 

y3=0.904;  1^=0.231 

B 

0 

r2 

1/4 

C 

H 

*3 

y3 

1/4 

Ti^Al. 

b/«=V3 

A 

^1 

0 

1/6 

1/4 

NijSa,  PS^/mmc 

B 

0 

2/3 

1/4 

B 

8e 

1/4 

11/12 

1/4 

cTi.  A3 

b/a=v^3 

A 

4ci 

0 

1/6 

1/4 

Mg,  P6j/mnic 

A 

0 

213 

1/4 

A 

8g 

1/4 

11/12 

1/4 

Ti-Nb,  A20 

d 

II 

A 

4ci 

0 

>1 

1/4 

ocU,  Cmcm 

A 

4c2 

0 

1/2+yi 

1/4 

A 

8g 

1/4 

3/4+yi 

1/4 

Ti-W,  B19 

y.  =0.156 

A 

^1 

0 

yi 

1/4 

AuCd,  Pmaffl(nmiu)  y2 =0.906 

A 

■*«2 

0 

1/2+yj 

1/4 

B 

8g  . 

1/4 

y2 

1/4 

im,  A2 

b/a=v'2 

A 

4C| 

0 

1/8 

1/4 

W,  ImSoi 

c/a=v'2/2 

A 

4c2 

0 

S/8 

1/4 

A 

8g 

1/4 

7/8 

1/4 

TiNi,B2 

b/«=v'2 

A 

^1 

0 

1/8 

1/4 

CsCl,  Pni3in 

c/»=v'2fi» 

A 

4c2 

0 

S/8 

1/4 

B 

1/4 

7/8 

1/4 
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Tables 

N 

Listofinterfaces  between  doooains  in  different  gro(q)/subgrouptraiindoDS.  Tbe  Class  rqnesent  type 

of  tynunetxy  reduction  p7],  the  interfaces  are  described  tty  dcnnain  generating  symmetry  <^)eration 

(of  lowest  symmetry). 

(jtoup/Subgroup  Class  of  Subgroup  Type  of  Interface 

Im3m  -*  Pm3m  Ila  translational  (APB) 

Im3m  -*  Cmcm(A20)  I+I+IIa  rotational  (twins  of  I  and  II  kind), 

translational  \Mth  stacking  fault  mixed 
twin/translational 

Cmcm(A20)  Pd^/mmcfAB)  Supergroup  no  new  interface 

P63/mmc(A3)  P63/mmc(DOi9)  He  translational  (APB) 

P63/mmc(lX)|9)  Cmcm(0)  I  rotational  (compound  twins) 

Pm3m  Pmma(B19)  I+I+IIa  rotational  (twins  of  I  and  II  kind), 

transiatiooal  widi  stacking  fault,  mixed 
twin/translational 

Cmcm(A20) Pmma(B19)  Ha  translational  (APB) 

nb 


Pmma(B19)  Cmcm(0) 


translational  (APB)  . 
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Table  4 

List  of  SFI  interfaces  for  all  possible  pairs  of  domain  of  the  O-pbase  in  die  mSm  -»  mmm 
Qqpe  transformation.  Labeling  of  variants  and  interface  indexes  are  given  in  tbe  cubic  coordinates 


of  Fig.  K2.  s  =  k/h  =  2B/(A-Q 

Pkir 

Imeifaoe  eqnalwa 

Intrrfanc,  in  MiDer  indket 

of  domains 

1/2 

X  =  0; 

(10  0) 

y  =  0; 

(0  10) 

1/3 

y  =  z; 

(0  1  i) 

-2Bx  +  (C-AXy  +  z)  =  0; 

(«  1  1) 

1/4 

y  =  -zi 

(0  1  1) 

-2Bx  +  (C-AKy-z)  =  0; 

(si  i) 

1/S 

X  =  z; 

(10  I) 

-2By  +  (C-AXx+z)  =  0; 

(1«1) 

1/6 

X  =  -z; 

(101) 

-2By  +  (C-AXx-z)  =  0; 

(isi) 

2n 

y  =  -z; 

(Oil) 

2Bx  +  (C-AXy-z)  =  0; 

(•it) 

714, 

y  ==  z; 

(Oli) 

2Bx  +  (C-AXy4-z)  =  0; 

(•II) 

2/5 

x  =  -z; 

(101) 

2By  +  (C-AXx-z)  =  0; 

(i«i) 

2/6 

X  =  z; 

(loi) 

2By  +  (C-AXx+z)  =  0; 

(isi) 

3/4 

X  =  0; 

(10  0) 

z  =  0; 

(0  0  1) 

3/5 

X  =  y; 

(1  lO) 

-2Bz  +  (C-AXx+y)  =  0; 

(1  Is) 

3/6 

(110) 

-2Bz  +  (C-AXx-y)  «  0; 

(1 1  s) 

4/5 

x  =  -y; 

(110) 

2Bz  +  (C-AXx-y)  -  0; 

(I  Is) 

4/6 

X  “  y; 

(lio) 

2Bz  +  (C-AXx+y)  =  0; 

(I  is) 

5/6 

y  »0; 

(0  10) 

r  =  0; 

(001) 
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TABLE  CAPTIONS: 

Table  1.  Examples  of  subgroiq)  tables  as  it  is  preseated  in  Internadonal  Tables  of 
Ctystallogra(d^  [27].  (a)  the  In&n  space  group  of  the  BCC  stnicture  and  (b)  die 
p^/mme  (of  both  sinqile  HCP  and  onfered  DO19)  hexagonal  structures.  Different 
types  of  subgroups  are  Usted  according  to:  I  -  no  change  of  translations;  Ila  - 
decentenng:  Ilb  -  enlarging  the  conventional  cell;  lie  -  no  diange  of  die  group  type, 
[x]  -  index  of  the  subgroup  which  gives  the  number  of  variants.  In  a  right  side  -  list 
of  ^rnmetry  elements  of  die  group  whidi  were  preserved  in  the  subgroup. 

Table  2.  The  structures  qiaoe  groiqis,  Struckturberiefate  name,  prototypes,  restrictions  on 
lattice  parameters  if  such,  occupancies  On  general  and  for  measured  distribution  of 
H.Al.Nb)  and  coendinates  of  die  Wydeoff  sites  are  presented  fw  maximal  subgroups 
of  die  BCC  to  O  phase  sequence. 

Table  3.  Type  of  domain  interfaces  vdiidi  are  created  in  each  group/subgroup  step  which 
s^^iears  in  die  transformation  paths  (3.1H3.3). 

Table  4.  list  of  IS  interfaces  for  all  possible  pairs  of  demain  of  die  O-phase  in  the 
m^m-wnmin  transformation.  Labeling  of  variants  and  interface  indexes  are  given  in 
the  cubic  coOTctinates  of  Rg.  A.2.  Lattice  parameters  oftheO  and  DO19  phases  and 
indexes  are  according  to  dw  refs.  [24]  and  [4]. 
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HGURE  CAPTIONS 

s 

Hg.  1.  The  Cmcm  ^pace  groi^)  is  tepccsiaaied  die  stnictuie  (a)  is  close  to  bodi  the 
HCP  G>)  and  BCC  (c)  but  neverdieless  different  in  synunetiy  and  die  relative 
positions  of  their  basal  planes.  The  structures  are  shown  in  projections  along  dieir 
[001]  (a,b)  and  [110]  (c)  directions.  Black  and  white  shades  rqiresent  two 
neighboring  layers  of  atoms. 

Hg.  2.  Subgroup/supergroup  symmetry  relations  between  the  high  symmetry  Im3m  (BCQ 
and  the  lower  symmetry  ordiotfaombic  Cihcm  (Ti2AlNb)  space  groups.  Space  groups 
are  connected  to  each  other  with  arrows  pointing  in  the  direction  of  a  decrease  in 
symmetry.  The  number  shown  in  square  brackets  next  to  eadi  arrow  is  the  index 
of  symmetry  reduction.  Vertical  arrows  are  used  to  indicam  changes  in  symmetry 
due  to  di^ladve  ordering.  Angled  arrows  indicate  tiiat  tiie  difference  in  symmetry 
is  due  to  changes  in  atomic  site  ocoqiani^  (diemical  ordering). 

Fig.  3.  Structures  corre^nding  to  the  Bg.2  subgroiqi  sequence,  as  viewed  along  the  [001]o 
([Oliy  diiectioa.  Frames  of  the  largest  unit  cell  (of  die  Ophase)  and  of  each 
particular  crystal  structure  are  drawn.  Increasing  size  circles  represents  Al,  Ti  and 
Nb  atoms,  reflectively.  Filled  and  enqity  circles  correspond  to  different  parallel 
layers  of  atoms. 

Fig.  4.  Space  groups  and  structures  rqnesenting  homogeneous  strain  distortion  of  dmcubic 
lattice  (a),  (b)  The  I4/mmm  and  P4/mmm  are  structures  of  tetragonal  distortion  along 
cubic  <  1(X)>  (widi  Wyckoff  positions  2a  and  la.  Id,  respectively),  (c)  The  Fmmm 
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Fig.  5 


Fig.  6. 


Fig.  7. 


Fig.  8. 


and  Cmmm  are  structures  widi  otdiotboiDbic  biaxial  distortion  along  orthogonal 
cubic  <011  >  directions  (udth  Wydcoff  positions  4a  and  2a^,  reqpectivefy,  and  a 
doubled  size  unit  cell. 

Comparison  of  the  ^lace-group  diagrams  of  Fmmm  and  two  translational  variants  of 
Cmcm.  In  order  to  have  coincidence  of  common  symmehy  elements  of  these  two 
space  groiqis.  die  Cmcm  diagrams  must  have  a  coordinate  origin  shifted  to  either  0.- 
l/4,-l/4or  0,l/4,l/4.  The  translation  vector  between  two  Cmcm  variants  is  [0  1/2 
1/21. 

Two-dimensional  example  of  the  square  to  rectangular  Q>4mm  to  p2mm)  transition 
iUustrating  formation  of  two  pairs  of  domains,  their  rotations,  strain-free  interfaces 
and  descrqrtkm  by  twinning. 

Sdiematic  drawing  of  two  rotational  domains  (white  and  gr^  shades)  sqiarated  by 
planar  SFls  and  corresponding  long  range  elastic  stress  fields,  (a)  D'lsclination  field 
of  a  dihedral  angle  of  a  domtin  interface,  (b)  Dislocation-like  field  of  a  single  domain 
inside  another  domain  serving  as  a  matrix,  (c)  Self-accommodated  group  of  domains 
witii  reduced  long  range  field. 

Polydomain  structures  of  two  second  txder  polytwin  plates  composed  of  different 
combinations  of  tiiree  rotational  variants  (i^riiite,  light  and  dark  shades)  of  the 
orthorhombic  phase  as  seen  in  the  [011]^  directioiL  The  donuun  interfaces  are'eitiier 
SFI  (twin  boundaries)  or  low-angle  boundaries  (dislocation  walls).  Continuous  lines 
represent  *edge-on”  planes  while  doted  lines  are  inclined  planes.  Possible 
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Fig.  9 


Fig.  A.1 


Fig.  A.2 


Rg.  A-3 


combinations  of  ttiree  variants  are:  (tO  (13)/C2/3),  (2,4)/(l,4);  (b)  (4^/(2^, 

(2.Q/4.^,(3^/(i4).a,Q/<3,6);(c)(i;2va.4).a4)/(2.4),(U)/(U),a4V(U); 
(d)  (U)/(23).  (U)/(1.4).  (3.4)/(23),  (3,4)/(1.4);  (e)  (4.Q/(2.Q.  (l.Q/(3.6). 
(1^/(3^,  (4^/(2^;  (f)  (l^)/(2.4).  (3.4)/(13).  (The  labeling  of  tbe  variants 
follows  Rg.  A.2.) 

Gri^hical  representation  of  the  microstiuctuial  development  for  die  diree  paths, 
starting  from  a  large  grain  single  phase  BCC  and  ending  with  single  phase 
orthorhombic.  For  die  figure  it  is  assumed  that  die  interface  configuration  does  not 
change  significandy  after  formation  at  eadi  stage  of  die  transformation. 

Stereogtapluc  projecdons  of  the  point  groups  of  the  hexagonal  (6/minm)  and  of  the 
ordKxhombic  phase  variants  (inmm*s),  accordiqg  to  dieir  lattice  corre^ndence. 
When  the  symmetry  elements  of  a  pmr  of  variants  are  compared,  a  set  of  two 
orthogonal  nurror  planes  is  found  diat  bekmg  to  the  parent  phase  but  not  to  the  pair 
considered. 

Stereogiaphic  projections  of  the  pomt  groups  and  the  oystallogr^ibic  axes  of  die 
parent  cubic  (m3m)  and  its  six  subgroiqi  variants  of  die  orthoihombm  (mmm)  phases. 
Comparing  symmetry  eidments  belonging  to  a  pair  of  die  variants  with  those  of  die 
parent  cubic,  mirror  planes  that  reflea  the  variants  into  each  odier  can  be  found. 

Directions  of  the  SFI  traces  sl^)erin^>osed  oh  the  [(XHl^  stereogrs^c  projections, 
as  di^  would  be  seen  for  crystals  oriented  for  TEM  at  the  [001]^  zone  axes,  (a) 
traces  of  the  symmetric  {001}-  and  {110}-type  interfaces,  (b)  traces  of  the  non- 
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syminetric  lattice  parameter  depended  {hhk}-type  interfaces.  A  range  of  possible 

s 

orientations  for  the  octfaoriiombic  phase  having  lattice  parameters  ranging  fiom  those 
of  the  ’n2AlNb  O-frfiase.  (determined  in  [24]  as  3=0.60893  nm.  b=0.95694  nm, 
c=0.46666  nm)  to  those  of  tbe  hexagonal  DO|9  phase  (determined  in  [4]  as  a=0.578 
nm.  b=1.001  nm.  c=0.646  nm)  is  shown  as  shaded  area. 

Hg.  A.4  Directions  of  die  SFI  traces  sup^mposed  on  die  [011]^  stereographic  projecdons, 
as  they  would  be  seen  for  crystals  oriented  for  TEM  at  the  [01 1]^  zone  axes,  (a) 
traces  of  the  ^mmetric  {001]-  and  {110]-type  interfaces,  (b)  traces  of  die  non- 
symmetric  lattice  parameter  dqiended  {hhk}-type  interfaces.  A  range  of  possible 
orientatioiis  for  die  otdiothombic  {diase  having  lattice  parameters  ranging  from  those 
of  die  Ti2AlNb  Oiihaae  (determined  in  [24]  as  a=0.60893  nm.  b =0.95694  nm. 
c=0.46666  nm)  to  diose  of  die  hexagruai  DO^^  phase  (determined  in  [4]  as  a=0.S78 
run.  b=1.001  nm,  c=0.646  run)  b  shown  as  shaded  area. 
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ABSTRACT 


In  Part  I  of  diis  pq)er  possible  transformation  paths  diat  involve  no  long  range  difhision 
and  dieir  corre^nding  microstructural  details  woe  predicted  for  Ti-Al-Nb  alloys  cooled  from 
the  high  ten4>eratuie  BCC/B2  phase  field  into  close-packed  orthorhombic  or  hexagonal  phase 
fields.  These  predictions  were  based  on  structural  and  symmetry  relations  between  the  known 
phases.  In  the  present  pq)er  experimental  TEM  results  show  diat  two  of  the  predicted 
transformation  paths  are  indeed  followed  for  diffnent  alloy  conpositions.  For  Ti-2SAl-I2.SNb 
(at%),  die  padi  includes  the  formation  of  inteTmediate  hexagonal  phases,  A3  and  DOj9,  and 
subsequent  formation  of  a  metastable  domain  structure  of  die  low-temperature  O  phase.  For 
alloys  close  to  ’n-2SAl-2SNb  (at%),  die  padi  involves  an  intermediate  B19  structure  and 
subsequent  formation  of  a  translational  domain  structure  of  the  orthorhombic  (O)  phase.  The 
path  selection  dqpends  on  txhedier  B2  order  forms  in  the  high  tenqierature  cubic  jdiase  prior  to 
transformation  to  the  dose-packed  structure.  This  paper  also  anafyzes  the  formation  of  a  two- 
phase  modulated  microstructure  during  kwg  term  annealing  at  700*C.  The  structure  forms 
congruent  ordering  of  the  phase  to  die  O  jdiase,  and  dien  rqnedpitatxm  of  die  DO19 
phase,  possibly  a  ^inodal  medianism.  Ibe  dwmxxfynamics  underlying  the  path  selection 
and  die  two-phase  formation  are  also  discussed. 
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1.  Introduction 

In  Part  I  [1]  of  diis  paper  we  have  anafyzed  different  {diase  transformation  sequences  and 
corre^nding  microstructures  diat  be  possible  in  Ae  course  of  transformations  widi  no 
long-range  diffusion  (partitionless)  of  a  BCC-based  high  temperature  phase  to  close^acked 
phases  for  Ti-Al-Nb  alloys.  Ibe  analysis  is  based  only  oa  the  crystallography  of  die  equilibrium 
low  and  high  temperature  phases  existing  near  the  (Ti»Nb)3Al  binary  join.  Based  on  formal 
fnarimal  groiqi/subgnxq)  relations,  possible  omnections  spanning  the  hi^  and  low  temp^ature 
{biases  (correspcmding  to  high  and  low  symmetry)  have  been  found.  These  relations  give 
different  sequences  involving  symmetry-decreasing  subgrotqis  and  one  symmetry  increasing- 
siqiergroiq)  diat  might  be  considered  to  rqireseot  pos^le  transformation  paths.  The 
transformation  padu  involve  intermedate  transitional  structures,  possibfy  metastable  or  unstable. 

Assuming  diat  the  formal  transformatkxi  steps  acmally  occur  as  phase  transitk»is, 
different  transformadon  paths  will  result  in  different  sequences  of  domain  formatitm,  i.e.,  in 
different  final  miaostructures.  The  final  single  idiase  microstructures  can  be  disdnguisbed  by 
die  type  and  hierardiy  of  domain  interfaces.  Analysis  of  die  interfaces  is  essential  for 
understanding  die  transformadon  padi,  and  is  the  nugm^  subject  of  this  pqier. 

Transformation  padis,  derived  from  groiq>/subgroiq>  relations,  can  only  be  ^lied  to 
transitions  v^iere  no  kmg  range  diffusion  occurs,  i.e.  v^ien  a  single  phase  transforms  to  a  single 
phase  of  die  same  compositkm.  Fw  equilibnum  transfonnatimi  in  multi-coinponent  systems,  diis 
can  only  occur  at  spccM  conqiositions  (consohite  points)  or  far  secmid  or  higher  order 
tranaitiomi  (2].  However  partitkmless  transformations  can  also  occur  during  cooling  for  first 
order  transitions  (fix’  alloys  widi  eqititibrium  multiphase  fidds)  when  suffident  undercooling  of 
the  hi^  temperature  phase  is  achieved  dud  a  limit  of  metaststbility  is  reached.  This  limit  defines 
a  fonperature  where  the  metastable  undercooled  {diase  becomes  unstable  and  spontaneous 
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transformadoii  occurs  widi  no  long-^ange  difiiisioa  requirement  (congruent  ordering)  [3-5]. 
E3q)erimentaUy,  sudi  congruent  ordering  could  occur  during  continuous  cooling  if  the  cooling 
rate  is  fast  enough  to  prevent  competing  transfDrxnations  involving  long-range  diffusion.  Clearly 
a  mechanism  for  fast  transformation  kinetics  must  be  available  for  these  partitionless 
transformations;  i.e.,  fast  shortnange  diffusion  in  chemical  (substitutional  or  interstitial)  (uxlering 
or  mobile  defect  motion  produdng  die  necessary  atomic  displacements  in  di^ladve  (martensitic) 
ordering. 

In  tius  paper  esperimentalfy  observed  microstructures  of  three  alloys  from  and  near  the 
pseudo-binary  (Tl,Nb)3Al  section  will  be  analyzed.  The  alloys  are  ll-2SAl-12.SNb  (at%)  (Alloy 
1),  ri-2SAl-2SNb  (at%)  (Alloy  2)  and  ri-28Al-22Nb  (at%)  (Alloy  3).  Ihe  alloys  are  close  in 
composition  to  some  alloys  studied  by  different  research  groups  in  attenpts  to  develop  titanium 
ahunimdes  for  aerospace  hi^  temperature  structural  applications  (see  refi.  1  to  22  in  [1]).  We 
believe  that  tat  ^roadi  used  here  where  the  transitions  are  viewed  as  a  sequence  of  symmetry 
changes  will  provide  a  unified  ^ew  of  the  complex  microstructural  transitions  in  these  materials. 
The  microstructures  studied,  as  rqiresented  by  the  distribution,  type  and  noorihotogy  of 
interfaces  induced  by  die  transformations,  Kirill  be  compared  with  die  interfaces  predicted  by  the 
theoretical  considerations  of  Part  1  [1].  The  predictkuis  rqiresent  idealized  transformations, 
without  talcing  into  account  such  oonplications  as  the  temporary  coexistence  of  parent  and 
transformed  {bases,  oe  die  mobility  of  die  interfaces  created.  Therefixe  the  predictions  tmll  be 
considered  [iriinarity  as  a  point  of  referaice  for  conparismi  to  the  details  of  the  actual 
transibrmaticm  process.  The  main  goal  of  die  pzptx  is  to  demonstrate  that  the  mkrostnictures  of 
die  alloys  studied  oxiespond  very  closely  to  two  of  die  {wssible  transfiirnuakm  (ladis  {xedkted: 

for  Alloy  1  -  widi  intermediate  hexagonal  phases,  (In^m(A2)  -»  Cincm(A20) 

P63/inmc(A3)  P63/inmc(DO|9)  Cmcm(0)), 
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for  Alloys  2  &  3  -  with  an  intermediate  orthothondtic  B19  structure  (Pm3m(B2) 
Pinma(B19)  -•  Cmcm(0)). 

In  addition  to  die  study  of  the  diflusionless  transformations,  die  effect  of  prolonged 
annealing,  which  results  in  a  oon^ositional  phase  sqiaration,  has  been  also  investigated  for  die 
Ti-2SAl>12.5Nb  alloy.  In  diis  case  die  mechanism  of  microstructure  formation  beoxnes  clear 
v^ien  the  diermodynamic  princ4>les  of  both  ordering  transformations  and  {diase  sqiaradon  in 
systems  v^iere  both  order  and  composition  parameters  variables  are  used  [3,5]. 

2.  Experimental 

2.1  ^Specimen  preparation 

Three  alloys  with  die  con^iositions  T1-2SAi-12.5Nb  (at%)  (Alloy  1),  Ti-2SAl-2SNb  (at%) 
(Alloy  2)  and  Tl-28Al<22Nb  (at%)  (Alloy  3)  were  prqiared  by  arc  meldiig.  A  minimum  of  ten 
remelts  was  necessary  to  ensure  mixing  of  die  conqxinents.  All  san^les  received  a 
homogenization  treatment  at  14(X)*C  for  diree  hours  in  a  vacuum  tight  furnace  under  2/3  atm  of 
gettered  Ar.  During  heat  treatment  samples  rested  on  a  Y2P3-ooaied  AI2O3  substrate  siq^rted 
on  a  moveable  pedestal  wfaidi  could  be  lowered  out  of  the  hot  zone  of  die  furnace  into  a  lower 
diambcr.  The  cooling  rate  of  die  samples  during  sudi  cooling  was  estimated  to  be  about 
4(X)*C/miiL  SEM  microptdbe  of  diese  samples  using  elemental  standards  gave  die  following 
Gompositioiis:  (Alloy  1)  ri-24.7Al-12.6Nb  (at%)  (Alloy  2)  ri-23.2Al-2S.8Nb  (at%);  and  (Alloy 
3)  Ti-27.9Al-22.8Nb  (at%).  TVpkal  oxygoi,  nitrogm  and  hydrogen  leveb  for  this  procedure 
were  leu  dien  SOO,  350, 40  wppm,  reqiectivety  u  determined  by  inert  gu  fusion  (O,  N)  and 
vacuum  hoc  extraction  (H). 
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For  tbe  study  of  die  parddonless  transformations,  samples  were  examined  after  additional 
annealing  at  1100*C  for  4  dsys  and  cooling  to  room  temperature  at  two  rates:  at  about 
400'*C/inin  in  the  furnace  described  above  or  by  water  quenching.  These  latter  san^les  were 
heat  treated  in  anodm*  fiimace  in  evacuated  and  He-backfilled  quartz  tubes  after  being  wrapped 
in  Ta  foil.  As  the  results  will  show,  die  400*C/min  cooling  rate  was  slow  enough  to  permit 
complete  transformation  to  die  orthorhombic  phase  for  Alloy  1.  However  onfy  partial 
transfiarmation  occurs  for  Alloys  2  and  3.  Therefore  samples  of  diese  two  alloys  were  given  a 
subsequent  annealing  at  7(X)*C  for  IS  min  in  quartz  tubes.  To  determine  the  phase  equilibrium 
at  700*C,  the  sanples  annealed  at  llOO’C  were  additionally  annealed  at  700”C  for  different 
lengths  of  time,  ip  to  26  days  in  quartz  tubes. 

TEM  foils  were  prqiared  by  a  standard  twin-jet  electropolishizig  procedure  using  a  300 
ml  medianol,  17S  ml  n-butanol  and  30  ml  HC3O4  electrolyte  at  0*C.  Optical  metallograidiy  was 
performed  by  medianical  polishing  and  subsequent  etdiing  with  KroU's  reagent 


The  formation  of  artifact  structures  in  different  T1  alloys  during  electropolishing  of  TEM 
specimen  has  been  discussed  in  die  literature  [6-13].  Charging  of  diin  foils  by  hydrogen  in  die 
course  of  electrodiemical  dihming  was  found  to  be  possible.  Ihe  concentration  of  hydrogen 
may  be  suffident  to  cause  fimmatkm  of  ddier  different  hydrides  and/or  hydrogen-stabilized 
martensites.  Artifact  structures  sudi  as  fee,  fet,  hep  and  orthoriKHubically  distorted  02 
been  rqiorted.  The  amount  of  the  accumulated  hydrogen  depends  on  a  specimen's  thickness 
prior  to  electcopolishing,  and  on  the  and  temperature  of  the  electrolyte.  It  was  daimed  [7] 
diat  the  diarged  hydrogen  nuqr  escape  from  a  diin  foil  after  electropolishing,  unless  die  foil  is 
protected  by  an  oxide  l^er.  If  hydrogen  escapes  the  specimen,  die  reversion  of  die  hydride  mrQr 
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result  in  ttie  formation  of  l/2<  111 >  dislocatmn  loops  in  the  BCC  phase. 

s. 

In  order  to  be  confident  diat  miaostructuies  observed  by  TEM  in  diis  study  do  not 
contain  die  described  artifacts,  several  TEM  spedmens  of  the  same  material  were  prq»red  for 
comparison  by  two  additional  thinning  tediniques,  presumably  not  affected  by  hydrogen 
contamination.  The  first  tedinique  was  twin-jet  dectropolishing  with  non-add  electro^ 
contdning  a  solution  of  CaCl2  in  methanol  [14].  The  second  technique  was  medianical  grinding 
to  a  30  iim  diiclaiess  iddi  a  dimpler  followed  by  km-milling.  Spedmens  prqiared  by  these  two 
techniques  show  microstructures  similar  to  those  of  die  ^ledmens  prepared  by  an  add-based 
electrolyte. 


3.  Hiah-tempftratiirft  pha«»^:  microstructure  after  water  ouenchina  from  1100°C. 

The  identity  of  die  high  tenqierature  {diase  was  evident  firom  the  microstnictural 
ftTamination  of  ^lednoNis  wato*  queticfaed  firom  1100*C.  Optical  examination  revealed  large 
equiaxed  grains  diat  ai^ieared  a  single  [diase.  According  to  selected  area  electron  diffiraction 
(SAD)  at  room  tenqieraturd,  the  phase  has  B2  order  for  all  diree  alloys. 

For  Alloy  1  die  presence  of  a  high  density  of  antHihase  boundaries  (AFBs)  (observed 
using  a  dark-field  image  with  a  superlatdoe  1(X>  reflection)  suggests  diat  at  1100*C  die  hi^ 
temperature  phase  was  disordered  BCC.  Ihe  cooling  rate  during  quenching  was  fast  enough  to 
prevent  formation  of  the  low  temperature  phases  but  not  the  ordering  and  coarsening  of  the  and- 
jdiase  domains  (AFDs).  Typical  of  B2  ordering,  the  AFBs  have  a  twoHkunain  interconnected 
moridiology  widi  isotropically  curved  interfaces.  From  these  studies  it  is  not  clear  udiether  the 
BCC  to  B2  transition  in  the  H-Al-Nb  system  is  first  order  (with  a  BCC+B2  two  phase  fiekO  or 
second  order. 

For  Alloys  2  and  3  no  AFBs  due  to  the  BCC-*B2  cudering  were  observed  after 
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quendung.  This  fact  suggests  that  the  B2  order  fcM*  these  compositions  exists  at  llOO^C  On  £act 
up  to  1400*C  [IS.IQ). 

We  have  referred  here  to  the  quendied-in  phase  as  being  cubic  B2.  However  this  is 
strictty  correa  only  if  local  di^lacements  of  atrans  from  positions  of  cubic  symmetry  are 
ignored.  Ihe  effect  of  such  diylaoements  are  readily  observed  as  an  overall  ”tweed"  contrast  in 
TEM  images  fx  all  tiiree  alloys  (This  tweed  is  known  in  die  literature  fm’  different  alloy  ^sterns 
as  pre-martensitic,  or  pre-transformation  phenomena  [17]).  Due  to  these  displacements,  the  SAD 
patterns  from  all  tiiree  alk^s  contain  diffuse  scattering:  distortion  of  the  cubic  reflections, 
streaking  along  <011>*  and  <ll2>*  directions,  and  lod  of  diffuse  intensity  close  to 
iy2<011>*  and  l/2<ll2>*  positions  in  re^itocal  space.  As  will  be  seen  later,  these  are  the 
positions  vtiiere  reflections  from  different  oystallogrqihic  variants  of  tiie  O  {tiiase  will  occur. 

For  Alloy  3  additional  weak  diffuse  scattering  near  l/2<  111>*  portions  is  probably  due  to  ci>- 
type  distortions  [18,19].  In  addition  to  the  "tweed",  defects  similar  in  contast  to  dislocation  loops 
are  seen  occasionally  for  all  tiliree  alloys  and  are  bdieved  to  be  related  to  the  nucleation 
medianism  of  tiie  low  temperature  phases. 


4.  Microstnictuies  due  to  the  diffiisionless 


ation  of  the  high  temDerature  cubic  chase  to 


the  gfftwlwmhlc  0  rtaag, 


4.1  Microstructure  of  Allovs  2  and  3  corresponding  to  the  transformation  oath  Pm3mm2^  - 

Pmma(B19)  CmcmfO). 


From  the  transformation  patiu  suggested  tqr  the  symmetry  considerations  in  Part  I  of  the 
piper  [1],  tife  Im3m(A2)  PmSm(B2)  nmna(B19)  Cmcm(0)  path  (3.2)  u  tiie  only  one 
expected  when  B2  ordering  precedes  tiie  transition  to  the  close-padoed  structure,  ifere  we  will 
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demonstratB  tiiat  the  e]q)eriineiital  evidence  from  TEM  diis  fonnal  supposition  for  both 

Alloys  2  &  3  which  have  die  B2  structure  as  the  hi^-temperatuie  parent  jdiase.  The  observed 
distribution  and  type  of  interfaces  of  die  O  {diase  correspond  to  diose  shown  sdiematically  in 
Fig.  9  of  Ref.  [1],  with  die  excqition  that  diis  sdiemadc  presumed  the  parent  phase  was  BCC 
and  thus  includes  the  ATOs  due  to  the  BCC^2  ordering.  Mkrostructures  similar  to  diose 
observed  here,  but  with  B2  APBs,  have  been  observed  recendy  for  a  'n-24Al-lSNb  (at%)  alloy 
where  the  parait  {diase  was  indeed  disordered  BCC  (Ref.  8  from  [1]). 

4.1.1.  Formation  of  die  plate-like  domains  of  the  O  phase 

For  Alloys  2  and  3  die  kinetics  of  transformation  of  die  B2  phase  to  a  low  temperature 
jdiase  was  found  to  be  leladvety  sluggish  as  is  evident  from  ofAcal  micrographs,  Hg.  la,  b. 

The  microgrsqdis  show  regions  of  partially  trmsformed  material,  differing  in  dieir  volume 
fraction  according  to  the  differences  in  cooling  rates  of  the  qiechnens.  Annealing  of  the  water 
quenched  specimois  (with  100%  retained  B2  idiase)  at  7(X)*C  for  IS  min.  was  sufficient  to 
produce  complete  transformadon  (Fig.  Ic).  Ai^iarendy  die  transformation  proceeds  by  copious 
raicleation  vdiere  the  transfimned  regions  grow  uniform^  outward  until  impin^menL  The 
transformation  is  parddonless  tndxNit  measurable  difference  in  am^osition.between  die  parent 
and  transformed  r^ioos. 

From  TEM  observations  of  the  partially  transformed  specimens  it  is  evident  that  the 
transformed  r^ions  have  a  complex  mictostnicture  of  plate-like  domains  (iHg.  2).  Ihe  smallest 
plates  typically  form  an  alternating  sequence  packed  in  a  r^ion  named  a  polytwin  in  Part  I.  The 
polytwins  tfaemsdves  often  have  a  plate-like  shtqie  and  alternate  with  similar  potytwin  plates,  as 
shown  in  Fig.  3a,  b.  Growdi  of  the  plate-like  structure  into  the  B2  phase  matrix  qipears  to  have 
a  common  but  ragged  and  diffuse  transfrnmation  front  (Fig.  2).  Onfy  occaskmalty  were 
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indq)eiideiitfy  grown  single-domain  plates  observed.  Therefore  in  most  cases  the  growtti  of  a 
plate  is  not  iiidq)eiident  but  is  correlated  with  the  formation  and  growth  of  nei^iboring  plates 
widi  variants  able  to  accomodate  transformation  strains. 

SAD  (Hgs.  3c  and  4)  combined  with  convergent  beam  (CB)  electron  diffraction  from 
large  plates  diat  were  occasionally  observed  and  powder  neutron  diffraction  (20)  amfirm  die 
plates  to  be  foe  O  phase.  No  other  phases  were  found  in  foe  samples  foat  were  continuously 
cooled  or  in  those  annealed  at  700*C.  From  foe  SAD  patterns  of  Figs.  4  a  lattice 
corre^ndence  between  the  B2  and  the  O  ffoase  is  evidoit  as  the  common  one  for  BCC  and 
dose-packed  structures  [21]: 

[OOllo  II  [0111.  and  [lOOlo  H  HOOlc  (D 

(c  -  cubic;  o  >  ordfoihombic). 

The  correspondence  is  the  same  as  foat  used  for  foe  subgroig)  scheme  of  Part  I.  It  gives  six 
rotational  variants  of  die  ordiothombic  phase  (dlher  B19  or  O  for  pafo  3.2),  each  with  its  basal 
(001)o  plane  parallel  to  one  of  die  six  {HO},  planes  of  die  parait  cubic  structure.  Small  mutual 
rotations  of  die  contacting  variants  are  necessary  to  accommodate  the  transformation  strains  (self¬ 
strains)  by  creating  stress-free  interfoces  (SFIs),  as  discussed  in  [1].  Ihis  results  in  an 
orientathm  relationsh^)  (OR)  of  domains  sli^iti^  fofforent  from  (1)  and  dose  to  die  OR  known  in 
die  literature  as  the  Burgers  OR  [21]. 

The  microstructute  has  an  average  cubic  symmetry  due  to  die  presence  of  all  six 
rotational  variants  of  foe  O  phase.  The  symmetry  is  cleariy  seen  in  foe  SAD  patterns  of  Rg.  4a, 
b,  c  showing  (a)  4mm,  (b)  3mm  and  (e)  2mm  average  Lane  ^mmetries  correspoofong  to  the 
nu^  aone  axes  of  die  cubic  qnnmetry,  [100].,  [Ill],  and  [110]..  These  average  axes  indicaift 
die  orientation  of  the  parent  (transfrirmed)  B2  phase  lattice. 
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4.1.2.  Stress  accommodating  moiidx>k>gy  of  the  O  phase. 

All  inter&ces  between  die  pairs  of  variants  in  and  between  die  polytwin  plates  ate 
eiqpected  to  be  SFZs,  as  discussed  in  Fart  I  [1].  Ihe  pair  of  pofytwins  shown  in  3  be 
analyzed  in  order  to  demonstrate  that  the  interfaces  are  indeed  described  as  SFI.  The  analysis 
will  be  performed  in  coordinates  of  die  parent  cubic  lattice.  Two  polytwin  plates  ate  seen  in 
Hg.  3a,  with  the  planar  A-A  interface  between  dtem  (for  a  [011]^  orientation  of  the  thin  foil, 

(Fig.  3c)).  The  A-A  interface  has  (Oli)^  mieotation  and  is  "edge-tm*.  The  individual  plates  in 
die  polytwins  have  nearly  parallel  inclined  interfaces  (B-B  and  C*C  sets)  between  die  variants. 

The  interface  traces  are  approximately  ±45*  to  die  (l(X)]e  direction.  The  plates  in  each 
polytwin  are  nearly  mirror  related  across  die  (011)^  plane,  and  dierefore  diere  is  an  apparent 
continuity  of  the  plates  across  die  A-A  potytwin  interface. 

Dark  field  imaging  with  die  Q2Qo  reflection  (Rg.  3b)  proves  that  the  plates  labeled  5  and 
S*  in  Fig.  3a  from  each  polybm  belong  to  the  same  variant  S  (the  variant  labeling  follows  die 
scbnne  described  in  [1]).  The  variant  is  oriented  with  [OOllo  paraM  to  [011]^  (die  beam 
direction)  and  the  Q2Qo,  200^  and  UOq  reflecdons  of  die  variant  do  not  overlap  with  reflections 
frmn  the  odier  variants.  Mistvieotadmi  between  die  5  and  5’  plates  (around  a  ocmiinon  [(X)1]q) 
is  measured  as  about  10*  (Fig.  3c).  Acoonhng  to  microdiffraction,  the  remaining  two  plate 
orientations  are  close  to  <212>q  and  belong  to  aity  pair  diosen  from  among  the  1, 2,  3  or  4 
(not  6)  variants  [1]. 

If  die  structure  shown  in  Hg.  3  Is  coherent  and  strain  accommodating,  the  observed 
interfaces  are  expected  to  cmrrespmid  to  die  SFb  calculated  in  [1].  Referring  to  Rg.  A.3  in 
Appendix  B  of  [1]  (reproduced  here  as  Rgs.  3d,e)  udiere  the  traces  of  the  SFIs  for  die  [011]^ 
zone  axis  are  given,  we  conclude  (according  to  die  measured  angle  of  die  trace  and  the  widths  of 
the  B-B  and  C-C  interface  projections)  diat  die  B-B  interface  corresponds  to  hhk  (or  hkh) 
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between  variants  3/S  (or  2/S)  and  the  C-C  interface  corresponds  to  (or  hhk)  between  variants 
1/S  (or  4/S)  (Fig.  3<1,  e).  The  ambiguity  of  dioice  between  die  pair  of  variants  in  the  polytwin 
plate  can  be  resolved  if  one  determines  side  of  the  projected  B-B  and  C-C  interfaces 
intersect  die  upper  and  lower  surfaces  of  the  TEM  foil.  In  order  to  have  die  line  of  intersection 
of  the  B-B  and  C-C  planes  lie  widiin  the  A-A  plane  (as  Rg.  3  suggests),  die  condiination  of 
variants  must  be  etdier  4/S  and  2/S  or  1/S  and  3/S.  These  interfaces  are  irrational  (twins  of  die 
II  kind)  and  therefore  their  exact  orientation  dqiends  on  the  lattice  parameter  of  the  orthorhombic 
phase  at  the  temperature  of  transfDnnation  (Hg.  3e  shows  the  ^itead  of  possible  orientations  for 
lattice  parameters  varying  between  Tl2AlNb  and  DO19  phases,  see  ref.  [1]). 

The  A-A  interface  consists  of  alternating  segments  that  are  strucnirally  different.  One 
type  of  segment  is  a  (01!)^  interface  between  4  (or  1)  and  2  ((mt  3)  variants.  This  is  a 
tymmetric  SFI  (tv^  of  die  I  kind).  The  seomd  type  of  segment  s^arating  variant  S  (S*) 
misoriented  plates  is  a  low  angle  symmetric  boundary  (-lO**)  n^di  may  be  relaxed  by  forming 
a  dislocation  wall. 

All  high  angle  interfaces  in  die  polytwin  microstiucture  in  Fig.  3  are  dius  shown  to  be 
SFIs.  Observation  of  sudi  an  elastic  energy  acoimmodated  arrangement  of  plates  suggests  an 
interacting  process  during  their  fonnatkm,  i.e.  a  process  where  the  presence  of  certain 
combination  of  variants  in  one  polytwin  plate  influences  the  ftirmation  of  variants  in  a 
neighboring  plate.  Formation  of  a  strain  acoommodating  arrangement  of  twins,  of  both  die  I  and 
n  kind,  is  an  inqxittant  phenomena  in  martensitic  transformations  [22-24]. 

4.1.3.  Substructure  of  die  O  phase  primary  plates. 

Closer  examination  of  Rg.  3a,  b  reveals  a  substructure  of  a  relatively  hi^  density  of 
interfaces  (defects)  inside  die  plates  of  different  variants  of  die  O  {diase.  The  interfaces  must  be 
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of  a  translational  type  because  diey  do  not  affect  die  positions  of  the  reflections  in  eadi  single 
variant  Dark  fieM  imaging  was  used  to  determine  die  R  value  using  standard  R’g  =  n 
(n=0,±l,±2..)  invisibility  criteria  (R  is  the  translation  vector  between  two  dommns  sqiarated  by 
the  interface,  g  is  an  operating  daric  field  reflection).  Figs.  Sa,  b,  c  show  diree  dark  field  images 
taken  from  a  single  variant  orioited  close  to  the  (IIOIq  zone  axis  (SAD  pattern  in  Hg.  5d).  Two 
types  of  interfaces,  different  in  dieir  di^lacement  vector  R  and  moq^ology,  are  seen  in  diese 
images.  The  presence  of  these  interfaces  is  in  accord  widi  transformation  padi  3.2  in  [1]. 

The  interfaces  of  the  first  type,  widi  a  wavy  APB  aiqpearance,  are  visible  vdth  die 
superlatdce  reflections  of  the  O  phase,  e.g.,  IIOq  in  Hg.  5b,  but  are  invisible  widi  the 
fundamentals,  e.g.,  220o  and  440^  in  Fig.  5a  and  5c.  Tim  second  type  has  a  distinct  faceted 
s^pearance  (clearly  seen  in  Fig.  5a)  and  is  visible  with  bodi  the  siqieriattice  and  some 
fundamental  reflections,  e.g.,  IIOq  and  22Qo  (i^.  Sa,b).  Both  types  are  invisible  widi  (X)2q. 

For  the  440o  reflecdon  die  faceted  interfaces  has  only  residual  contrast  (Hg.  5c).  The 
experimental  results  on  the  visibili^  for  bodi  interfaces  are  summarized  and  analyzed  for  various 
displacement  vectors  in  Table  I. 
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TABLE  1 

E]q)eiimeiital  dark  field  visibility  and  phase  factors  (R*g)  for  two  types  of  interfaces  forming 
substructure  in  the  O  phase  in  Alloys  2  and  3  (both  g  and  R  are  in  die  O  phase  coordinates). 


g  (used  in  dark  field) 

IQI 

IlO 

220 

ill 

440 

400 

Type  I  (curved  interfaces) 

i 

V 

i 

V 

i 

i 

R-g  (  R=l/2[0  1  01  or 

0 

1/2 

1 

1/2 

2 

0 

R=l/2[1  0  0] ) 

0 

-1/2 

1 

-1/2 

0 

2 

Type  n  (faceted  interfaces) 

i 

V 

V 

V 

r 

i 

R-g  (R»l/4[0 1  2]  or 

1 

1/4 

1/2 

1/4 

1 

0 

R=  1/4(0  1  0]) 

0 

1/4 

1/2 

1/4 

1 

0 

i  -  invisible;  v  -  visible;  r  -  residual. 


Analysis  of  tibe  R*g  produa  for  the  first  type  suggests  that  the  di^lacement  vector  R  is 
l/2[010]o.  (C-centering  of  die  Cmcm  space  grol^)  of  die  O  phase  makes  the  l/2[100]o  vector 
an  etpiivalent  one.)  This  diylacemeot  vector  u  dose  to  the  antiphase  vector  between  two 
differentfy  <»dered  4ci  and  4c2  sites  in  the  pseudo-hexagonal  ^l)o  plane  of  die  O  phase  (Rg. 
6a).  Such  ABPs  may  result  afier  (mfeting  of  die  B19  orthorhombic  structure  to  the  O  phase 
structure  (leading  to  a  doubling  of  die  a,  b  unit  cell  parametea)  and  ate  expected  in  die  last  step 
of  die  transformatkm  padi  3.2.  The  ordering  requites  a  sqiaration  of  die  mixed  (Al,Nb)  site  of 
die  B19  (and  B2)  structure  into  predominantly  A1  (4C|)  and  Mb  (4c2)  sites  in  the  O  phase  (see 
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Fig.  3  of  [1]).  Such  ordering  will  produce  a  two  domain  intercomiected  noorphology  widi  no 
tr4)le  junctions  as  sdiemadcaliy  shown  in  Fig.  9  of  [1].  The  moridiology  is  similar  to  that  seen 
in  Fig.  Sb,  v^iere  die  curved  APB  interfaces  appear  as  either  closed  loops  (with  enclosed 
volume)  or  are  attached  to  other  interfaces.  The  presence  of  die  l/2[010]o  APBs  provides  the 
only  evidence  for  the  existence  of  the  possible  transbnt  B19  structure. 

The  invisibility  of  the  second  type  of  interfaces  widi  the  002  reflection  suggests  that  dieir 
displacement  vector,  R^,  has  a  z-conqionent  that  is  eidier  0  or  1/2.  Other  visibility  conditions 
(Table  I)  correspond  to  the  [0  1/4  \I1\q  (or  [0  1/4  OIq)  displacement  vector  of  a  two-domain 
structure.  Indeed,  as  Fig.  Sa  shows,  no  triple  junctions  of  the  faceted  interfaces  are  seen,  and 
the  interfaces  form  eidier  interconnected  or  closed  volumes.  The  [0  1/4  l/2]o  vector  in  the 
smaller  unit  cell  of  the  orthoihombic  Cmcm(A20)  or  Pmma(B19)  structures  (with  a  and  b 
parameters  half  of  the  O  phase)  corresponds  to  an  unique  vector  [0  1/2  1/2]bi9.  As  it  has  been 
discussed  in  [1],  such  displacement  between  domains  is  expected  for  the  B2  to  BI9  transition, 
and  therefore  the  faceted  interfaces  are  due  to  die  first  step  of  die  3.2  transformation  path. 

The  B2  to  B19  (or  similarly  BCC  to  A20)  transition  is  of  a  displacive  type,  with  both 
homogeiKOUs  and  heterogeneous  (shuffle)  transformation  strain  conqionents  [1].  The 
homogeneous  strain  determines  die  orientation  of  die  six  tv^  variants  of  die  orthorhombic  or 
hexagonal  structure,  as  was  discussed  in  section  4.1.1.  Ihe  translational  [0  1/2  1/2]bi9  domains 
result  firom  shuffles  acting  in  oi^site  directioos  ([2S],  Ref.  8  in  [1]).  An  interface  between 
sudi  translational  domains  has  the  features  of  a  stacking  fault,  and  dierefore  structural  relaxation 
of  sudi  interfaces  is  expected.  This  is  siqiported  by  the  observation  of  residual  contrast  for  die 
440o  fcflectkm  (Fig.  Sc)  suggesting  small  displacements  in  addition  to  [0  1/4  1/2]q.  (However 
some  contribution  to  the  contrast  from  the  220o  reflection  to  die  44Qo  in  a  systematic  exdted 
row  cannot  be  ruled  out)  The  faceted  interfaces  were  analyzed  by  trace  analysis  in  order  to  find 
dieir  orientations.  Two  different  crystallographic  planes  for  the  facets  were  found:  the  basal 
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(001)o  and  close  to  die  {221  }o.^ 

When  the  twin  plates  are  diin,  die  faceted  intniaces  appear  as  a  sequence  of  stacking 
fault  planes  rather  than  domain  boundaries.  Dark  field  imaging  of  the  interfaces  (Fig.  7a)  shows 
diat  th^  are  ((X)l)o  planes.  The  APBs  are  seen  as  stretched  between  the  twin  boundaries  (Fig. 
7b),  probably  because  of  surface  energy  considerations  0>alance  of  interfacial  energies  of  APB 
and  twin-type  interfaces  at  a  trqile-junction). 

4.2  Microstnicture  of  Altov  1  corresoonding  to  the  transformation  path  lm3m(BCO  - 
CmemfA201  -  P63/mmc(A31  -*  Pe^mmcrPOiyl  -  Cmcm(0  ohasel. 

Alloys  with  compositions  close  to  Alloy  1  exist  at  high  temperauire  as  a  disordered  BCC 
phase  [15,16,26].  According  to  the  theoretical  considerations  of  [1],  if  die  BCC  does  not  order 
to  B2  prior  to  die  displacive  transitkin  to  a  close-padced  structure,  two  transformation  paths,  3.1 
and  3.3,  are  possible.  Here  we  will  show  evidence  suf^rting  the  transformation  path  3.1  for 
Alloy  1: 

Im3m(BCQ  -•  Cmcm(A20)  -►  P63/inmc(A3)  -♦  P63mmc(DOi9)  Cmcm(0  phase). 

Tl»  main  feature  of  die  padi  is  die  formation  of  intermediate  hexagonal  symmetry  phases.  This 
causes  die  O-phase  rotational  variants  to  be  related  to  eadi  other  not  onty  by  die  cubic  symmetry 
of  die  parent  phase  but  also  by  hexagonal  symmetry. 

4.2.1.  Transformation  to  die  coarse  needle-like  structure  during  condmious  cooling. 

For  Alloy  1  die  transformation  idnedcs  are  significantly  faster  dian  are  diose  for  Alloys  2 

^Similar  ctystaUograidiic  planes  have  been  observed  in  the  2H  martensite  of  Cu-Al  alloys. 
Because  the  unit  cell  of  the  martensite  is  dirierent  from  that  described  here,  the  indices  of  the 
observed  planes  are  different)  [25]. 
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and  3,  and  dterefore  cooling  from  11(X)°C  to  room  temperature  at  a  rate  of  400°C/min  was  slow 
enough  to  complete  the  transformation  of  the  high  ten^ierature  (^lase  to  die  close-packed 
structure.  The  transformed  microstructure  has  a  moiidiology  resembling  a  martensite  structure 
^en  observed  by  optical  metallograyihy  (Fig.  8).  The  TEM  micrograidi  in  Fig.  9  shows  in 
more  detail  diat  the  morphology  is  radm*  needle-like.  The  needles  have  very  irregular  interfaces 
(not  resolved  in  Fig.  8),  and  no  oystallogrt^c  habit  plane.  This  is  in  great  contrast  to  the 
mostly  regular  plate-Uke  structure  seen  in  Alloys  2  &  3.  The  blocl^  grains  surrounding  an 
elongated  needle  in  Fig.  9  are  probably  cross-sections  of  needles  oriented  with  their  long  axes 
parallel  to  the  electron  beam  direction.  The  wavy  character  of  the  interfaces  seems  to  be  the 
result  of  impingement  of  needles  during  their  indqpendem  growth.  In  a  few  regions,  grains  were 
found  to  be  separated  from  each  odier  by  a  diin  layo*  identified  as  die  BCC  phase  (Fig.  10). 
Enrichment  of  Mb  in  the  BCC  l^er  was  detected  by  EDS  for  this  and  similar  alloys  [26].  The 
observed  morphology  suggests  that  near  impingement,  some  diffusion  does  occur  during  the 
growdi  of  the  needles.  We  presume  that  in  diese  regions  the  competing  transformation  widi  long 
range  diffusion  is  marginally  possible.  Thus  the  cooling  rate  of  diese  sancpies  is  on  the  lower 
limit  for  the  dominance  of  the  parddonless  transformation. 

Selected  area  di^racdon  from  individual  needles  oorre^nds  to  the  reciprocal  lattice  of 
the  DOi9  ordered  hexagonal  structure.  The  onentation  relationshq)  between  different  variants  of 
die  hexagonal  structure  and  die  previously  existing  BCC  phase  is  clear  from  Fig.  11,  wliidi  is 
taken  from  three  grains  diat  form  a  triple  junction.  Despite  the  different  morphologies  for  Alloy 
1  compared  to  Alloys  2  &  3,  dieir  SAD  patterns  are  quite  similar  (Fig.  6b  and  11).  The  present 
pattern  is  indexed  as  diree  variants  of  die  DO19  phase  (h)  widi  [10l0]|,||  [lll]e  and 
((XX)1)|,|| (110)^.  Similar  to  AUoys  2  and  3  this  is  die  Burgers  orientation  relatioiishqi  [21]. 
(Note  diat  according  to  die  structural  relation  between  the  DO19  and  die  O  phases. 
(0001)k-K001)oand  [10101^-^1  lOJo). 
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Close  examination  of  the  SAD  pattens  reveals  splitting  of  the  spots  and  diffuse  strealdng 
in  and  normal  to  the  (0(X)1)|,  plane.  These  diffraction  effects  come  from  the  substructure  inside 
the  needles,  v^ich  is  seen  as  dark  contrast  in  Fig.  9.  The  nature  of  the  spot  splitting  indicates 
the  existence  of  orthoihombic  distortions  in  the  basal  plane  of  die  DOj9  phase  and  suggests  the 
presence  of  O  phase  domains.  Therefore  the  hexagonal  indexing  that  we  use  describes  only  die 
average  symmetry  and  orientation  of  the  needles. 

The  needle-like  structure  is  not  a  stress  accommodating  plate-like  structure  as  observed  in 
Alloys  2  and  3  even  though  the  orientation  relationships  are  similar.  This  difference  may 
perhaps  be  understood  by  considering  the  possibility  that  the  transformadon  of  the  BCC  {rfiase  of 
Alloy  1  may  occur  at  higher  temperature  than  Alloys  2  &  3  as  indicated  by  die  occurrence  of 
some  small  level  of  long-range  diffusion  near  impingement.  At  higher  temperatures  die  ductility 
of  the  [diases  may  be  sufficieiit  to  acoommodate  die  transformation  stresses  by  plastic 
deformation  and  negate  the  requirement  to  form  a  stress  accommodating  structure.  Indeed  a 
dependence  of  morphology  on  cooling  rate  has  been  observed  for  alloys  similar  in  composition 
to  Alloy  1  [26]  that  range  from  diose  accommodating  stress  at  high  cooling  rates  to  those  similar 
to  the  morphologies  described  here  at  lower  cooling  rates.  The  occurrence  of  similar  OR’s  in 
both  diffusionless  and  (hffusion  controlled  (ptec4>itatk>n)  transformations  is  well  known  and  b  in 
fact  observed  in  some  other  Ti-Al-Nb  alloys  [16]. 

4.2.2.  Substructure  of  die  needles. 

Similar  to  die  result  found  for  Alloys  2  &  3,  the  substructure  of  die  needles  has  two  types 
of  lattipg  defects  associated  with  the  translational  domains.  The  defects  (domain  interfaces)  have 
been  imaged  in  dark  field  widi  different  reflections  belonging  to  three  zone  axes,  [1120]|,, 

[0ll0]|,  and  [l210]|,,  by  tilting  a  single  grain  around  the  [0(X)1]|,  direction,  starting  from  the 
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zone  axis  (Fig.l2).  As  with  Alloys  2  &  3,  two  types  of  defect  are  morphologically 
distinct:  one  has  curved  isotropic  APB-type  interfaces  (Fig.  12h)  and  the  odier  has  planar 
interfaces.  However  the  planar  defects  only  occur  in  (0001)],  planes  for  Alloy  1  (Fig.  12f)  as 
compared  to  two  different  crystallogra^c  planes  for  Alloy  2&3.  The  observed  visibility 
conditions  for  both  types  of  interface  are  Minimarin»<t  and  analyzed  for  various  di!yian<»nfM»nt 
vectors  R  in  Table  2. 

The  wavy  isotrt^ic  interfaces  are  APBs  between  the  donuuns  formed  by  ordering  of  die 
disordered  hexagonal  structure  to  the  DOj^  structure  [27].  According  to  Table  2  the  APBs  have 
R=(l/6)<  ll^>i,  displacement  vectors  (Rg.  6b).  For  the  tiiree  such  R  vectors  equivalent 
under  the  6-fold  symnoetty  operation,  there  are  three  different  APBs  and  four  distinct 
translational  domains.  (Compare  tiiis  to  die  single  APB  and  two  domains  observed  in  Alloys  2  & 
3).  When  the  APBs  are  imaged  with  suptf  lattice  reflections,  only  two  of  the  three  AFBs  are 
visible  according  to  the  R*g  conditions.  Therefore  no  tr^le  junctions  of  (be  APBs  can  be  seen. 
Comparison  of  the  two  dark  field  imcrognqihs  shown  in  Figs.  12e  and  12h,  show  that  some  APB 
segments  are  visible  for  both  of  diese  imaging  conditions  (for  R=l/6[l2l0]|,),  while  some 
segments  are  visible  for  only  one  of  die  imaging  conditions  in  accord  with  Table  2. 

The  second  type  of  defect,  with  a  planar  morphology,  has  the  nature  of  a  stacking  fault 
displacement.  These  defects  give  rise  to  die  [(XX)1]*  strealdng.  Invisibility  of  these  defects  was 
found  invariably  for  die  0002  reflection  and  occasionally  for  the  1^10  and  2420  reflections.  The 
reason  for  diis  was  found  using  dark  field  imaging  of  die  same  area  oriented  for  different  zone 
axes.  Invisibility  of  die  defects  for  die  [OllO]  zone  axis  orientation  with  0002, 2ll0  and  4220 
(Fig.  12g,  h,  i,  reflectively)  and  tfadr  visibility  for  [11^]  and  [1210]  zone  axes  orientatxHis  with 
lIOO,  2200  (Fig.  12e,  f,  respectively)  and  lOlO  and  2020  (Bg.  12k,  1,  refiectivefy)  suggest  that 
the  displacement  vector  R  is  l/4[0ll0]^  as  analyzed  in  Table  2.  Because  of  the  hexagonal 
symmetry  of  die  DO19  phase,  there  are  two  additional  crystallographically  equivalent  directions 
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(l/4[10l0]|,  and  l/4[ll00]|^  for  the  R  vector.  Regardless  of  diis  equivalence,  the  simultaneous 
invisibility  of  all  planar  defects  for  lOlO  and  20^  for  the  [OllO]  zone  axis  orientation  (Hg.  12 
h,  i)  proves  that  only  one  such  R  vector  (l/4[01l0]|,)  is  present  Sudi  deviation  frc»n  hexagonal 
symmetry  suggests  diat  the  preferred  direction  (or  ordiorhombic  symmetry)  existed  prior  to  the 
formation  of  the  hexagonal  symmetry,  vriiidi  is  consistent  with  the  initial  stq;>  of  die  path  3.1. 

TABLE  2 

Observed  dark  field  visibility  and  calculated  {diase  factor  (g'R)  for  two  possible  types  of  int^ace 
forming  the  substructure  of  the  O  phase  in  Alloy  1  (bodi  g  and  R  are  in  die  DO|9  phase 
coordinates). 


g  (used  in 

0002 

iloo 

2200 

2110 

4220 

lOlO 

20^ 

dark  field) 

(<l.g) 

(«) 

(f) 

(h) 

0) 

(k) 

G) 

curved  interfaces 

i 

V 

i 

V 

i 

V 

i 

R-g  (R=l/6[2n01) 

0 

1/2 

1 

-1 

-2 

1/2 

1 

R-g  (R=l/6(l2l01) 

0 

-1/2 

-1 

1/2 

1 

0 

0 

R-g  (R=l/6[n20]) 

0 

0 

0 

-1/2 

-1 

1/2 

1 

faceted  interfaces 

i 

V 

V 

i 

i 

V 

V 

R-g  (R=l/4[ll00]) 

0 

1/2 

1 

3/4 

3/2 

1/4 

1/2 

R-g  (R=l/4[10l0]) 

0 

1/4 

1/2 

-3/4 

-3/2 

1/2 

1 

R-g  (R«l/4[0ll0]) 

0 

-1/4 

-1/2 

0 

0 

1/4 

1/2 

i  •  invisible;  v  -  visible 
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The  interfaces  identified  widi  the  1/4[1100]|,  displacement  vectors  are  similar  to  those  of 
Alloys  2  &  3  and  together  with  die  similar  OR  indicate  a  similar  di^ladve  transitioiL  In  tine 
case  of  Alloy  1  the  [biases  are  disordered:  Im3m(BCQ  Cmcin(A20)  P63/mmc(A3)  D^iereas 
for  Alloys  2  &  3  die  padi  is  ordered:  Pm3m(B2)  Pmma(B19).  The  presence  of  the  disordered 
hexagonal  A3  as  an  intermediate  state  is  established  by  die  presence  of  the  l/6<ll^>ij  APBs, 
which  can  only  be  due  to  the  P63/mmc(A3)  -»  P63mmc(DOj9)  transition. 

4.2.3.  Congruent  ordering  of  die  DO|9  to  O  phase. 

The  presence  of  domains  of  die  O  phase  (as  a  part  of  the  primary  needle  substructure)  is 
manifest  in  the  splitting  of  the  reflections  and  in  die  con^lex  contrast  showing  [OOOllji 
directionality  as  seen  in  Figs.  12f,  i,  1.  The  domains  with  plate-like  morphology  can  only  dearty 
be  seen  in  the  zone  axis  orieatation  where  the  domain  interfaces  are  ”edge-on*,  as 
shown  in  Fig.  13a.  (In  order  to  obtain  maximum  contrast,  the  TEM  foil  must  be  slightly  off  of 
the  exaa  [0(X)I]|,  zone  axis  in  order  to  have  a  different  excitation  error  and  accordingly  contrast 
for  diffident  domains.)  In  Fig.  13  two  directions  of  interface  trace,  <  ll00>|,  (A-A)  and 
<ll20>|,  (B-B),  are  observed  oone^nding  to  (ll20)||  and  (lI(X))|,  interfocial  ”edge-on* 
planes.  The  SAD  patterns  (Rgs.  13b,  c)  were  taken  from  areas  widi  only  one  type  of  interface, 
A  or  B  in  Fig.  13a  tesfiectively.  The  corresponding  SAD  patterns  are  given  in  Hgs.  13b  and 
13c.  The  patterns  show  putting  and  streaking  of  reflections  in  directions  ncMnnal  to  die 
interfaces.  The  SAD  patterns  from  Fig.  13  can  be  reasonabty  well  expbuned  as  belonging  to  two 
variants  of  the  O  phase,  widi  coinciding  (a)  (130)o(|)B(l^)o(2)  planes  (A-A  interfaces)  and  (b) 
(110)o(i)||(ll0)o(2)  planes  (B-B  interfaces)  as  seen  in  Fig.  14.  SAD  frmn  a  r^ion  of  bright 
uniform  contrast  (tqiper  left  side  of  Fig.  13)  shows  the  hexagonal  symmetry  of  the  pattern 
widKNit  die  splitting  of  the  peaks.  This  suggests  diat  this  r^ion  is  untransformed  DO19  phase. 
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In  a  single  grain  (needle)  most  often  only  one  ortbogonal  set  of  sudi  interfaces  (plates) 
was  observed,  e.g.  (ll00)|,  and  (11^)],  in  Ftg.  13.  Neighboring  grains  in  the  same  [0001]|j 
orientation  have  similar  ordiogonal  sets  of  plates  but  rotated  60°  or  120°.  Occasionally  the 
rotated  sets  are  observed  in  different  locations  of  the  same  grain,  as  u  seen  in  Fig.  IS.  These 
sets  of  interfaces,  related  to  eadi  odier  by  die  hexagonal  symmetry  of  die  parent  {diase,  belong 
to  other  pairs  of  variants  of  the  orthorhombic  ftaac.  The  presence  of  die  O  phase  domains 
related  to  each  other  by  the  hexagonal  symmetry  clearly  indicates  the  occurrence  of  die  last  stqi 
in  the  transformation  path  3.1;  viz.,  the  DOi^  to  O  phase  transition.  As  was  discussed  in  [1], 
the  {n(X)}|,  and  {1120}|,  interfaces  are  SFls  accommodating  transformation  strains  in  the 
hexagonal  to  orthoriiombic  symmetry  transitions.  In  this  transition  the  SFIs  are  always 
symmetric. 


5.  Decomposition  of  the  metastable  O  phase  in  Alloy  1  after  prolonged  annealing  at  700°  C. 

Annealing  of  ^lecimens  of  Alloy  1  at  700*C  for  26  days  produces  a  diird  level  of 
microstructure  finer  dian  that  produced  during  the  inhial  cooling  from  11(X)*C.  The  coarser  two 
levels  of  microstructure  (shown  in  Rgs.  9  and  13)  are  retained  during  diis  heat  treatment.^  The 
diird  level  is  contained  within  the  second  level  shown  in  Fig.  13.  A  typical  exanqile  of  the 
second  and  third  level  microstructure  is  shown  in  Rg.  16.  The  structure  within  eadi  first  level 
needle  remains  ctdierent  and  preserves  die  average  bmtagonal  symmetry  and  die  ordering  of  die 
transimt  patent  lX)i9  of  padi  3.1  as  the  SAD  pattern  in  Fig.  16e  shows. 

Different  darit  field  images  (Hg.  16b,  c,  d)  taken  with  the  same  diffuse  liOO  reflection 
but  in  a  slightly  different  TEM  foil  orientation  reveal  fine  scale  dmnains  and  dieir  interfooes 


^  The  microstructure  produced  during  cooling  is  more  resistant  to  coarsening  and 
recrystallization  as  compared  to  Alloys  2  &  3  under  die  same  annealing  conditions  [16]. 
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(tihing  changes  the  excitation  errors  for  different  domains).  Therefore  die  diffuse  reflections  are 
in  fact  clusters  of  a  few  reflections  very  close  to  each  other  (additional  diffuse  intensities  from 
the  presence  of  a  high  density  of  interdomain  interfaces  and  lattice  strain  make  it  difficult  to 
resolve  them).  The  SAD  pattern.  Hg.  16e,  can  be  explained  by  a  strucmre  consisting  of  either 
three  variants  of  the  O  phase  formed  from  the  DO19  phase  (as  was  observed  in  the  specimens 
cooled  from  llOO^C,  Fig.  13)  or  coexisting  domains  of  die  O  and  DO19  phases. 

Because  of  experimental  difficulties  related  to  the  similarity  of  die  reciprocal  lattices  of 
the  [diases,  the  flneness  of  the  domains  and  pos^le  elastic  distortions  due  to  the  coherency  of 
interfaces,  we  were  unsuccessful  in  {uoviding  direct  TEM  evidence  of  die  identity  and 
distribution  of  the  phases.  Analysis  of  the  broadening  and  position  of  peaks  in  a  neutron 
diffraction  pattern  obtained  from  a  ^ledmen  sinular  to  that  of  Fig.  16  has  indicated  the  presence 
of  bodi  O  and  DO19  P^tases  (unpublished  leseardi,  |^1).  Indirect  evidence  for  the  jdiase 
constitution  can  be  obtained  by  analyzing  the  possible  orientations  for  strain-free  oohetent 
interfaces  whidi  would  be  eiqiected  between  the  O  phase  domain  variants  or  between  dom^ns  of 
the  00^9  {diase  and  a  variant  of  the  O  [diase. 

For  a  domain  structure  of  die  O  phase  formed  from  the  DO19  phase,  as  was  shown  in  [1] 
and  confirmed  experimentally  in  4.2,  the  interfaces  have  locked-in  symmetry  and  have  eidier 
{liOO}|,  or  {1120}|,  planes  (of  die  average  hexagmial  lattice).  For  contacting  domains  of  die  O 
and  D0|9  {diases,  the  interface  orientatkms  depend  on  the  lattice  parameters  at  die  temperature 
of  formation,  and  in  general  are  irratkmal  (non-tymmetric).  Because  die  c-parameters  of  the  O 
and  IX)|9  phases  are  wmilar  [20,28],  the  mterfimes  are  expected  to  contain  the  [0001]|,  ditectkm. 

Measurement  of  die  directions  of  the  interfile  traces  with  respect  to  the  average 
hfflcagonal  lattice  in  Fig.  16  are  sufficient  to  establish  a  significant  deviatkm  frmn  die  {ll00}|, 
and  {1120}|,  planes  de^ite  the  relativety  large  measurement  error  due  to  the  diffuseness  and 
shortness  of  die  interface  s^ments.  We  consider  this  deviation  as  evidence  for  die  existence  of 
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a  coexisting  two-phase  mixture.  Sudi  non-symmetric  interfaces  are  often  seen  lying  parallel 
wiAin  a  second  level  plate  where  the  neighboring  second  level  plate  also  has  non-symmetric 
parallel  interfaces  but  with  different  orientation.  The  observation  is  illustrated  in  Hg.  17  a,b 
^^lere  two  daric  field  images  (using  the  same  dustin'  of  reflections,  (44(X))|,,  but  with  different 
small  tilts  of  die  TEM  foil)  show  two  second  level  plates,  A  and  B,  sqiarately.  The  interface 
between  them  has  a  zig-zag  shape  but  on  average  is  close  to  die  plane  (Fig.  17  c).  The 

zig-zag  shape  is  formed  by  two  segments  of  interfaces  between  the  00^9  and  O  phase  domains 
located  in  neighboring  second  level  plates  A  and  B.  The  segments  planes  also  seem  to  be  In 
irrational  orientation.  The  interpretation  of  die  distribution  of  domains  and  phases  in  the 
microstructure  of  Fig.  17  is  dqiicted  sdiemadcally  in  Fig.  18  a,  b.  Another  plausible  two-phase 
morphology  of  domains  with  SFIs  is  shown  schematically  in  Fig.  18c  (and  perhaps 
microstructurally  in  Fig.  16).  In  diis  case  die  D0|9  fdiase  forms  zig-zag  ribbons  traveling 
continuously  through  the  second  level  plates  in  a  modulated  manner.  The  DO|9  fdiase  ribbon¬ 
like  domains  have  internal  low  angle  boundaries  (dislocation  walls)  and  faceted  SFb  widi  two 
variants  of  the  O  phase. 

Therefore,  die  varied  of  interface  orientations  observed  in  Hg.  16  is  due  to  die  fact  diat 
the  initial  structure  consisted  of  a  diree  variant  domain  structure  of  the  metastable  O  phase  as 
seen  in  Fig.  IS  (second  level  microstructure).  Subsetpient  reformatioa  of  the  hexagonal  D0|9 
phase  takes  place  in  die  plate-like  structure  of  the  O  phase  (correqioiiding  to  A  and  B  plates  in 
Fig.  17).  The  D0|9  phase  layers  can  have  two  equivalent  stress-free  habit  planes  fm-  each 
variant  of  die  O  idiase.  The  DO19  fdiase  iqipears  as  a  modulation  of  plates  inside  die 
ordxnlxmibic  phase  domains.  Because  the  7(X)*C  annealing  results  in  reprec^iitation  of  the 
1X)|9  phase.  Alloy  1  is  believed  to  be  in  an  equilibrium  two^phase  field  at  diis  temperature. 
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At  the  present  time,  neither  tiie  (rtiase  diagram  nor  its  associated  free  energy  functions  are 
sufficiently  well  know  to  permit  a  priori  prediction  of  the  Tq  curves  for  the  various  BCC/B2  to 
close-packed  transitions  in  tbe  Ti3Al-Nb3Al  ps^jdobinary  section.  These  Tq  curves  would 
provide  the  titemKxiynamic  frameworic  necessary  to  understand  tiie  partitionless  transformations 
observed  in  tiie  present  work;  viz.,  vtiiy  there  is  a  diange  in  path  from  3  1  to  3.2  for  cn,Nb)3Al 
alloys  as  tiie  Nb  content  is  increased  (from  tiiat  of  Alloy  1  to  Alloys  2  &  3).  However  we  can 
use  tiie  transformation  path  results  of  tiiis  paper,  some  knowledge  of  tiie  ordering  tendencies  of 
BCC  and  HCP  systems,  and  the  limited  phase  diagram  results  from  other  researdiers  to 
construct  a  self-consistent  pseudobinary  section,  a  Tq  diagram,  and  a  700*C  free  energy- 
ccm^iosition  diagram  as  shown  in  Fig.  19.  It  be  seen  that  paths  including  and  excluding  tiie 
intermediate  HCP  phase  are  tjuite  reasonable.  The  construction  of  tiie  tiiree  diagrams  was 
performed  concurrently,  adjusting  curves  to  be  consistent  with  die  details  described  below. 

The  free-energy  conqiosition  (tiagram  (Rg.  19c)  should  be  viewed  as  a  superposition  of 
BCC-based  ordering  diagram  (BCC  and  B2)  and  an  HCP-based  ordering  diagram  (HCP,  DO19, 
B19,  and  O).  The  rdative  hdghts  (energies)  of  these  two  subsidiary  diagrams  have  been  adjusted 
to  be  consistent  witii  tiie  fact  that  Nb  is  a  beta  (BCQ  stabilizer;  i.e.,  the  HCP  phase  has  a  lower 
free  oiergy  at  small  Nb  omiteot  than  the  BCC  phase,  and  ccxtvencly  at  higher  Nb  content  In 
fact  the  intersection  of  tiie  BCC  and  HCP  free-energy  curves  (whidi  gives  tiie  Tg  con^osition 
for  the  BCC  to  HCP  transition)  and  tiie  intersection  of  tiie  BCC  and  B2  curve  (wfaidi  gives  the 
composition  for  tiie  BCC  to  B2  transition)  were  adjusted  to  ngree  witii  the  experimental  results  of 
this  paper.  The  individual  BCC-based  and  tiie  HCP-based  free  energy  diagrams  are  sketdied 
using  reasonable  assumptions  about  the  ordoing  tendencies  and  preferred  stoidiionietries  for  tiie 
BCC-  and  HCP-based  phases  in  this  alloy  system. 
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The  BCC-based  diagram  is  quite  simple  and  consists  of  BCC  and  B2  curves.  The  BCC  -» 
B2  transition  is  assumed  to  be  second  order  and  dius  the  B2  free  energy  curve  merges  smoothly 
with  that  of  the  parent  BCC  curve  and  no  two-idiase  BCC+B2  field  exists  in  the  i^iase  diagnun. 
(Thus  the  Tq  curve  and  die  ordering  critical  curve  are  the  same).  It  is  reasonable  to  aMaiwv*  diat 
the  composition  range  of  B2  stability  exits  at  intermedia^  Mb  content,  probably  centered  around 
die  Ti2AlNb  conqmsition  for  die  following  reason.  Hie  two  sublattices  (or  Wyckoff  sites)  of  die 
B2  structures  of  Ti-Ai-Nb  are  known  to  be  preferentially  occupied  by  Ti  and  a  mixture  of 
(Al,Nb)  reflectively  (Ref.  21  in  [1]).  In  die  absence  of  competing  nm-BCC-based  phases,  die 
maximum  order  is  most  likely  to  be  centered  along  the  region  of  die  ternary  ^stem  where  the 
atomic  percent  of  Ti  is  equal  to  the  sum  of  the  atomic  percents  of  A1  and  Nb.  Hiis  region  for 
maximum  B2  Order  and  hence  for  maximum  stabiiiQr  intersects  the  (Ti,Nb)3Al  section  under 
consideration  here  at  die  Ti2AlNb  conqiosition.^  The  maximum  in  the  mdering  curve  is 
1400'C  or  higher  [15). 

The  free  energy  curves  for  tihe  HCP-based  {biases,  A3,  B19,  DO19,  and  O,  are  more 
complex.  The  HCP  00^9,  HCP  -•  B19,  B19  O  and  DO19  -»  0  transitions  are  all  required  to 
be  first  order  transitions  under  equilibrium  conditions  [29].  For  first  order  transitions,  shapes  for 
free  energy  vs.  conqiositkm  curves  that  ccmtain  end  points  and  ccmcave  curvature  have  been 
described  in  detail  by  Soffs  and  laughlin  [5]  and  this  slupe  was  used  for  the  (xthorhombic 
ordering  in  Rg.  19c.  Hie  DO19  and  (xdiorfaombic  H2AlNb  fdiases  are  assumed  to  be  die 
equilibrium  phases  at  700*C  as  incficated  the  lowest  common  tangent,  giving  a  tie  line  diat 
would  neariy  lie  in  this  pseudobinaty  sectkm.  Generally  the  tie  lines  will  not  lie  in  the  Cn,Nb)3Al 
section.  If,  after  cooling,  an  O  phase  alloy  finds  itself  tt  a  oonqiosition  and  temperature  with  a 
concave  firee  energy  curve,  fXMitaneous  growth  of  composition  fluctuations  can  occur.  If  the 

t 

^The  possibiU^  of  achieving  B2  order  decreases  as  one  moves  from  the  TiAl  composition  to  the 
TiNb  conqxisition  because  of  die  known  positive  heat  of  mixing  of  the  BCC  phase  in  the  Ti-Nb 
binary. 
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local  coo^sition  of  a  region  of  that  alloy  reaches  the  end  point  omqwsition,  dien  in  that  region 
the  ordered  phase  will  ^ntanetHisly  disorder,  in  this  case,  to  die  DO19  phase. 

The  B19  phase  is  an  AB  phase  having  onfy  two  Wyckoff  sites  with  occupancies  umilar  to 
B2  and  would  therefore  be  expected  to  have  maximum  stabili^  in  the  same  oon^osition  n^ion 
where  die  B2  (diase  has  maximum  stability;  Le.,  along  the  50%  Ti  line,  whidi  intersects  the 
(Ti,Nb)3Al  section  near  die  Ti2AiNb  composition.  Thus  the  B19  free  energy  curve  is  centered 
around  this  con^sition  as  indicated  in  Fig.  19c.  The  B19  phase  has  never  been  observed  as  an 
equilibrium  fdiase  in  this  qrstem  and  is  thus  metastable  at  all  tenqieratures  and  compositions  and 
does  not  ippear  in  the  phase  diagram.  Finally  the  site  occupant  of  the  ordered  A2BC 
ordiorhooibic  phase  [20]  clearly  indicates  diat  its  conqiositional  range  of  stabili^  should  also  be 
centered  around  Ti2AlNb. 

The  D0|9  phase,  an  A3B  {diase,  is  known  to  have  a  preference  ftv  A1  on  the  B  sites  and 
a  mixture  of  (Ti,Nb)  on  the  A  sites  (Ref.  23  in  [1])  in  Tt-Al-Nb  alloys.  Thus  stability  of  this 
idiase  widi  respect  to  HCP  is  oqiected  across  die  entire  (Ti,Nb)3Al  section  at  700*C  and  hence 
die  free  energy  curve  for  D0j9  is  drawn  below  the  HCP.  Near  die  conposition  Ti2AlNb,  it  is 
likely  diat  the  B19  (diase  would  have  a  lower  free  miergy  than  00^9  because  of  the  presence  of 
equal  amfwintit  of  A1  and  Nb  at  this  oonposidon. 

The  pseudo-binary  phase  diagram  sectioa  (Fig.  19a)  was  constructed  using  information 
oa  die  BCC,  HCP  and  DO19  equilibria  from  the  catailated  binary  IVAl  and  from  isothermal 
sections  of  Ti-Al-Nb  at  1100  and  1200*C  pOj.  The  positions  of  phase  boundaries  between  the 
D0|9,  B2,  and  O  phases  at  900*C  were  taken  ftrm  the  900*C  isothermal  section  of  ref.  pi]. 

The  maxhiBim  in  die  B2  to  O  transitioa  was  placed  at  1000*C  according  to  [IQ.  The  remainder 
of  die  diagram  was  sketdwd  to  be  consistent  with  Figs.  19  b  and  c. 

The  To  diagram  (Fig.  19b)  contains  solid  curves  diat  correptHid  to  die  equililHium  two- 
phase  fields  in  die  phase  diagram  (Rg.  19a).  The  To  triple  points  (intersections  of  solid  curves) 
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correspond  to  three-phase  triangular  regions  in  the  phase  diagram.^  Also  are  dashed 

extrapolations  of  the  important  BCC  to  HCP  and  BCC  to  B2  curves.  A  possible  location  for  die 
Tg  curve  for  B2-*B19  is  also  given.  These  dashed  curves  only  have  meaning  if  the  hi^ 
tenqierature  BCC  or  B2  parent  phase  is  retained  for  Idnedc  reasons  during  cooling  through  die 
higher  Tg  curve(s). 

We  DOW  discuss  the  observed  results  using  these  diagrams.  Water-quenched  samples  of 
all  three  alloys  in  the  present  wodc  are  ordoed  B2.  This  rapid  quench  ai^arendy  suitresses  the 
BCC-»DOi9  and  the  BCC-»HCP  transformations  for  Alloy  1  and  permits  access  to  the  BCC  to 
B2  ordering  curve  at  '‘9(X)*C  as  shown  in  Hg.  19b.  At  a  slower  cooling  rate  ('■400  K/s),  die 
BCC-»D0|9  transformation  is  bypassed  for  die  kin^caily  sinqiler  BCC-»HCP  transformation  that 
requires  only  displacive  ordering.  Once  die  HCP  phase  forms,  subsequent  partitionless 
transformadon  to  B2  is  not  possible.  The  formation  of  the  HCP  [diase  sets  die  stage  for  all  of  die 
subsequent  transformations  of  Alloy  1.  Alloys  vrith  higher  Mb  content  can  not  esc^  ordering 
to  the  B2  at  ai^  cooling  rate  because  the  ordering  temperature  is  relatively  high.  Indeed  Alloy  2 
is  B2  at  1200*C.  The  presence  of  die  B2  phase  sets  the  stage  for  the  subsequent  transformations 
of  Alloys  2  and  3.  Fbr  Alloys  2  and  3  the  transformation  BCC-^CP  is  not  possible  because  of 
the  die  Tg  curve  plunges  to  low  ten^erature. 

For  simplicity  of  discusskm,  the  subsequent  transformation  paths  for  each  alloy  ate 
consktered  as  occurring  isothermally  at  700*  as  indicated  by  the  arrows  in  Hg.  19c  starting 
from  die  HCP  fix  Alloy  1  and  fipom  the  B2  for  Alloys  2  and  3  following  die  above  discussion. 
The  sequence  fix  eadi  alloy  dass  undergoes  partitiooless  transfixmation  down  a  hierardiy  of 
idiases  widi  decreasing  firee  energy.  One  can  see  diat  fix  the  alloys  near  the  cmnpositkni  of 
Alloy  2,  a  B2-41^^  path  is  likely.  On  die  odix  hand  fix  alloys  near  the  con^osition  of  Alloy 


^The  intersection  point  of  two  Tg  curves  necessarily  requires  die  intersection  of  a  diitd  Tg  at  the 
same  point. 
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1,  an  HCP-»DO|9-0  is  likely.  Thus  we  have  constructed  a  set  of  thermodynamic  relationships 
between  the  phases  that  is  consistent  widi  the  experimentally  observed  padis  for  the  partitionless 
transitions. 

A  later  stage  of  transformation  occurs  for  the  low  Mb  content  alloy  shown  m  Fig.  19c 
that  involves  long-range  diffusion.  The  concave  curvature  of  the  free  energy  curve  indicates  that 
the  O  phase  formed  for  diis  con^sition  by  partitionless  transformation  is  unstable  on  a  longer 
time  scale  with  respea  to  small  fluctuations  of  composition  (spinodal  decomposition).  This  kind 
of  process  is  termed  conditional  ^inodal  decomposition  [3].  The  NiHioor  regions  of  diis 
decomposition  will  approach  the  end  point  of  die  O  phase  free  energy  curve  and  will 
spontaneously  disorder  (relative  to  the  O  phase)  to  the  [diase.  This  process  is  diought  to 
lead  to  the  third  level  of  domain  structure  described  in  Section  5. 

7,  Conclusion 

During  cooling  from  11(X)*C,  the  high  temperature  BCC-based  phase  of  (Ti,Nb)3Al 
alloys  decomposes  into  low  tell:^)^atu^e  orthorhombic  phase  by  two  different  partitionless  padis 
(landing  on  Nb  content  Microstnicturally  die  two  paths  are  differentiated  by  the  substructure 
of  domain  boundaries  and  die  number  of  variants  of  the  orthorhombic  phase.  For  alloys  widi 
-12.5  at%  Nb,  die  transimt  formation  of  a  hexagonal  precursor  occurs  while  at  •*25  at%  Nb 
ordering  to  die  B2  precludes  die  hexagonal  phase.  In  die  latter  case,  defects  are  found  that 
suggest  the  transient  existence  of  a  B19  phase.  However  the  B19  phase  itself  was  never 
observed  in  cooled  samples.  In  die  former  case  fonnatkm  of  the  O  phase  from  die  ordered 
DOj9  was  observed  along  widi  defects  indicating  the  hexagmial  to  the  ordering.  These 
two  different  padis  are  seen  as  feasible  after  an  examination  of  subgroup/s^pergroqi  relations 
between  die  crystal  structures  of  die  various  [diases.  The  paths  are  also  feasible  based  on 
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reasonable  assumptions  regarding  the  tiiermodynamic  relationsh^s  among  tiie  free  energy  curves 
for  the  phases  involved. 

Detailed  examination  of  the  interfaces  between  the  rotational  domains/variants  of  die  B2 
to  O  jdiase  transformation  stq)s  (for  Alloys  2&3)  and  the  DO|9  to  O  phase  transformation  steps 
(for  Alloy  1)  showed  they  are  determined  by  die  minimization  of  elastic  strain  energy  dirough  die 
formation  of  stress-free  interfaces  widi  special  orimtations  of  twins  of  the  I  and  n  land.  For  die 
Alloy  2A3  die  twins  are  often  arranged  in  a  self-accommodating  polytwin  group  consisting  of 
three  variants  of  the  O  phase. 

A  two-phase  modulated  microstructure  is  observed  after  long  term  annealing  at  TOO^C  of 
the  Alloy  1.  The  structure  morphology  is  determined  first  by  a  formation  of  the  metastable  O 
phase  (by  congruent  ordering  of  the  00^9  phase),  and  dien  by  reprecipitation  of  the  DO|9  phase. 
The  diermodynamics  underlying  die  two-fdiase  formation,  possibly  by  a  spinodal  medianism,  are 
discussed. 
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HGURE  CAPTIONS 

Fig.l  Optical  microgn^hs  of  Alloy  3  specimens  cooled  from  llOO^C  at  different  cooling  rates. 
Regions  with  different  volume  fractions  tranformed  according  to  (a)  a  higher  and  (b)  a 
slower  cooling  rate,  (c)  Annealing  of  die  water  quendied  ^lecimens  (widi  retained  B2) 
for  IS  min  at  700°C  was  sufficient  to  produce  comply  transformadon. 

Fig.2  The  TEM  microstructure  of  the  Alloy  3  specimen  corresponding  to  Fig.  la.  The  TEM 
image  shows  islands  of  transformed  material,  surrounded  by  a  B2  {diase  matrix.  The 
inlands  consist  of  a  complex  plate-like  structure  of  die  O  phase.  The  idiases  do  not  differ 
in  composition. 

Fig.3  Higher  magnification  view  of  die  plate-like  structure  of  Fig.  2  showing  die  plates  to  be 
arranged  into  a  larger  size  secondary  plate  (polytwin)  vdiidi  ahemates  with  another 
variant  of  polytwm  plate,  (a)  and  (b)  are  dark-field  images  with  the  g,  and  g2  reflections, 
indicated  in  the  (c)  [01 1]^  SAD  pattern.  The  g2  reflection,  020o,  images  a  single  variant 
(5)  of  the  O  phase.  (d,e)  show  (01 1]^  stereogn^c  projections  with  superimposed 
calculated  [1]  traces  of  the  (d)  symmetric  and  (e)  non-syrometric  SFIs  and  die 
corre^nding  traces  of  the  observed  A-A,  B-B  and  C-C  interfaces  of  (a).  The  solid  and 
dashed  traces  correspond  to  edge-on  and  inclined  interfaces  respectively. 

Fig.4  A  series  of  SAD  patterns  taken  from  an  Alloy  2  spedmen  whidi  was  water  quendied 
from  1100*C  and  dien  annaaiad  at  TOO’C  for  IS  min.  The  selected  area  ap^ture  was 
iyrg«>  i>nfiiigh  to  inchide  numerous  variants  contributing  to  scattering.  The  patterns  show 
average  symmetries  (a)  4mm,  (b)  3mm  and  (c)  2inm  corresponding  to  die  nuyor 
zone  axes  of  die  cubic  symmetry,  [100],  [111]  and  [110],  respectively.  The  strongest 
reflections  (consisting  of  several  reflections  from  different  variants  of  the  O-fdiase) 
correspond  to  die  fundamental  BCC  reflections  and  detMinine  the  orientation  relationship 
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between  lattices  of  the  transformed  B2  phase  and  the  O  phase  variants. 

Fig.S  Three  dark  field  (a-c)  images  taken  from  a  single  variant  plate  in  specimen  of  Alloy  3 
continuously  cooled  from  llOO^C.  The  dark  field  images  are  taken  widi  die  plate 
orientation  close  to  the  (d)  [IIOIq  zone  axis  using  (a)  220o,  (b)  IIOq  and  (d)  440o 
reflections  in  approximately  a  two-beam  condition.  Two  type  of  interfaces  with  different 
displacement  vectors  and  morphology  are  observed.  Both  Qrpes  are  seen  in  (b)  and  only 
the  faceted  type  in  (a).  In  (c)  only  residual  contrast  from  die  faceted  interfaces  is  seen. 
Arrow  markers  A  and  B  identify  die  same  places  in  all  diree  micrographs. 

Fig.6  [001]  projections  of  the  close-packed  layos  of  the  (a)  O  phase  (according  to  [17])  and  (b) 
IX)i9  phase  (z=l/4  -  empty  circles;  z=3/4  -  filled  circles).  Small,  medium  and  large 
size  circles  r^resent  Al.  Ti  and  Nb  atoms,  respectively.  The  di^laconent  vectors  of  the 
type  I  (due  to  diemical  ordering)  and  the  type  n  (due  to  du^lacement)  interfaces  are 
shown. 

Fig.7  Dark  field  images  of  (a)  stacldng  fault  (SF)  type  and  (b)  both  SF  and  AFB  interfaces  in 
diin  plates  of  an  O  phase  variant  oriented  widi  [110]o  parallel  to  the  electron  beam.  In  (a) 
and  (b)  220o  and  IIOq  reflections  were  used  respectively. 

Fig.S  Optical  micrograidi  showing  a  needle-like  transformed  microstructure  of  Alloy  1 
continuously  cooled  from  11(X)”C  at  dfXl’CVniin. 

Hg.9  Bright  field  TEM  miciognqth  showing  die  the  detailed  morphology  of  the  needles  shown 
in  Fig.  8.  The  needles  have  very  irregular  interfaces.  Blodty  grains  b^ween  elongated 
needles  are  most  probably  cross-sections  of  the  needles  tmtfa  dieir  kmg  axes  normal  to  die 
TEM  foil. 

Hg.lO  Thin  (daric)  htyers  of  the  BCC  phase  separating  transformed  phase  grains.  The  dark-field 
image  is  taken  with  a  DO19  reflection  tiriiidi  is  well  separated  from  die  BCC*s.  Dark 
contrast  in  the  upper-left  part  of  the  [dictograph  belongs  to  a  different  grain. 
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Fig.ll  SAD  pattern  taken  firom  duee  grains  forming  a  tr4>le  junction  in  the  Alloy  1  cooled  from 
1100°C.  the  pattern  has  [10l0]|,||  [1111c  rotated  <  10l0>|,  patterns  annind 

[1111c)  ^  (0001)|,||  {110}c  in  support  of  the  Burgers  OR  found  for  die  Alloys  2  &  3. 

Fig.  12  Series  of  darir  field  images  taken  from  a  single  grain  of  die  transformed  Alloy  1  in  die 
[ll20]|,,  [OlIOli,  and  [l2101|,  zone  axis  orientations  (SAD  patterns  of  [ll^li,  and  [OllOli, 
patterns  are  shown  in  (a)  and  (b)).  The  sequence  of  orientations  was  obtained  by  tilting 
the  grain  around  the  [(XX)1]|,  direction  as  shown  in  the  stereogrsgihic  projection  (c).  The 
dark  field  images  are  taken  close  to  a  two^ieam  condition  using  the  following  reflections: 
(d)  0002,  (e)  liOO  and  (0  2200  from  the  [1120]|.  ZA;  (g)  0002.  (h)  2li0  and  (i)  4^0 
from  the  [OliOl,.  ZA;  (k)  lOlO  and  0)  2020  from  the  [I2i0],,  ZA. 

Fig.  13  (a)  TEM  dark  field  image  of  a  continuously  cooled  Alloy  1  specimen,  slightly  off  the 

[OOOllj,  zone  axis  in  order  to  give  different  excitatkm  errors  for  different  domains.  Two 
ordiogonal  directions  of  the  interface  traces,  [lIOOli,  (A>A)  and  [ll20]|,  (B-B),  correspond 
to  (ll^)|i  and  (ll00)h  interfacial  planes  between  two  variants  of  the  O  phase  with 
coinciding  130o(i)  /  iSOop)  and  (110)o  /  (llO)©  planes.  (b,c)  SAD  patterns  taken  from 
areas  where  only  one  type  of  interface  is  present  (area  A  and  B  on  Fig.  ISa). 

Fig.l4  The  superimposed  [(X)l]o  diffraction  patterns  of  two  variants  of  the  O  phase  rotated  120” 
to  each  other,  with  a  coindding  row  of  (a)  13Qq(1)  and  i30o(2)  (plane  A)  and  (b)  HOcxi) 
and  ll0o(2)  (P^  B)  reflections,  corresponding  to  tiie  eiqierimental  SAD  of  15b,  c, 
respectively.  The  kinematical  intensities  (size  of  the  reflections)  are  calculated  according 
to  the  O  phase  structure  parameters  in  ref.  [19]. 

Fig.lS  Bright  field  image  of  a  continuously  cooled  Alloy  1  ^ledmen,  slightty  off  tiie  [(X)01]  zone 
axis,  where  all  three  orthogonal  sets  of  the  O  phase  variant  pairs  (shown  as  A,B  and  Q 
rotated  widi  reflect  to  each  odier  by  60”  are  observed  in  a  ungle  grain. 

Fig.l6  Microstnicture  of  tiie  Alloy  1  after  annealing  at  700”C  for  26  d^s.  Bri^  field  (a)  and 
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three  dark  field  (b-d)  images,  all  slightly  different  in  a  TEM  foil  tilt,  show  a  complex 
morphology  of  coherent  domains. 

Fig.  17  Two  dark  field  images,  a  and  b,  taken  wdth  the  same  cluster  of  reflections  (4^)],  (c)  but 
diffident  in  a  small  tilt  (close  to  [0001])  show  two  second  level  plates,  A  and  B,  separated 
by  a  zig-zag  shape  interface  close  to  the  (ll20)|,  plane.  Tbe  zig-zag  shs^  is  formed  by 
two  segments  of  interfaces  between  die  and  O  phase  domains  located  in 
neighboring  second  level  plates  A  and  B.  The  segment  planes  are  irradonal  orientations. 

Fig.18  Schematic  drawing  showing  the  two-fdiase  (O  and  DO19)  domain  distribution  based  on 
interpretation  of  the  experimental  images  (Fig.  16,  17).  The  two^ihase  structure  is 
formed  by  re-^recqiitation  of  the  {diase  firom  the  initial  O  {diase  twinned  plates  (a). 
Two  morphologies  are  shown:  (b)  one  widi  a  chess-board  distribution  of  domains 
surrounded  by  SFIs.  (c)  another  with  the  DOt9  phase  forms  zig-zaged  ribbons  traveling 
continuously  through  die  second  level  plates  in  a  modulated  manner.  The  DO19  phase 
ribbon-like  domains  have  internal  low  angle  boundaries  (dislocation  walls)  and  faceted 
SFIs  with  two  variants  of  the  O  phase. 

Fig.  19  Schematic  (a)  pseudobinary  equilibrium  fdiase  diagram,  (b)  Tg  diagram  for  partitionless 
transformations,  and  (c)  7(X)*C  free  eimgy  vs.  conqiosition  curves  for  die  'n3Al-Nb3Al 
section  of  die  Ti-Al-Nb  system.  The  free  energy  diagram  shows  die  siqierposition  of  die 
BCC  (B2)  and  HCP  (DO19,  B19.  and  Oidiase)  families  of  (diases.  Fbr  Alloy  2,  an 
intermediate  HCP  or  DO19  phase  cannot  form  during  partitionless  transformation  from 
cubic  to  die  O-phase. 
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Introduction 

The  Tl-Al-Nb  system  has  stimulated  considerable  Investigation  as  a  possible 
lightweight,  high  temperature  structural  material.  Blackburn  and  Smith  [1,2]  Identified 
Che  alloy  T1-2A  ac%  Al-11  at  %  Nb  which  has  achelved  a  balance  of  room  temperature 
ductility  az>d  elevated  temperature  rupture  resistance.  Depending  on  exact  composition  and 
heat  treatment,  this  alloy  may  contain  the  ordered  bcc  B2  phase,  the  ordered  hexagonal  DOj, 
Oj-TISAI  phase,  and/or  an  orthorhombic  phase.  This  orthorhombic  phase  was  first  discovered 
by  Banerjee  et  al.(3]  In  coexistence  with  02  in  a  Tl-25at%Al-12.5at%Nb  alloy  that  was 
furnace  cooled  from  llOO’C.  Convergent  beam  electron  diffraction  (CBED)  established  the 
mni  point  synetry  and  Che  Tafc-Spence  technique,  which  maximizes  the  x-ray  fluorescence 
yield  from  specific  crystal  planes,  was  used  Co  probe  the  nature  of  the  site  occupancy. 
They  deduced  Che  structure  given  In  Table  1. 


-  Cmcm  Structure  Deduced 

bv  Banerlee 

et  al 

Site  Atom 

»  y 

z 

8g  Ti 

l/A  -1/12 

1/A 

Acl  Al 

0  1/6 

1/A 

Ac2  Nb 

0  -1/3 

1/A 

Jil 


The  Cmcm  space  group  Is  a  minimal  subgrot^  of  the  F6,/mcm  space  group  of  mj .  It  was 
previously  established  that  Ti  and  Nb  occtq>y  the  same  site  for  dilute  (5  at%)  additions  of 
Nb  Co  the  D0j(  Oj  phase  [A] .  Thus  the  orthorho^ic  phase  involves  ordering  of  Tl  and  Nb  in 
DOjg.  The  atosdc  positions  above  are  in  fact  those  of  the  hexagonal  structure. 


The  composition  range  of  Che  orthorhombic  single  phase  field  is  quite  broad  in  Che  25 
act  A1  section  and  has  been  located  by  several  investigators  [5-6]  alAough  the  boundaries 
with  Og  s«d>jecc  to  considerable  doubt  at  present  due  Che  structural  similarities  of  the 
two  phases.  The  orthorhombic  phase  does  not  exist  at  high  temperatures.  AC  -1100*C  and 
above,  alloys  of  this  composition  transform  to  the  B2  phase.  This  research  presents  a 
structural  refinement  from  single  phase  fine  grain  material  prepared  at  700*C. 


Experimental  Method 


A  sample  with  composition  Tl-25ac%Al-2SaC%Nb  was  prepared  by  repeated  arc  melting  and 
was  drop  cast  Into  a  32  mm  dla  cylindrical  Cu  mold.  This  cylinder  was  extruded  at  1050*C 
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Co  a  9.2  na  cod  and  ground  Co  a  6  ■■  rod.  Segaencs  of  che  rod  were  wrapped  in  Ta  and  heac 
creaced  In  a  He -backfilled  quartz  Cube  ac  1200*C  for  1  hour  followed  by  wacer  quenching  In 
order  co  cecryscalllze  Che  E2  phase.  Using  slallar  encapsulaclon,  che  rods  were  heac 
creaCed  aC  700  *C  for  228  h  Co  fora  and  equillbrace  che  or^orhoablc  phase.  Saaples  were 
prepared  for  opClcal  aecallography  and  TEH.  Eleccropollshlng  was  perforaed  aC  0*C  In  an 
eleccrolyce  concalnlng  60%  aechanol,  3S%  bucanol  and  St  perchloric  acid  by  voluae. 

Heucron  powder  dlffracclon  was  perforaed  at  rooa  ceaperacure  wlch  che  high  resoluclon 
five  dececcor  dlffracCoaeCer ,  BT-1,  ac  che  ttlST  reaccoc  (7]  using  che  experlaencal 

condlclons  In  Table  2.  Four  2.S  ca  long  rods  were  bundled  CogeCher  wlch  a  conaon  axis 
abouc  which  chey  were  rocaced  during  dlffracclon  In  order  co  reduce  any  preferred 
oriencaclon  effeccs  chaC  were  caused  by  excruslon  Co  ac  aosc,  a  fiber  cexcure. 

The  daCa  were  analyzed  wlch  a  code  wrlccen  by  Prince  [8]  idiich  allows  che  incenslcies 
froa  che  five  deCecCors  co  be  processed  slaulcaneously.  The  background  was  represenced  by 
a  Chebychev  polynomial  funcClon  wlch  up  Co  six  coefflclencs  per  dececcor.  Six 
coefflclenCs  were  used  for  che  flrsc  dececcor  and  cwo  coefflrlencs  were  used  for  che 
reaaining  four  dececCors  and  were  refined  for  each  channel  CogeCher  wlch  Che  profile  and 
scruccural  paraoecers.  The  scaCCerlng  lengchs  used  for  Che  reflneaenC  are  b(Tl)=  -0.3438 
Feral  (10"'*  cm.),  b(Al)=0.3449  Feral,  and  b(Nb)=0. 7054  Feral  [9). 

Table  2  -  Experimencal  Condlclons  NeuCron  Powder  Dlffracclon 

Honochroaaclc  Beam  220  dlffracclon  from  Cu  wlch  a  pyrolyclc  graphlce 

fllcer  CO  remove  higher  order  concaalnaclon 

VavelengCh  0.1SS3(1)  na 

Horizoncal  Divergences  10,  20,  and  10  aln.  for  che  in-plle  aonochroaaCor 

beam,  and  dlffracced  beaa  colllaaCors,  respecclvely. 

RleCveld  reflneaenC  was  performed  using  Che  scruccure  In  Table  1  as  che  Inlclal  guess. 
Flrsc  level  reflneaenC  was  performed  co  esCabllsh  scale  facCor,  background  paraaecers, 
laccice  paramecers,  and  speccromecer  zero.  SubsequenC  reflneaencs  were  perforaed  Co 
esCabllsh  che  aCoaic  poslclons,  and  Che  Ceaperacure  facCors.  For  Che  flrsc  aodel,  che 
Vyckoff  sices  were  occupied  by  a  unique  acoalc  species  having  Individual  denslcles  fixed 
according  Co  che  formula  TljAlNb.  A  correccion  was  allowed  for  possible  fiber  cexcure 
which  yielded  a  slighc  Improveaenc.  This  aodel  was  noc  saCisfaccory  In  Chac  che 
ceaperacure  faccor  for  clcanlua  was  larger  chan  accepcable  for  a  simple  alloy  and  che 
ceaperacure  faccor  for  aluminum  was  negaclve. 

To  laprove  upon  chls  aodel,  we  allowed  che  chree  sices  co  be  occupied  by  coabinacions 
of  Che  chree  aCoas  and  refined  che  occupancies  along  wlch  all  che  ocher  paraaecers.  The 
besc  reflneaenC  obcalned  was  a  aodel  In  which  only  aliuslnua  occupied  che  4cl  sice  and 
clcanlua  and  niobium  were  dlscrlbuced  on  Che  8g  and  4c2  sices  wlch  Che  overall  coaposlclon 
fixed  according  Co  che  chemical  formula.  Anocher  possible  model  was  used  following  Che 
suggesclon  of  Banerjee  ec  al.(3}  In  which  dlfferenc  Hyckoff  sices  were  assumed  for  che 
aCoaic  species,  chelr  aodel  Fig.  7(c)  of  Table  4.  This  aodel  and  aodlflcaclons  of  Ic 
allowing  each  sice  Co  be  occupied  by  a  coablnaClon  of  all  species  gave  a  much  poorer 
reflneaenC  In  agreeaenc  wlch  che  analysis  of  (3). 

Rssulcs 

Fig.  la  shows  a  micrograph  of  Che  alloy  afcer  che  1200*C  heac  creacawnc.  The  alloy  was 
single  phase  (B2  sCtucCure)  wlch  an  80  pa  equtaxed  grain  size.  Fig.  lb  is  an  micrograph 
afcer  che  700*C  creacaenc.  The  alloy  appears  single  phase  wlch  a  25  pa  grain  size.  TEM 
exaalnaclon  (Fig.  2a)  conflraed  che  alcroscruccure  as  single  phase  grains  buc  wlch 
Irregular  InCerfaces.  This  alcroscruccure  Is  believed  Co  resulc  froa  che  Isocheraal 
aarcenslclc  foraaclon  and  subsequenC  recryscalllzaclon  of  che  Che  orchorhoablc  phase  during 
che  700*C  creacaenc.  SAD  and  CBED  (Fig.  2b, c)  were  conslscenc  wlch  che  orchorho^lc 
sCrucCure. 


Fig.  2.  TEM  view  of  sample  of  Fig.  lb.  a)  bright  field,  (b)  SADP,  (c)  CBED 
pattern  consistent  with  onm  point  symmetry. 

The  refinement  of  Che  powder  neutron  diffraction  data  of  the  orchorho^ic  phase  of 
TijAUib  was  able  to  fix  the  model  of  the  structure  as  one  having  only  aluminum  on  the  4cl 
sice  and  a  mixture  of  titanium  and  niobium  on  Che  8g  and  4c2  sites.  The  results  of  the 
refinement  are  given  in  Table  3.  The  agreement  between  observed  and  calculated 
Intensities  is  shown  in  Fig.  3  for  the  five  detectors  of  the  spectrometer. 
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T«ble  3-  Sum«rY  of  ReuCron  Powiter  Plffrjctlon  Rcflneaent  Results 


Space  Group  Coca 


ktcm 

Uyckoff  Positions 

Teaperature 

Relative 

X 

Y 

Z 

Factor 

Occtqiancy 

Ti(8g) 

0.2310(12) 

-0.0959(6) 

1/4 

2.02(.14) 

0.823(4) 

Mb(8g) 

0.2310(12) 

-0.0959(6) 

1/4 

2.02(.14) 

0.177(4) 

Al(4el) 

0.0 

0.1633(3) 

1/4 

0.48(.12) 

0.5 

Mb(4c2) 

0.0 

-0.3643(3) 

1/4 

0.62(.10) 

0.323(4) 

Tl(4c2) 

0.0 

-0.3643(3) 

1/4 

0.62(.10) 

0.177(4) 

Lattice  Constants 


a=0. 60893(2)  na  b=0. 95694(4)  na  c>0. 46666(2)  na 

Statistical  Factors 

Rn=10.S3  Rp°11.21  Rw=14.98  Re°8.11 

Chl»1.845 


Motes.  Figures  In  parentheses  are  standard  deviations  In  the  declaal 
figures.  The  teaperature  factor  Is  In  Angstroas  squared.  R  factors 
are  defined  In  A.  Santoro,  R.S.  Roth,  and  D.  Minor,  Acta  Crystallogr. 
Sect.  B  33.  3945  (1977). 


Discussion 

The  results  of  this  neutron  diffraction  study  conflra  and  refine  the  structure  of  the 
orthorhoablc  phase  suggested  by  Banerjee  et  al.  [3].  The  structure  Is  Caca  (HgMa  or  Cd3Er) 
with  a»0. 60893(2)  na,  b^. 95694(4)  na,  and  c«0. 46666(2)  na.  Tl(Mb)  fills  the  8g  site,  Al 
fills  one  4c  site,  and  Nb(Tl)  fills  another  4c  site.  The  structure  Involves  ternary 
ordering  of  the  hexagonal  DOj,  phase.  The  binary  DO^,  phase  (Fig.  4a)  can  be  considered 
(In  an  orthorhoablc  cell)  as  a  sequence  of  (100)  planes  of  (T1,A1)-T1- (T1,A1) .  For  the 
ternary  orthorhoablc  phase  with  co^Msltlon  TlgAl^  and  with  perfect  order  (Fig.  4b),  the 
sequence  is  changed  to  (Nb,Al)-Tl>(Nb,Al);  l.e.,  Mb  replaces  Ti  on  the  4c2  site.  The 
ordering  causes  a  break  of  the  hexagonal  syaaetry  and  corresponding  distortion  of  the  unit 
cell;  viz.,  contraction  of  the  b  and  expansion  of  the  a  paraaeters.  The  c  paraaeters  of  the 
two  phases  are  essentially  Identical. 

Coapared  to  a  randoa  alxture  of  Tl  and  Mb  on  the  Ti  sices  of  Oj  DO],  TljAl,  the  ternary 
ordering,  Uyckoff  positions',  and  distortion  to  the  orthorhoablc  syaaetry  peralt  an  Increase 
of  Al-Mb  distances  from  .285-. 289  na  to  .302-. 306  m  while  slightly  reducing  the  Al-Ti 
distances  to  .280-. 285  na.  Estlaates  of  Lennard-Jones  potentials  for  Al-Tl  and  Al-Mb  yield 
alniaa  at  Interatoalc  distances  of  .279  and  .292  nn  respectively  [10].  This  Is  consistent 
with  Che  tendency  In  the  present  case  to  fora  an  ordered  structure  where  the  Mb  atoms 
Increase  their  distances  froa  the  Al  atoas. 

Even  thougih  the  alloy  has  exact  stoichiometric  coaposltlon  A^BC  -  one  atoa  per  site, 
soae  mixing  of  Tl  and  Mb  atoas  on  8g  and  Ac,  sites  was  found.  This  reflects  the 
equlllbrlua  long  range  order  present  at  700*C  where  the  alloy  was  equilibrated  by  the  228 
hours  of  annealing.  For  the  Al  (4cj)  site  no  disorder  was  found.  Although  solubility 
limits  also  depend  on  the  neighboring  phase  In  Che  phase  dlagraa,  one  aight  expect  a  narrow 
range  of  solubility  along  the  TlAl-TlMb  pseudoblnary  section  and  a  wider  range  of 
solubility  along  the  Tl,Al-Mb,Al  section. 
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ORTHORHOMBIC  TijAlNb  PHASE 


Fig.  4  [001]  projection  of  layers  at  z=l/4  (dark)  and  3/4  (li^t)  of  the  (a)  DOj, 

structure  (using  an  orthorhonblc  cell)  ulth  snail  and  aedlua  size  circles 
representing  A1  and  (Tl.Hb)  respectively  and  (b)  the  perfectly  ordered  orthorhombic 
structure  with  small,  medium,  and  large  size  circles  representing  Al,  Tl,  and  Nb 
respectively. 
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InCT9dwtlgB 

In  recent  studies  of  phase  equilibria  in  the  Tl-Al-Mb  syscen,  chealcal  ordering  of  an  w 
phase  was  reported  for  soae  alloys  [1-3].  The  Tl^AljMb  alloy,  cooled  froa  a  B2  phase  field 
above  1100*0,  has  the  following  transfocaation  path  -  B2  -»  <»*  •*  BSj  -  which  involves 
strongly  coupled  chealcal  and  displacive  order-disorder  transitions. 

The  trigonal  (P3al)  w*  phase  exhibits  partial  collapse  of  111  planes  of  Che  B2  phase  and 
reordering  relative  to  its  B2  parent  [2] .  Evidently  Che  stable  transfoxaation  path  would  be 
B2  -  BE}!  hut  Che  observed  path  indues  the  aetastable  inCeraedlaCe  phase  (w*). 

Furcheraore,  w*  (P3al)  is  of  lower  syaaetry  chan  either  B2  (Pa3a)  or  B82  (P6,/aBc),  and  it 
is  of  lower  configurational  entropy  Chan  BSj.  The  BSj  structure  (InNij  prototype,  [4])  was 
foxaed  after  prolonged  annealing  at  700*C.  Both  w*  and  BSj  structures  were  verified  by 
aeans  of  cransaisslon  electron  alcroscopy  (TEM)  and  single  crystal  X-ray  diffraction,  and 
their  structures  are  shown  in  Che  scheaaCic  drawing  of  Figure  1. 

In  Che  present  work  we  report  a  new  Ti-Al-Mb  phase  which  is  apparently  a  aore  ordered 
derivative  of  the  B82  phase.  The  phase  was  found  as  floe  preciplcates  in  a  BSj  aatrix.  A 
possible  structure  of  Che  new  phase  will  be  discussed  based  on  the  results  of  electron 
diffraction  and  high-resolucion  alcroscopy. 

faaMixlaBntBl 

An  alloy  with  Che  T1-37.SA1-2(XR>  (at%)  cooposlcion  was  prepared  by  arc  aalcing  according 
to  the  procedure  described  in  (2].  Three  sets  of  speciaens  (HTl,  HTT  and  HTS)  were  studied 
in  this  work.  KTl  was  annealed  at  1400*C  for  3  hours  and  cooled  at  about  400*C/ain. 

Speciaen  KT2  was  prepared  froa  one  of  the  HTl  speciaens  by  annealing  at  1100*C  for  25  hours 
followed  by  quenching  in  water.  The  HT2  speciara  was  prepared  by  encapsulating  Ta  foil- 
wrapped  slices  in  evacuated  He-backfilled  quartz  tubes.  A  third  sec  of  saaples  (MTS)  was 
obtained  by  a  heat  creacaenc  of  soae  of  the  RTI  in  siallar  tubes  at  700*C  for  18  days 
followed  by  a  water  quench. 

All  three  speciaens  (KTl -HTl)  were  studied  by  cransaisslon  electron  alcroscopy  (TEH). 

TEM  thin  foils  were  prepared  by  standard  cwin-Jec  eleccropolishing  xising  a  300  al  acthanol, 
175  al  n-bucanol,  30  al  HCIO^  electrolyte  at  0*C. 

Hicrostnictures  at  1400*C.  1100*0  and  700*C 

All  speciaens  cooled  or  quenched  froa  1400  and  1100*0  (HTl,  HT2  and  HT3}  contain  two 
different  aicrostructural  scales  -  one  resolved  by  optical  aetallography,  and  another  only 
by  TEM.  The  coarse  scale  represents  the  aicroscructure  present  at  hi(^  teaperature  while 
the  fine  scale  represents  a  phase  transfomation  of  the  aatrix  during  continuous  cooling 
(2].  First  we  describe  the  coarse  structure  in  order  to  indicate  the  equilibriua  phases  at 
teaperature  and  second  we  identify  the  aicrostrueture  of  the  transforaed  aatrix. 

Optical  aetallography  shows  chat  the  1400*0  saaples  (HTl)  consist  of  Large  single  phase 
grains.  According  to  TEH  analysis  of  its  transforaed  structure  (as  will  be  evident  later) 
the  phase  has  the  B2  structure.  The  1100*0  saaples  (RI2)  consist  of  large  grains  of  the 
saae  phase  with  blocky  and  needle- like  precipitates  (few  tens  of  jia  long)  as  shown  in 
Fig. 2a.  The  precipitates  occurred  in  an  irregular  aorphology,  and  TEM  analysis  Indicates 
that  they  are  an  Intargrowth  of  respectively  o  and  U,  phases.  The  700*0  (HTl)  saaples  have 
aeedle-llka  preciplcates  finer  that  chose  In  the  HT2  speciaens  (Fig. 2b  and  3a),  probably  due 
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to  the  lower  precipitation  teaperature.  Aa  TEH  analysis  shows,  the  precipitates  have  a 
peculiar  structure  of  thin  layers  of  both  and  LI,  phases  (Fig. 3b, c).  The  origin  of 

this  structure  was  not  investigated  in  the  present  work. 

The  Identity  of  the  aatrix  phase  at  1400  and  1100*C  for  the  HTl  and  HT2  speciasns  can 
only  be  inferred,  whereas  for  the  HT3  the  actual  700*C  phases  are  believed  to  be  observed. 
Sinilar  to  our  previous  work  [2]  on  a  different  coaposition  we  find  the  decoaq>osition  of  a 
B2  phase  during  cooling  froa  1400*0  and  1100*0  teaperatures  to  Che  w*  phase.  No  B2  APB's 
have  been  observed,  indicating  stability  of  tbe  B2  order  as  hi^  as  1400*0.  The 
aicroscruccure  of  the  HT2  speciaen  indicates  Chat  Che  dacoaposicion  of  Che  B2  phase  occurs 
only  below  1100*0  during  continuous  cooling. 

Orvstallosranhv  of  the  new  phase 

Fig.  4a  shows  aicrosCrucCure  of  Che  aatrix  of  the  HT3  speciaen  which  consists  of 
rotational  (four)  and  translational  (three  for  each  rotational)  doaains  of  the  w-type  phase. 
The  structure  is  siailar  to  chat  of  the  BS,  phase  found  for  the  TitAljNb  alloy  [2]  except 
for  the  presence  of  spherical  (elipsoidal)  precipitates  uniforaly  distributed  in  the  aatrix. 
The  precipitates  can  be  iaaged  in  dark-field  separately  froa  the  aatrix  using  reflections 
additional  to  those  of  the  BS^  phase  (Fig.  4b).  These  reflections  are  in  fact  superlattice 
spots  of  the  hexagonal  reciprocal  lattice  of  the  BS,  phase,  as  can  he  seen  on  a  series  of 
selected  area  diffraction  (SAD)  patterns  taken  froa  an  area  including  all  four  rotational 
doaains.  Fig.  Sa-c,  (coapared  with  chose  of  only  the  BB,  phase  of  the  Ti4Al,Nb  alloy.  Fig. 
5d-f). 

Froa  Che  SAD  patterns  and  aicrodiffraccion  froa  individual  doaains  it  was  found  Chat  the 
superlaccice  g  vectors  are  1/3<1120>*  of  the  BB,  reciprocal  lattice.  This  corresponds  to  a 
tripled  hexagonal  lattice  of  Che  precipitate  ^tase:  a,  =:  2a(sin60*);  c,  •  c  (as0.45S  ns, 
cw0.S52  na  for  Che  BB,  phase  (2]).  Axes  of  the  new  cell  wi^  respect  Co  the  BB,  are: 

2a,i  =  Si  +  2a,,  a,,  =  -2aj  -  a,,  c,  -  c. 

The  results  on  the  crystallography  of  Che  new  structure  are  directly  confined  by  high 
resolution  (HREH)  imaging.  Fig.  6  shows  such  an  BSEH  image  where  two  precipitates  and  the 
BB,  matrix  of  one  rotational  domain,  both  in  [0001]  orientation,  are  iaaged  simultaneously. 
On  that  image  the  precipitates  are  translated  with  respect  to  each  ocher  by  a. 

Several  structural  models  for  the  new  phase  can  be  suggested  assuming  further 
substitutional  ordering  of  tbe  BB,  phase  and  a  group/subgroup  relation  between  the  phases. 
The  maximal  non-isoaorphic  subgroup  of  the  BB,  P6,/nc  space  group  corresponding  to  our 
experimental  results  is  centered  hexagonal  H6,/nc  which  is  equivalent  to  primitive' 
hexagonal  F6,/mca  with  90*  rotated  axes  (and  tite  c-glide  plane)  [5].  The  subgroup  has  index 
(3]  which  gives  Che  three  translational  variants  (in  fact  observed  in  Che  HREH  im^e.  Fig 
6).  The  index  [3]  also  implies,  based  on  Che  landau-Lifschitr  theory  of  phase 
transformation  [6],  chat  Che  ordering  transformation  is  first  order,  which  is  consistent 
with  the  precipitation  nature  of  Che  transformation. 

Because  Che  cell  was  tripled  by  Che  ordering,  the  ouaber  of  atoms  per  unit  cell  is  18  (6 
atoms  per  Che  BB,  phase  unit  cell).  For  the  cell  with  space  group  P6,/aca  and  Pearson 
symbol  hPlB  we  find  a  possible  prototype  phase,  Ca^Ti,  [4] .  This  structure  has  four  Wyckoff 
positions:  (2)b  0,0,0;  (4)d  1/3, 2/3,0;  (6)g,  x, ,0,1/4;  (6)g,  x,, 0,1/4.  For  the  BB,  phase 
referred  to  these  positions  the  g,  site  is  occupied  by  Ti  and  g,  by  Al  acoas  in  a  double 
layer  in  Fig.l  (2].  We  suggest  Chat  the  observed  ordering  does  not  change  tbe  double  layer, 
and  therefore  occurs  entirely  on  a  single  layer.  Based  on  the  estimated  compositions  of  the 
average  matrix,  BB,  phase  and  precipitates,  we  suggest  an  ideal  ordering  on  the  single  layer 
with  Nb  on  (4)d  and  Al  on  (2)b  positions.  This  gives  a  (Ti,Al, ) (AlNb, )  stoichloaecry  for  Che 
new  phase,  with  occx^ancies  Al  (2)b,  Nb  (4)d,  Ti  (B)gi.  Al  (6)ga  end  x,  and  x,  slightly 
different  from  1/3  and  2/3  of  the  w-cype. 

Another  possibility  could  be  the  Strukcutbericht  D8,  structure,  Hn,Si,  prototype,  also 
with  P6,/acm  space  group  but  with  16  atoms  per  unit  cell.  For  this  structure  the  (2)b 
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position  Is  vacant.  The  (Tl,M.j)Nb2  stolehloaetry  has  a  good  correspondence  to  aass  balance 
requlreaents .  Further  HREM  and  X-ray  diffraction  work  is  in  progress  to  find  the  correct 
structure. 
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FIG.  1.  Schematic  drawing  of  (a)  B2,  (b)  w*  and  (c)  BS,  crystal  structures. 
The  B2  structure  is  shown  as  a  stacking  of  (111)  planes.  Different  symbols 
represent  different  occupancies.  (From  Ref.  2). 
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Fl(.  2.  0pcle«l  Mtallograpliy  «f  the  («)  HR  and  (b)  HI3  aanplas. 


Fig.  3.  TIM  Inagas  of  tbo  naedla-lika  praclpltatos  in  tha  RT3  (700*C)  apoelaen  natrix.  (a) 
Low  nagnlficaclon  tnaga.  (b)  Internal  scnicture  of  Che  precipitate  and  (c)  Che  corresponding 
SAD  pattern  (snaller  cell  •  Che  00^,  phase,  (1120];  larger  cell  -  the  Llo  phase,  [110]) 
showing  altemacing  layers  of  the  DOj,  and  LI,  phMs  and  their  orientation  relationship. 
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Fig.  4.  Kicrostrueture  of  Che  HIS  speciaen  aecrix  and  spherical  precipicaces .  (a)  Bright- 
fleld  inage  of  several  rocacional  and  cranslacional  domains,  (b)  Dark*field  image  of  the 
precipicaces  using  super lacclce  (co  BB,)  cefleccion. 


Fig.  S.  (a-c)  SAD  paccems  caken  from  che  HT3  specimen  and  compared  co  chose  (d-f)  from  che 
BSj  phase  of  Che  Ti^AljNb  alloy.  Zone  axes  using  cubic  indices  are;  (a,d)  -  <n0>;  (b,e)  - 
<11X>;  (c.f)  -  <100>. 
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Fig.  6.  HREH  iMge  of  the  BSj  aatrix  and  the  precipitates  (P)  In  an  orientation  of  the 
[0001]  parallel  to  the  electron  bean  direction. 
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Abstract 

The  microstructure  of  an  alloy,  with  composition  Ti-30Ai~20Nb  (atomic  percent),  when  annealed  at  temperatures 
between  700  and  900  °C  for  up  to  18  days,  consists  of  two  intermetallic  phases;  orthorhombic  TijAlNb  and  <i;-type 
B8>  TijAl,Nb.  The  presence  of  the  two  phases  in  the  microstructure  is  independent  of  the  heat  treatment  path  and.  thus, 
the  two  phases  appear  to  be  in  thermodynamic  equilibrium.  The  potential  for  high  strength  alloys  in  this  two-phase  field, 
based  on  the  combination  of  properties  of  the  two  different  phases,  is  demonstrated  by  microhar^ess  measurements. 


1.  Introduction 

The  need  for  low  density  structural  materials  with 
high  temperature  strength  and  low  temperature  ductil¬ 
ity  for  aerospace  applications  has  driven  interest  in  tita¬ 
nium  aluminides,  especially  those  of  the  Ti-Al-Nb 
system.  Different  approaches  have  been  utilized  to  pro¬ 
duce  microstructures  composed  of  the  foUowing 
ordered  intermetallic  phases  and  their  combinations: 
Cj-TijAl  (DO|,),  a2-Ti3Al  +  y-TLAl  (LIq)  in  the  Ti-Al 
system,  and  a2-Ti3Al,  a2-Ti3Al  +  /3„  (B2)  in  the  Ti-Al- 
Nb  system  [1-3].  Very  promising  combinations  of 
specific  strength  and  rupture  life  at  high  temperature 
(up  to  800  "C)  have  been  achieved  for  an  alloy  with  a 
composition  close  to  Ti-24Al-llNb  (atomic  percent) 
[3]. 

In  a  recent  review  by  Rowe  [3],  it  was  indicated  that 
the  ordered  0-Ti2AINb  phase  [4]  may  also  have 
potential  as  an  elevated  temperature  structural 
material.  This  phase  has  orthorhombic  symmetry 
( Cmcm)  which  can  be  thought  of  as  a  ternary  ordering 
of  the  a-i  lattice  but  also  forms  by  a  martensitic-type 
transformation  from  the  high  temperature  B2  (/So) 
phase  [S,  6].  The  O  phase,  either  as  a  single  phase  or  an 
0  +  /3o  structure,  d^orms  more  uniformly  than  the  a-i 
phase  and  exhibits  higher  specific  strength  and  fracture 
toughness  than  a2-based  alloys  [7]. 

Another  ternary  phase  recently  found  in  the 
Ti-Al-Nb  system  has  a  composition  close  to 
Ti4Al3Nb,  and  appears  to  occur  in  equilibrium  with 
y-TLAl  and  a2-Ti3AI  phases  at  some  temperatures  [8, 
9].  The  phase  forms  readily  from  the  high  temperature 
B2  pha^  by  a  displacive  transformation  with  sub¬ 
sequent  chemical  ordering.  The  phase  has  the  B82 
structure  [9]  which  belongs  to  the  class  of  ft>-type 


phases.  These  a)-type  phases  lack  the  close-packed 
planes  suitable  for  dislocation  mobility.  Depending 
on  morphology  and  microstructure  [10].  the  phase 
can  either  cause  brittleness  or  be  used  as  effective 
strengtheners  (e.g.  as  with  metastable  a*-phase  in  some 
titanium  and  zirconium  alloys). 

Based  on  the  compositions  of  the  B82  and  O  phases, 
an  equilibrium  two-phase  field  between  them  was 
anticipated  at  elevated  temperatures.  Alloys  in  this 
two-phase  field  might  exhibit  the  strengthening  of  the 
titanium  aluminide  (the  O  phase)  by  the  stable  cu-type 
phase.  This  combination  of  the  w-type  and  the  ortho¬ 
rhombic  phase  has  not  been  exploited  in  any  of  the 
previous  work  on  titanium  aluminides.  The  present 
paper  presents  some  preliminary  results  which  confirm 
the  existence  of  the  two-phase  field  and  gives  micro¬ 
structures  and  preliminary  properties  of  an  alloy  with 
Ti-30Al-20Nb  (atomic  percent)  composition. 

2.  Experimental  details 

An  alloy  with  composition  Ti-30Al-20Nb  (atomic 
percent)  was  prepared  by  arc  melting  and  homogeniz¬ 
ing  at  1400  "C  for  5  h  in  gettered  argon.  The  homogen¬ 
ized  specimens  were  subsequently  heat  treated  at 
1 100  'C  for  24  h,  water  quenched  and  then  annealed 
at  900, 850, 800, 750  or  700  ®C  for  different  lengths  of 
time.  Annealing  was  performed  by  encapsulating  tanta¬ 
lum  foil-wrapp>ed  slices  in  evacuated  and  helium- 
backfilled  quartz  tubes.  The  microstructure  of  the 
alloys  was  studied  mainly  by  means  of  transmission 
electron  microscopy  (TEM).  TEM  thin  foils  were  pre¬ 
pared  by  standard  twin-jet  electropolishing  procedure 
using  a  300  ml  methanol,  175  ml  n-butanol  and  30  ml 
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HClOj  electrolyte  at  0  “C.  Microhardness  testing  was 
performed  on  specimens  prepared  for  optical  metal¬ 
lography  using  a  diamond  pyramid  indenter  with  a 
1000  g  load. 


3.  Displacive  instabilities  of  the  B2  structure 

Both  O  and  B8,  pha.ses  have  structural  relations 
with  the  cubic  B2  phase  which  can  be  described  as 
combinations  of  displacive  and  chemical  ordering.  The 
displacive  ordering  for  these  two  phases  is  represented 
by  two  fundamental  modes:  (1)  shuffles  of  the  (1 10)^. 
planes  in  the  [1  iOj^,  direction  for  the  O  pha.se  and  (2) 
.shuffles  (or  collap.se}  of  the  ( 1 1 1 ),.  planes  in  the  [  1 1 1  j^. 
direction  for  the  B8;.  pha.se  [4, 9].  These  two  modes  are 
known  to  manifest  themselves  in  the  lattice  dynamics 
of  the  b.c.c.  (or  B2)  structure  prior  to  the  transforma¬ 
tion  by  the  softening  of  some  elastic  constants  and  the 
presence  of  anomalies  in  the  phonon  dispersion  curve. 
These  phenomena  (often  referred  to  in  the  literature  as 
pre-martensitic)  are  readily  observed  in  the  tweed 
contrast  and  the  diffuse  scattering  in  TEM  images  and 
selected  area  diffraction  (SAD)  patterns  taken  from 
samples  quenched  from  high  temperature. 

Such  SAD  patterns  taken  in  a  [I  lOj^  zone  axis  orien¬ 
tation  are  shown  in  Figs.  1(a)  and  1(b)  for  specimens 
water  quenched  from  1100°C  for  the  TijAlNb  and 
TijAljNb  alloys.  Loci  of  diffuse  intensity  (in  addition 
to  distortion  and  streaking  of  the  B2  reflections)  are 
located  at  distinct  point  in  reciprocal  space,  clo.se  to 
l/2(l_i2)*  for  the  TLAINb  and  l/3(lil)*,  andl 
1/3(112)*  for  the  TijAl,Nb  alloys  (arrows  in  Fig.  1).| 
These  are  positions  where  reflections  from  different 
crystallographic  variants  of  the  corresponding  low  tem¬ 
perature  phases  are  to  be  expected.  For  slowly  cooled 
and  fully  transformed  alloys  such  reflections  (from  six 
rotational  variants  of  the  O  phase  for  Ti^AlNb  and 
four  rotational  variants  of  the  B8i  phase  for  TijAl^Nb) 
are  seen  in  Figs.  2(a)  and  2(b)  where  the  SAD  patterns 
are  in  a  [110]^  orientation.  Figures  2(c)  and  2(d)  show 
images  of  the  corresponding  microstructures  where  (c) 
the  O  phase  has  a  plate-like  appearance  and  (d)  the  B82 
phase  has  equiaxed  grains. 

For  the  Ti-30AI-20Nb  (atomic  percent)  alloy, 
whose  composition  lies  between  the  two  alloys  dis¬ 
cussed  above,  both  modes  of  the  displacive  transfor¬ 
mation  can  be  present  simultaneously.  Figure  3  shows 
a  SAD  pattern  in  a  [110]^.  orientation  from  the  B2 
phase  retained  after  water  quenching  from  1100°C. 
(At  1 100  °C  a  small  amount  of  the  DO,.,  phase  is  pres¬ 
ent,  but  the  B2  phase  has  a  composition  close  to  the 
nominal  composition  of  the  alloy.)  The  diffuse  scatter¬ 
ing  observed  in  the  SAD  patterns  indeed  represents 
both  displacive  modes  with  contributions  of  compar- 


mic. 


‘H 
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Fig.  1.  SAD  patterns  in  a  ( 1  lOj^.  zone  axis  orientation  taken  from 
the  B2  phase  of  the  (a)  Ti.AINb  and  (b)  TijAl.Nb  alloys  water 
quenched  from  1 1 00  °C. 


able  intensity.  Our  preliminary  results  show  that  the 
relative  amount  of  the  two  modes  can  be  sensitive  to 
the  cooling  history  and  to  the  local  composition. 

4.  Microstructures  after  annealing  at  elevated 
temperatures 

Annealing  at  elevated  temperatures  (700-900  °C) 
produces  a  two-phase  microstructure.  As  Figs.  4  and  5 
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Fig.  2.  SAD  patterns  from  the  multiple  variants  of  (a)  the  O  phase.  Ti^AINb  alloy  and  (b)  the  B8;  pha.se.  Ti^AUNb  alloy  in  the  [  1 10], 
orientation  after  slow  cooling  from  the  B2  region;  (c)  and  (d)  are  the  images  of  the  corresponding  microstructures. 


show,  the  microstructure  obtained  for  the 
Ti-30Al-20Nb  alloy  after  annealing  at  700  °C  for  18 
days  consists  of  a  homogeneous  distribution  of  fine 
domains  of  both  the  O  and  88.  phases.  The  SAD 
patterns  of  Fig.  4,  taken  in  (a)  [1  loX  and  (b)(l  1 1]^.  zone 
axis  orientations,  show  the  presence  of  reflections  from 
both  phases  in  orientation  relationships  (compared 
with  the  transformed  82  phase  and  with  each  other) 
which  are  the  same  as  those  in  the  SAD  patterns  of 
Figs.  2(a)  and  2(b).  The  pattern  in  Fig.  4(a)  is  essentially 


a  superposition  of  Figs.  2(a)  and  2(b).  The  Fig.  4(b) 
pattern  shows  reflections  of  one  of  the  88^  variants  at 
the  1/3(1 12)^,  position  ([000lLII(l  lOj,^^).  and  a  triplet  of 
surrounding  reflections  which  belong  to  three  variants 
of  the  O  pha.se  ((1  l())„||ll  lOj^.).  Figure  5(a)  shows  a 
bright  field  image  of  the  microstructure  in  the  [110],^^ 
orientation,  and  Figs.  5(b)  and  5(c)  shows  dark  field 
images  of  the  microstructure  taken  with  reflections 
belonging  to  a  single  variant  of  either  (b)  the  O  phase  or 
(c)  the  88;;  phase.  Similar  to  the  microstructures  of 
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Fig.  3.  SAD  pattern  in  a  flin[  orientation  taken  from  the 
Ti-3n.\l-2()Nb  B2  phase  retained  after  quenching  in  water  from 
llOll'C.  The  diffuse  scattering  in  the  S.-\D  pattern  iarrows: 
represents  t\so  displacive  modes  of  transformation:  the 
1  1(1  lid  and  the  1 1  1  1  ■  1  1  1  modes. 


single  phase  alloys,  the  O  phase  appears  in  a  plate-like 
form  Fig.  5!b)i  whereas  the  B8;  pha.se  e.xists  as  rountj 
particles  (Fig.  5ic)i. 

The  two-phase  .structure  is  highly  stable  and  re.sisis 
to  coarsening  at  temperatures  where  other  Ti-Al-Nb 
alloys  are  structurally  unstable  after  prolonged  heat 
treatments.  This  instability  can  lead  to  premature 
failures  [II.  12j.  Compared  with  a  single  pha.se 
Ti;AlNb  alloy,  the  two-phase  structure  of  the 
Ti-30Al-2()Nb  alloy  remains  fine  after  annealing  for 
18  days  at  700  °C.  The  Tiy\I.Nb  alloy  microstructure 
recrystallized  after  a  few  days  iin  some  specimens  after 
a  few  hours  -  at  this  same  temperature  i!3j.  Figure  6(a' 
shows  a  partially  recrystallized  region  of  the  Ti^AlNb 
alloy  observed  after  24  h  of  annealing  at  700  °C  where 
a  large  single  grain  is  seen  consuming  an  or'ginal  fine- 
plate  structure.  Figure  6'b  shows  another  coarsening 
process  in  the  Ti^AINb  alloy  which  proceeds  by  thick¬ 
ening  of  some  plates  and  disappearance  of  others. 

The  distribution  of  the  O  and  BS.  phases  in  the 
Ti-30AI-20Nb  alloy  can  be  controlled  either  by- 
changes  in  cooling  rate  or  by  the  temperature  at  which 
the  quenched  material  is  equilibrated.  As  preliminary 
results  indicate,  the  microstructure  can  be  very  differ¬ 
ent  for  different  heat  treatment  schedules.  For  c.xampic. 
Fig.  7  compares  microstructures  tibtained  by  tw'o  dit- 
ferent  heat  treatments,  both  with  a  final  equilibration  at 


Fig  4  SAD  patterns  taken  from  the  Ti-3()AI-20Nb  alloy  after 
annealins;  at  ~od  °C  for  l.S  da\s  in  a  ,  1  Id;,  'a  and  a  111!,  b 
zone  a.xis  orientation  The  S.AD  patterns  show  the  presence  of 
rejections  from  both  O  and  BN-  phases  in  orientation  rela¬ 
tionships  similar  to  those  ot  the  SAD  palterns  of  Fig  2  a  and  b 


70(1  X'.  The  first  one.  Fig.  7.ai.  involved  continuous 
fast  cooling  trom  1400 ''C  to  room  temperature  with 
subsequent  annealing  at  700  °C'  for  hS  davs.  Fhe 
second  one.  Fig.  7  h  ,  invoKed  slovs  cooling  from  I  100 
to  ~00 ’(■  and  annealing  at  700  C'  for  .-s  days  Hven 
though  the  second  heat  treatment  was  shorter,  the 
O  1- FTS.  microstriicture  is  noticeably  eoarser  (  learK 
the  differences  in  microstructures  are  related  to  the 
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Fig.  5.  The  microstructure  of  the  Ti-30Al-20Nb  alloy  after  annealing  at  700  °C  for  1 8  days  consisting  of  a  homogeneous  distribution 
of  fine  domains  of  the  O  and  B8,  phases,  (a)  Is  a  bright  field  image;  'bland  ic)are  dark  field  images  taken  with  reflections  belonging  to  a 
single  variant  of  the  O  or  68;  phases  respectively. 


competition  between  the  formation  of  the  O  and  B8^ 
phase  from  the  cubic  phase.  The  details  of  this  com¬ 
petition  depend  on  the  thermodynamic  instability  tem¬ 
peratures  of  the  cubic  phase  and  the  formation  kinetics 
for  the  two  phases. 


5.  Microhardness 

Preliminary  room  temperature  microhardness  tests 
were  performed  on  the  Ti-30Al'20Nb  alloy  following 
different  heat  treatments.  The  best  result  obtained  so 
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tar  was  tor  a  specimen  annealed  at  700  °C  for  1 8  days: 
617-626  Vickers  hardness  (VHN)  for  a  1000  g  load, 
without  noticeable  cracking.  This  hardness  is  higher 
than  the  best  result  found  in  the  literature  for  alloys 
based  on  the  orthorhombic  phase.  Ti-23.5A1- 
24Nb  (308  VHN)  [3],  and  for  alloys  based  on  the  a- 
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Fig.  6.  Bright  field  images  of  a  partially  recrystallized  region  ot 
the  Ti.AINb  alloy  observed  after  24  h  annealing  at  700  °C.  (a)  A 
large  single  grain  A  is  consuming  an  original  fine-plate  structure 
B.  (b;  Another  type  of  coarsening  process  proceeding  by  thick¬ 
ening  of  some  plates  and  disappearance  of  others. 


Fig.  7.  Micri'striictures  of  the  Ti-.70Al-20Nh  alloy  obtained  b\ 
two  different  heat  treatments,  both  with  a  final  equilibration  at 
700  "C.  ia>  After  continuous  fast  cooling  from  1400  °C  to  room 
temperature  with  subsequent  annealing  at  700  °C  for  18  days,  (b 
After  slow  cooling  from  I  100  to  700  °C  and  subsequent  anneal- 
ina  for  5  da\s. 
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phase,  Ti-{24-26)Al-llNb  (470  VHN)  [14,  15]  and 
Ti-26.lAl-9.61Nb-2.9V-0.9Mo  (440  VHN)  [13]. 

6.  Conclusions 

The  microstructure  of  an  alloy  with  composition 
Ti-30Al-20Nb  (atomic  percent)  has  been  analyzed  in 
the  present  paper.  When  annealed  at  700-900  “C  for 
up  to  18  days,  the  alloy  consists  of  two  intermetallic 
phases— orthorhombic  TijAlNb  and  <u-type  BS, 
Ti4Al3Nb.  The  identity  of  the  two  phases  in  the  micro¬ 
structure  is  independent  of  heat  treatment  path.  Thus, 
the  two  phases  appear  to  be  in  thermodynamic  equi¬ 
librium  with  each  other  between  700  and  900  “C.  The 
potential  for  high  strength  based  on  the  idea  of  com¬ 
bination  of  properties  of  the  two  different  phases  was 
demonstrate  by  microhardness  measurements. 
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Abstract 

Phase  equilibria  of  the  ternary  Ti-Al-Nb  system  are  dominated  by  the  large  range  of  homogeneity  of  (^Ti,Nb),  the 
binary  intermetallic  compounds  of  the  Nb-AI  and  Ti-Al  systems  and  the  formation  of  two  ternary  compounds.  The 
available  ternary  experimental  data,  together  with  a  thermodynamic  extrapolation  of  the  ternary  system  from  the  binary 
systems,  have  b^  used  to  calculate  the  ternary  phase  diagram.  The  modd  descriptions  of  the  Gibbs  energies  of  most  of 
these  compoimds  are  given  by  the  existing  calculations  of  the  binary  systems.  In  order  to  model  a  phase  which  is  present  in 
only  one  binary  system,  but  has  a  ternary  homogeneity  range,  a  hypothetical  phase  with  the  same  structure  was  analyti¬ 
cally  described  for  each  binary  system.  Such  a  phase  would,  of  course,  be  metastable  in  the  other  binary  systems. 
Constraints  on  the  Gibbs  energies  of  formation  were  derived  from  the  crystal  structures  of  the  corresponding  ordered 
compounds.  These  same  constraints  were  employed  for  the  corresponding  phases  in  the  ternary  systent  In  a  final 
optimization  step,  ternary  parameters  were  introduced  and  adjusted  to  the  av^able  experimental  data.  The  as-derived 
description  of  the  ternary  Ti-Al-Nb  system  can  be  used  to  estimate  single  or  multiphase  fields  and  thermodynaituc 
quantities  where  no  experimental  data  are  yet  available.  It  is  also  useful  as  an  indicator  of  problem  areas  for  which 
additional  experimental  data  are  required. 


1.  Introduction 

The  Ti-Al-Nb  system  is  of  interest  for  the  develop¬ 
ment  of  high  temperature/low  density  intermetallic 
materials.  Knowledge  of  stable  and  metastable  phase 
relations  in  multicomponent  materials  provides 
valuable  information  for  the  development  of  process¬ 
ing  strategies  for  these  materials.  Once  derived,  this 
thermodynamic  description  can  be  used  to  provide 
information  which  is  not  easily  accessible  through 
experimental  techniques,  such  as  metastable  extensions 
or  the  temperatures  where  two  phases  have  the  same 
Gibbs  energies  at  a  given  composition  ( Tg  curves). 

Despite  their  importance,  Ae  phase  relationships  of 
this  system  are  only  partially  known  for  certain  tem¬ 
perature  regimes  [1-8].  From  the  available  experi¬ 
mental  data  the  following  (>oints  can  be  determined. 

(1)  The  intermetallic  compounds  of  the  binary. 
Nb-Al  and  Ti-Al  systems  have  relatively  wide  ranges 
of  homogeneity  in  the  ternary  system. 

(2)  The  compoimds  NbAlj  and  TiAlj  form  a  con¬ 
tinuous  (DO22)  solid  solution. 

(3)  At  least  two  ternary  compounds  exist  near  the 
compositions  Ti2AlNb  and  TuAljNb. 

(4)  The  (/?-Ti,Nb)  phase  with  b.c.c.  structure  orders 
to  the  (/5o-Ti,Nb)  with  B2  (Csa)  structure. 


*Also  at:  Department  of  Materials  Science  and  Engineering, 
University  of  Wisconsin-Madison,  Madison,  WI 53706,  USA. 


(5)  A  miscibility  gap  may  exist  in  the  ordered  (^g- 
Ti,Nb)  phase. 

The  available  ternary  experimental  data,  together 
with  a  thermodynamic  extrapolation  of  the  ternary 
system  from  the  binary  systems,  have  been  used  to 
(^dilate  the  ternary  phase  diagram.  This  attempt  at 
modeling  the  Ti-Al-Nb  system  must  be  view^  as 
preliminmy.  However,  it  provides  a  basis  for  the  com¬ 
bination  of  data  from  several  sources  in  a  thermo¬ 
dynamically  consistent  manner  and  indicates 
composition  and  temperature  regimes  where  further 
experimentation  is  essential.  A  continued  interchange 
between  calculation  and  experimentation  is  the 
quickest  route  to  the  true  diagram. 


2.  History  of  calculations  of  the  Ti-Al-Nb  system 

Previous  calculations  of  the  Ti-Al-Nb  system  were 
based  on  the  then  accepted  calculations  of  the  binary 
systems  and  available  experimental  data.  In  a  first 
calculation  of  the  Ti-Al-Nb  system  [9],  the  thermo¬ 
dynamic  descriptions  of  the  binary  systems  of  Nb-Al 
and  Ti-Al  by  Murray  [10,  11]  and  of  Ti-Nb  by  Kauf¬ 
man  and  Bernstein  [12]  were  used.  Since  this  calcula¬ 
tion,  the  experimental  data  and  thermodynamic 
descriptions  of  the  binary  Ti-Al  and  Nb-Al  systems 
have  been  subject  to  revision.  For  the  calculation  of  the 
Nb-Al  system,  Murray  [10]  used  phase  diagram  as  weU 
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as  themodynamic  data  to  derive  the  thermodynamic 
description  for  this  system.  A  re-evaluation  of  the 
experimental  data  for  this  system  suggested  that  some 
of  the  thermodynamic  data  are  inconsistent  with  the 
phase  diagram  data.  The  calculation  based  on  this  re- 
evaluation  yielded  a  simplified  thermodynamic 
description  and  a  more  accurate  fit  between  the  calcu¬ 
lated  and  experimental  phase  boundaries  [13].  For  the 
Ti-Al  system,  new  experimental  results  showed  that 
( a-Ti)  is  in  equilibrium  with  the  liquid  phase  and  higher 
liquidus  temperatures  were  established  for  the  com¬ 
position  range  of  35-80  at.%  Al.  These  changes  in  the 
experimental  phase  diagram  are  reflected  by  a  series  of 
calculations  in  the  literature  (see  Kattner  et  al.  [14]  for  a 
summary). 

Since  the  accuracy  of  the  thermodynamic  descrip¬ 
tions  of  the  binary  systems  is  crucial  for  the  calculation 
of  a  ternary  phase  diagram,  the  most  recent  calcula¬ 
tions  of  the  binary  Nb-Al  and  Ti-Al  systems  were 
used  for  a  new  approximation  of  the  Ti-Al-Nb  system. 
These  three  calculated  binaries  are  shown  in  Fig.  1. 


3.  Available  experimental  data 

The  available  experimental  data  for  the  Ti-Al-Nb 
system  are  sparse  when  compared  with  the  complexity 
of  this  system.  Most  of  the  experimental  information  is 
available  for  the  isothermal  section  at  1200  *C.  The  tie¬ 
line  data  of  refs.  6  and  15  are  in  good  agreement  and 
establish  the  phase  boundaries  with  sufficient  accuracy. 
The  data  of  ref.  2  for  the  (^-Ti,Nb)-Nb3Al-Nb2Al  and 
Nb2Al-TiAl-(Ti,Nb)Al3  three-phase  equilibria  are  in 
general  agreement  with  ffie  phase  boundaries  indicated 
by  refs.  6  and  15.  It  is  noteworthy  to  mention  that  the 
tie-line  data  of  ref.  6  indicate  an  isolated  single-phase 
area  near  the  composition  Nb,oAl45Ti45.  This  single 
phase  is  believed  to  have  the  B2  (CsCl)  structure.  It  is 
also  known  that  the  (j3-Ti,Nb)  phase  undergoes  an 
ordering  transition  from  the  disordered  b.c.c.  structure 
to  the  ordered  B2  structure  (/3o-Ti,Nb)  in  the  ternary 
system  [1,  3,  6].  The  occurrence  of  two  single-phase 
fields  with  the  same  crystal  structure  is  suggestive  of  a 
miscibility  gap. 

Most  of  the  experimental  data  which  are  available 
for  the  1 100  *C  section  determine  the  (^-Ti,Nb)-Ti3Al 
boundary.  The  data  of  Perepezko  [7]  show  a  relatively 
wide  two-phase  area,  while  the  data  of  Muraleedharan 
and  Banetjee  [4]  show  a  relatively  narrow  one.  Fur¬ 
ther  experimental  data  report  a  tie-line  for  (fi^- 
Ti,Nb)-Nb2Al  [1],  as  well  as  data  for  two  tie-trian^es 
(^o-Ti,Nb)-Nb2Al-TiAl  [16]  and  (^o-TiNb)-Ti3Al- 
TlAl  [5].  The  compositions  of  the  (/3o-Ti,Nb)  phase 
reported  for  these  two  three-phase  equilibria  are 
contradictory  to  the  extrapolation  of  the  phase  bound- 


Fig.  1.  The  calculated  binary  phase  diagrams,  (a)  Ti-Al,  (b) 
Nb-Al  and  (c)Ti-Nb. 


ary  data  given  by  Perepezko  [7].  This  conflict  can  be 
resolved  if  the  assumption  is  made  that  two  single¬ 
phase  areas  of  the  (^(,-Ti,Nb)  phase  also  exist  at  this 
temperature.  In  this  case  one  (i5o-Ti,Nb)  would  be 
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observed  in  the  three-phase  equilibria  [8],  while  the 
other  (^o-Ti,Nb)  was  observed  by  Perepezko  [7]. 

For  temperatures  other  than  1200  and  1100  “C,  only 
few  tie-line  data  are  available.  For  700  “C,  Bendersky 
et  al.  [8]  reported  tie-line  data  between  (/3-Ti,Nb)  and 
TiiAlNb,  and  Bendersky  et  al.  [5]  reported  data 
between  Ti4Al3Nb  and  TiAl  in  equilibrium  with  a  trace 
ofTijAl. 

Experimental  data  involving  the  liquid  phase  are 
available  only  for  the  TiAlj-rich  part  of  the  quasibinary 
NbAl3-TiAl3  section  [6].  Based  on  the  observation  of 
primary  fields  of  crystallization  and  preliminary  differ¬ 
ential  thermal  analysis  (DTA)  results,  Perepezko  et  al. 
[6]  proposed  an  estimated  liquidus  projection. 

Experimental  results  have  established  the  existence 
of  two  ternary  compounds;  Ti^AlNb  [17]  and  Ti4Al3Nb 
[5].  The  Ti2AlNb  compound  has  an  orthorhombic 
ordered  structure.  It  is  based  on  ternary  ordering  of  the 
DO, 9  structure  of  Ti3Al  which  is  an  ordered  derivative 
of  h.c.p.  The  Ti4Al3Nb  compound  has  the  B82  (Ni2ln) 
structure  and  is  believed  to  have  a  relatively  small 
range  of  homogeneity.  Neither  ternary  compound  was 
observed  in  alloys  that  were  annealed  at  1100  “C  [5, 8] 
or  highei  temperatures.  Bendersky  et  al.  [8]  reported 
the  occ’.rrence  of  the  Ti2AlNb  compound  in  samples 
that  wer  annealed  at  and  below  970  *C,  and  the 
Ti4Al3Nb  compound  was  observed  in  samples  that 
were  annealed  at  700  “C  (5). 

4.  Anaivtical  description  of  the  phases 

The  ohases  considered  in  the  calculation  of  the 
Ti-Al-iSb  system  are  the  disordered  solution  phases 
(liquid,  (/5-Ti,Nb),  (a-Ti)  and  (Al)),  the  ordered  inter- 
metallic  compounds  of  the  Nb-Al  and  Ti-Al  binaries 
(Nb3Al.  NbjAl,  (Ti,Nb)Al3,  Ti3Al,  TiAl,  TiAlj  and 
TijAlj)  and  the  ordered  ternary  compounds  (TijAlNb 
and  Ti4.\l3Nb).  Since  the  transition  between  dis¬ 
ordered  (/3-Ti,Nb)  and  ordered  (^o'Ti,Nb)  is  believed 
to  be  a  second-order  transition,  and  in  order  to  keep 
the  analytical  description  as  simple  as  possible,  these 
two  structures  will  not  be  distinguished  in  the  present 
calculation;  both  are  represented  as  the  (^-Ti,Nb)  phase. 

For  the  calculation  of  phase  equilibria,  the  Gibbs 
energies  ( G)  of  the  phases  present  must  be  expressed  as 
analytical  functions  of  the  variables  of  interest,  ie. 
composition  and  temperature.  For  the  calculation  of 
the  ternary  system,  the  type  of  equation  (model)  for  the 
phases  existing  in  the  binaries  has  been  predetermined 
by  the  thermodynamic  description  used  in  the  calcula¬ 
tion  of  the  binary  systems.  In  all  three  binary  systems 
the  disordered  solution  phases  were  described  with 
quasi-subregular  solution  models.  The  ranges  of  homo¬ 
geneity  of  the  ordered  intermetallic  compounds  were 


described  with  a  sublattice  model,  considering  two  or 
more  sublattices  and  allowing  substitution  to  occur  on 
at  least  one  of  them.  Phases  for  which  few  data  were 
available  on  their  homogeneity  ranges  were  assumed  to 
be  stoichiometric.  For  the  present  calculation,  the 
program  PMLFKT  by  Lukas  etal.[\%\  was  used.  In  this 
program  the  different  model  descriptions  can  all  be 
treated  with  an  equation  of  the  form 

G'  =  Ifl'Iy4(G*+/?7'In(yJ) 

/  * 

,  V'  >  oi  - 1  n  —  1 

+  LA,ypy^Vp  v, 

i 

1  V  r>  no 

+  L  Bj,y^  y,  >V 

}} 

with 

Vp=yp^[\-yp-y^) 

and 

t^,=3'9+{i-yp->',) 

where  /  is  the  phase  index;  /  is  the  subiattice  index; 
k,  p,  q,  r  are  the  species  indices;  j  is  the  polynomial 
index  (binary  terms);  jj  is  the  polynomial  index  (ternary 
terms);  G'  is  the  molar  Gibbs  energy  of  phase  i;  a' is  the 
fraction  of  sublattice  /  in  phase  i:  y^,  y,  are  the 

concentration  of  sjjecies,  referred  to  1  mole  of  sub- 
lattice  sites;  C*  is  the  Gibbs  energ>  of  species  k;  Aj  is 
the  Gibbs  energy  coefficients  of  binary  polynomial 
terms;  Bjj  is  the  Gibbs  energy  coefficients  of  ternary 
polynomial  terms;  and  m,/i,o  are  the  exponents  of 
polynomial  terms.  The  G*,  A^  and  B^^  parameters  are 
either  constant  or  linear  functions  of  the  temperature. 
The  exponents  m,  n  and  o  as  well  as  the  indices  p,  q 
and  rare  given  individually  for  each  j  or  jj. 

The  first  term  on  the  right-hand  side  of  eqn.  (1)  rep¬ 
resents  the  Gibbs  energies  of  the  species  and  their  con¬ 
tribution  to  the  configurational  entropy,  the  second  and 
third  term  are  binary  and  temaiy  polynomial  inter¬ 
action  energies,  respectively.  The  polynomial  inter¬ 
action  terms  consist  of  two  types  (as  seen  in  Table  1). 
Terms  involving  products  of  concentrations  on  differ¬ 
ent  sublattices  correspond  to  the  energy  of  formation 
of  the  phase  with  only  one  species  present  on  each  sub- 
lattice.  Terms  involving  products  of  concentrations  on 
the  same  sublattice  correspond  to  the  change  in  energy 
owing  to  the  mixing  of  the  species  on  this  subiattice. 

The  above  equation  reduces  to  the  binary  quasi¬ 
subregular  solution  model  if  only  one  sublattice  (/=  1 
and  o'  =  1.0)  is  considered.  In  this  case  the  species  con¬ 
centration,  y^,  is  identical  to  the  elemental  concentra¬ 
tion,  x„,  and  therefore,  the  variable  is  used  instead  of 
y*,  and  with 

i;,  =  x,  +  (l-x, -X2)=x, 
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TABLE  1 .  Thermodynamic  description  of  the  Ti-AI-Nb  system  (all  quantities  are  given  in  J  mol  * ' ) 


Multiplier 


Parameter  G^,  Ay  or 


Liquid 


JfNb 

0.00 

-*AI 

0.00 

^Ti 

0.00 

■*Nlv*A|fNh' 

-103737.10  +  29.45904  7 

■*Nh-*AI«^NbfAI 

-289716.20  +  87.97006  7 

■^Nb^Alt'Al" 

-127713.10  +  58.51102  7 

■^TiJCAlt'Ti 

-120521.00  +  41.11378  7 

JCTiJCAll^Al 

-104619.40  +  41.11378  7 

•*Ti-*Nb 

13058.26 

•*NbJfAI-*Ti 

-  100000.00 

(/J-Ti,Nb) 

•*Nb 

-30000.00+10.90910  7 

Xa> 

-628.00  +  6.65980  7 

Xt, 

-  14146.00  +  7.28800  7 

•*Nb-*Alt'Nb 

-133982.50  +  41.69422  7 

•^Nlr^Alt'AI 

-125401.50  +  41.69422  7 

-■CTi^AI 

-  129396.70  +  40.06310  7 

•^Ti-^Nb 

13075.00 

•*Nh‘-^A|*Ti 

-  80000.00  +  60.00000  7 

■*Nb^Al'-*Ti 

-  180000.00  +  60.00000  7 

■*Nb^AI-*Ti' 

-70000.00  +  60.00000  7 

(a-Ti) 

■*Nb 

-  13000.00  +  9.70910  7 

-*AI 

-5151.40  +  9.61780  7 

■»Ti 

-18316.00+10.89840  7 

■*Nb^AI 

-  1 20000.00  +  40.00000  7 

•*Ti-*AI»'Ti 

-139823.40  +  45.39174  7 

•*Ti-*Al*'Al 

-107753.60  +  21.02630  7 

•*Ti'*Nb 

13075.00 

■*Nb-*AI'*Ti 

-115000.00 

(Al) 

■*Nb 

-8000.00  +  8.70910  7 

*A1 

-10711.00+11.47280  7 

^Tl 

-12316.00+10.79840  7 

Wai 

-185783.30  +  92.57490  7 

■*Ti-*AI 

- 124269.60  +  43.89675  7 

•*Ti'*Nb 

13075.00 

vf^.^AI  (two  sublattices) 

Niobium  sublattice:  «'*•’  = 

0.75 

l-Nb"- 

-24500.00+10.35910  7 

l-A^ 

-3148.80  +  7.86305  7 

-13688.50  +  8.16560  7 

9806.25 

Aluminum  sublattice:  a^' 

-0.25  7 

ynb'' 

-24500.00+10.35910  7 

yAx^' 

-3148.80  +  7.86305  7 

yr!^ 

-13688.50  +  8.16560  7 

>Al''V'^ 

-8675.01+2.47012  7 

3268.75 

l>ri^'>Ai*' 

-4000.00 

Polynomial  terms  between  species  on  different  sublattices 
“  ■  -35518.50  +  6.93617  7 

35518.50  -  6.93617  7 
-26000.00  +  7.00000  7 
26000.00  -  7.00000  7 
"  -6000.00 


V  Nbv  Al 

/Mb  /At 

ym'^yrl^yAr 


Multiplier  Parameter  G*,  A,  or  B, 


Nb;AI  (three  sublattices) 


Niobium  sublattice: 

=  0.53333340 

-22666.70+10.17567  7 

-3989.00  +  8.26413  7 

yrr 

-13536.00  +  8.45813  7 

yA^yrr 

8046.15 

^,Nb^^Nb 

-10000.00 

Aluminum  sublattice:  a‘ 

''  =  0.33333330 

^Nb*' 

-22666.70+10.17567  7 

>Al''' 

-3989.00  +  8.26413  7 

>ri*‘ 

-13536.00  +  8.45813  7 

^Al^'l’Nb*' 

-5499.82+1.66825  7 

>’Nb^'>V." 

5028.85 

-6000.00 

Niobium  sublattice: 

=  0.13333330 

yu^ 

-22666.70+10.17567  7 

Polynomial  terms  between  species  on  different  sublattices 

>'Nb^''>'AI^‘yNb'''’ 

-4689530+10.46569  7 

>Ai''*’yNb*'yNb'"’ 

19747.45 

J'Al'''’>’Al'''yNb'"' 

-27148.69+10.46569  7 

yri'''’yAi^'yNb'''’ 

-35200.00  +  6.20000  7 

yAi'''’yTi''%b^'’ 

-35200.00  +  6.20000  7 

(Ti,Nb)AI,  (two  sublattices) 

(Ti,Nb)  sublattice:  a™  = 

0.25 

yNb™ 

-8000.00  +  8.70910  7 

yA.^ 

-10711.00+11.47280  7 

yii”™ 

-12316.00+10.79840  7 

yNb^yA."^ 

12500.00 

yti^yAi^ 

12500.00 

yNb^yr™ 

3268.75 

Aluminum  sublattice:  a^'  -  0.75 

yub^ 

-8000.00  +  8.70910  7 

yA.''’ 

-10711.00+11.47280  7 

yri^' 

-12316.00+10.79840  7 

yAi^'yNb*' 

-56592.56  +  3330652  7 

yAi^'yri*' 

-61849.46  +  36.53370  7 

yNb^'yr,^' 

9806.25 

yNb^'yAi^yri*' 

-100000.00 

Polynomial  terms  between  species  on  different  suUattices 


ysb^yAi^' 

-50131.90+12.18287  7 

yAi^ysb^' 

50131.90-12.18287  7 

yn'^yAi^' 

-40349.60+1036525  7 

yAi^yri^' 

40349.60-10.36525  7 

yub^yri^yA.''' 

-17000.00  +  6.00000  7 

Ti2Al5  (stoichiometric  compound) 

1 

-361654.70+145.66830  7 

TiAlz  (stoichiometric  compound) 

1 

-165313.20  +  66.80632  7 

TiAl  (two  sublattices) 

Titanium  sublattice:  a'^ 

'-0.5 

yNb^' 

-8000.00  +  8.70910  7 

yA^’ 

-10711.00+11.47280  7 

yri^' 

-12316.00+10.79840  7 

yr^'yA.^'t'T^' 

-102978.40  +  7.79282  7 
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TABLE  1  (continued) 


Multiplier 

Parameter  Ay  or  B^ 

Titanium  sublattice:  - 

0.5  (continued) 

yr7‘yA.''‘t'Ai^‘ 

-24001.71+7.79282  7 

6537.50 

-40000.00 

Aluminum  sublattice: 

=  0.5 

-8000.00  +  8.70910  7 

yAi^' 

-10711.00+11.47280  7 

-12316.00+10.79840  7 

>'Nb'*''yAi''' 

-60000.00+11.00000  7 

-28311.63+10.85167  7 

yNb"'yr^' 

6537.50 

Polynomial  terms  between  species  on  different  sublattices 

>'Nb'^'>'Al''' 

-42000.00  +  8.00000  7 

>'Al'^‘>'Nb''' 

42000.00  -  8.00000  7 

>rJ'yAi''' 

-37445.10+16.79376  7 

37445.10-16.79376  7 

>'Nb’‘'yri^'yA*' 

-20000.00 

TijAl  (two  sublattices} 

Titanium  sublattice:  a^‘  = 

0.75 

^Nb^' 

-13000.00  +  9.70910  7 

>A,"‘ 

-5151.40  +  9.61780  7 

yri-^^ 

-18316.00+10.89840  7 

>'Nb^'yAi’‘' 

-  30000.00 

yrJ'J'Ai'^' 

-71277.87  +  25.46998  7 

>Nb^‘yri^‘ 

9806.25 

Aluminum  sublattice:  a'^' 

-0.25 

>'Nb''' 

-13000.00  +  9.70910  7 

yAi*' 

-5151.40  +  9.61780  7 

yti^' 

-18316.00+10.89840  7 

yftt^'yr^' 

3268.75 

Multiplier 


Parameter  G^,  A^or 


Polynomial  terms  between  species  on  different  sublattices 

-38000.00  +  7.00000  7 

yAi'^'yNb''' 

38000.00  -  7.00000  7 

yr/'yAi''’ 

-29633.60  +  6.70801  7 

yAi'^'yri''' 

29633.60-6.70801  7 

ysb^’yrT'yAi''' 

-9400.00 

Ti,AINb  (three  sublattices) 

Titanium  sublattice:  a"^'  =  0.5 

yNh^' 

-13000.00  +  9.70910  7 

yr7‘ 

-18316.00+10.89840  7 

yNb^^yrJ' 

- 10000.00 

Niobium  sublattice:  a"*'  =  0.25 

yNb'^'* 

-13000.00  +  9.70910  7 

yri'-- 

-18316.00+10.89840  7 

Aluminum  sublattice:  a^'  =  0.25 

yAi'^' 

-5151.40  +  9.61780  7 

Polynomial  terms  between  species  on  different  sublattices 

-38000.00  +  7.00000  T 
-29633.60  +  6.70801  T 
-34000.00  +  7.00000  7 
34000.00  -  7.00000  T 


^T.^Nb^^AI 

yT,^'i'Nb'"'yAi''' 

>'Nb^'yTi''W 


T^ALNb  (stoichiometric  compound) 

1  -480000.00+180.00000  7 


and 

V2  =  X2+{l-Xi-X2)=X2 

the  equation  can  be  rewritten  as 

G' = ac,  ( G,  + /?r  ln(  j:,  ))  +  JC2(  G2  +  i?r  ln(;t2 )) 

+  lAx,'"jc/ 

> 

In  order  to  provide  a  thermodynamic  description  of 
a  binary  phase  whose  compositional  stabilities  extend 
into  the  ternary  region,  the  Gibbs  energies  of  the 
counter  phases  in  the  other  binaries  need  to  be  esti¬ 
mated.  These  complimentary  phases  are  not  stable  in  the 
respective  binaries  under  ordinary  conditions.  For  the 
Nb-Al  and  Ti-Al  systems,  the  Gibbs  energies  of 
formation  of  Ae  stable  phases  were  used  to  estimate 
the  Gibbs  energy  of  formation  of  the  hypothetical 
metastable  compounds.  The  phases  in  Ae  Ti-Nb 
system  exhibit  no  ordering  tendency.  Therefore,  the 
Gibbs  energy  of  formation  of  the  ordered  compounds 
was  set  to  zero  for  the  Ti-Nb  system  and  the  total 


excess  Gibbs  energy  was  set  equal  to  that  of  the  dis¬ 
ordered  compounds. 

In  the  analytical  descriptions  of  the  ordered  inter- 
metallic  compounds  of  the  Nb-Al  and  Ti-Al  systems, 
the  number  of  parameters  in  the  description  was  mini¬ 
mized  by  using  constraints  for  the  different  Gibbs 
energies  of  formation.  If,  in  an  ordered  compound,  all 
the  elements  are  assumed  to  occur  on  all  sublattices  of 
this  compound,  this  compound  will  exist  over  the 
entire  composition  range.  The  structures  of  most  of 
these  compounds  are  ordered  derivatives  of  the  struc- 
ttires  of  the  pure  elements.  For  complete  substitution, 
i.e.  at  the  composition  of  one  of  the  pure  elements,  the 
degree  of  ordering  in  these  compounds  must  be  zero 
and  the  Gibbs  energy  of  these  compounds  must  then 
be  equal  to  the  Gibbs  energy  of  the  pure  elements  of 
the  corresponding  crystal  structure.  This  implies  con¬ 
straints  for  the  Gibbs  energy  of  formation  of  the  sub¬ 
stitutional  atoms.  The  same  constraints  were  applied  to 
the  thermodynamic  quantities  of  the  hypothetical 
metastable  compounds  in  the  respective  binaries. 
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Because  the  homogeneity  range  of  the  ternary 
Ti4Al3Nb  compound  is  believed  to  be  small,  this  phase 
is  modeled  as  stoichiometric.  The  structure  of  the 
ordered  TijAlNb  phase  can  be  derived  through 
additional  ordering  of  titanium  and  niobium  on  the 
titanium  sublattice  of  Ti3Al.  It  was  therefore  modeled 
as  a  solution  phase  with  three  sublattices  (the  titanium, 
niobium  and  aluminum  sublattices).  This  phase  reveals 
a  significant  range  of  homogeneity  with  respect  to 
titanium  and  niobium,  but  the  range  of  homogeneity 


T  i 


Fig.  2.  The  liquidus  projection  (circles,  maximum;  squares,  mini¬ 
mum).  (a)  Calculate,  (b)  Initially,  after  Perepezko  et  al.  [6], 
the  composition  of  liquid  of  the  binary  three-phase  equilibrium 
was  taken  from  the  binary  calculations. 


with  respect  to  aluminum  is  smaller.  It  was,  therefore, 
assumed  that  niobium  and  titanium  atoms  mix  only  on 
the  titanium  and  niobium  sublattices  and  no  mixing 
occurs  on  the  aluminum  sublattice.  Thus,  the  TijAlNb 
compound  composition  is  constrained  to  (Ti,Nb)3Al. 
For  complete  substitution  on  either  the  titanium  or 
niobium  sublattice,  the  degree  of  ordering  must  again 
be  zero  and  the  Gibbs  energy  of  formation  must  then 
be  identical  to  the  corresponding  binary  TijAl  and 
Nb3Al  phases  with  the  D0,y  structure. 

No  attempt  was  made  to  develop  a  miscibility  gap  in 
the  (/5o-Ti,Nb)  phase  in  order  to  fit  the  data  of 
Fferepezko  et  al.  [6].  For  the  present  calculation,  the 
simplification  of  treating  the  (j5-Ti,Nb)  and  (jSo‘Ti,Nb) 
as  one  disordered  phase  has  the  consequence  that  this 
miscibility  gap  would  have  to  occur  in  the  (j3-Ti,Nb) 
phase.  In  the  three  binary  systems,  the  (^-Ti,Nb)  phase 
only  forms  a  miscibility  gap  in  the  Ti-Nb  system  at  a 
relatively  low  temperature.  However,  the  experimental 
data  suggest  that  the  ternary  miscibility  gap  occurs  on 
the  (Ti,Al)-rich  side  of  the  system  at  relatively  high 
temperatures.  In  order  to  obtain  the  specific  curvature 
of  the  Gibbs  energy  needed  for  the  formation  of  a 
miscibility  gap,  the  number  of  ternary  polynomial 
terms  would  have  to  be  increased.  Considering  the 
simplifications  already  introduced  for  the  analytical 
description  of  the  (/S//?o-Ti,Nb)  phase,  increasing  the 
number  of  polynomial  terms  is  not  justified. 

At  the  beginning  of  the  calculation,  attempts  were 
made  to  use  a  least  squares  method  in  order  to  adjust 
the  Gibbs  energy  coefficients  of  the  polynomial  terms. 
Since  the  amount  of  available  data  with  respect  to  the 
number  of  adjustable  terms  is  relatively  small  and  most 
of  these  data  cover  only  the  temperature  interval 
between  1100  and  1200 'C,  the  results  of  the  least 
squares  fitting  could  only  be  used  as  initial  values  for 
trial  and  error  calculations.  In  the  trial  and  error 
method  the  values  of  the  adjustable  parameters  are 
estimated.  The  change  of  the  phase  boundaries 
between  two  steps  of  the  calculation  is  used  to  estimate 
new  values  in  order  to  adjust  the  calculated  phase 
boundaries  to  the  experimental  results.  The  reported 
values  of  the  adjustable  parameters  were  estimated  by 
such  a  trial  and  error  approach. 


5.  Results  and  discussion 

The  thermodynamic  description  of  the  Ti-Al-Nb 
system  is  given  in  Table  1 .  This  description  was  used  to 
calculate  the  liquidus  projection,  several  isothermal 
sections  and  an  isopleth.  The  calculated  liquidus  pro¬ 
jection  is  compart  with  a  preliminary  projection 
estimated  by  Perepezko  et  al.  [6]  in  Fig.  2.  The  calcu¬ 
lated  1400  ®C  section  is  shown  in  Fig.  3.  The  calculated 
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Fig.  3.  Calculated  isothennal  section  at  1400  *C. 


isothermal  sections  at  1200, 1100  and  700  “C  are  com¬ 
pared  with  the  experimental  tie-line  and  phase  boun¬ 
dary  data  as  shown  in  Figs.  4-6.  The  isopleth  at  25 
at.%  A1  with  the  experimental  data  is  shown  in  Fig.  7. 

The  calculated  and  the  estimated  experimental 
Uquidus  projections  as  given  in  Figs.  2(a)  and  2(b)  are 
in  qualitative  agreement.  The  calculation  predicts 
correctly  the  ph^es  occurring  in  the  invariant  four- 
phase  equilibria.  However,  the  liquidus  temperatures 
predicted  by  the  calculation  for  the  primary  TiAl 
region  are  lower  than  the  temperatures  from  first 
experimental  results  [6].  This  has  as  a  consequence  that 
the  temperature  of  the  calculated  three-phase  equi¬ 
librium  L+(a-Ti)+TiAl  decreases  with  increasing 
niobiiun  concentration  while  the  first  experimental 
results  indicate  that  the  temperature  increases.  A 
ternary  eutectic  (L-'Nb2Al  +  (Ti,Nb)Al3  +  TiAl)  is 
predicted  for  the  invariant  equilibrium  involving 
L+Nb2Al  +  (Ti,Nb)Al3  +  TiAl,  but  the  experimental 
results  indicate  that  it  is  a  transition-type  reaction 
(L+(Ti,Nb)Al3-Nb2Al  +  TiAl).  The  calculation 
gives  a  maximum  for  the  three-phase  equilibrium 
L+NbjAl  +  TiAl  close  to  the  eutectic  composition. 
Small  changes  of  Gibbs  energies  of  the  compounds 
involved  in  this  equilibrium  could  shift  this  maximum 
closer  to  or  even  beyond  the  eutectic  compositioa  In 
the  latter  case,  the  invariant  equilibrium  would  then  be 
a  transition  type  and  the  maximiun  would  occur  in  the 
metastable  three-phase  equilibrium. 

The  calculated  1400  ‘C  section  reveals  a  large  range 
of  homt^eneity  for  (^'Ti,Nb).  This  is  in  agreement 
with  experimental  results  [1],  which  indicate  that  this 
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Fig.  4.  Isothennal  section  at  1200°C.  (a)  Calculated,  (b)  Experi¬ 
mental  data  and  phase  boundaries. 


range  of  homogeneity  is  even  larger.  The  calculated 
and  experimental  phase  boimdaries  agree  fturly  well  at 
1200  and  llOO’C,  while  the  calculated  tie-line  direc¬ 
tions  deviate  from  those  experimentally  determined. 
The  increased  range  of  homogeneity  observed  for  the 
(Ti,Nb)Al3  phase  in  the  ternary  system  was  weU 
matched  by  the  calculation  at  12()0*C.  In  the  present 
calculation  the  temperature  of  the  binary  eutectoid 
(a-Ti)-Ti3Al  +  TiAl  decreases  initially  with  increas¬ 
ing  niobium  concentration.  TWs  results  in  an  isolated 
ternary  ( a-Ti)  phase  field  between  Ti3Al  and  T lAl. 
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Fig.  S.  Isothermal  section  at  1 100  *C.  (a)  Calculated,  (b)  Experi*  Fig.  6.  Isothermal  section  at  700  °C.  (a)  Calculated,  (b)  Experi¬ 
mental  data  and  phase  boundaries.  mental  data  and  phase  boundaries. 


The  agreement  between  the  calculated  isothermal 
section  at  700  "C  and  the  experimental  data  is  poor. 
The  single-phase  region  ot  the  phase  denoted  by 
Ti2AlNb  exists  in  the  present  calculation  at  an  exces¬ 
sively  high  niobium  content  and,  in  fact,  does  not 
include  the  stoichiometric  composition  of  Ti2AlNb. 
Thus  the  important  (fi-Ti,I^)+TijAl+Ti2AJNb 
three-phase  eqiiilibrium  also  exists  at  an  excessively 
high  niobium  content  With  the  current  thermo¬ 
dynamic  description  of  the  (i8-Ti,Nb)  phase,  the  phase 
boundaries  of  the  (^-TtNbhTij^  (^-Ti,Nb)-Ti2AlNb 
and  (^-Ti,Nb)-Nb3Al  equilibria  have  very  similar 


slopes  and  smaU  changes  in  the  Gibbs  energy  of  the 
Ti2AlNb  compound  would  result  in  different  topolo¬ 
gies  for  this  section.  Further  experimental  effort  is 
needed  to  establish  the  phase  boundaries  for  this  iso¬ 
thermal  section. 

The  process  of  adjusting  the  Gibbs  energy  coeffi¬ 
cients  of  the  polynomial  terms  showed  that  the  phase 
relationships  obtained  from  the  calculation  are 
extremely  sensitive  to  small  changes  in  the  Gibbs  ener¬ 
gies.  Similar  behavior  had  been  previously  observed 
during  the  calculation  of  the  Ti-Al  binary  system  [14, 
19j.  The  fact  that  small  changes  in  the  Gibbs  energies 
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Fig.  7.  Calculated  isopleth  at  25  at.%  Ai  and  experimental  data. 
Note  that  this  section  is  quasibinary,  except  on  the  TiAlj-rich 
side. 


result  in  different  phase  relationships  may  not  only 
help  to  explain  the  experimental  difficulties  in  deter¬ 
mining  the  accurate  phase  diagram  for  the  Ti-Al-Nb 
system,  but  also  explain  the  difficulties  of  obtaining  a 
satisfactory  thermodynamic  descripton  for  the  phases 
in  this  system.  A  change  in  the  thermodynamic  descrip¬ 
tion  of  one  phase  affects  all  the  phase  equilibria  involv¬ 
ing  that  phase.  In  the  trial  and  error  ^culation  it  is 
advisable  to  modify  only  a  few  parameters  between  two 
steps  of  the  calculation  in  order  to  clearly  recognize  the 
effects  of  the  modifications  on  the  locations  of  the 
calculated  phase  boundaries.  To  model  the  wide  homo¬ 
geneity  ranges  of  the  ordered  inteimetallic  compound  a 
large  number  of  adjustable  parameters  had  to  be 
included.  This  large  number  of  adjustable  parameters 
makes  the  trial  and  error  method  for  the  adjustment  of 
these  parameters  relatively  inefficient.  A  straight¬ 
forward  method  of  adjusting  all  of  the  parameters 
simultaneously  is  the  least  squares  method  [20].  How¬ 
ever,  in  order  to  apply  this  method  successfully,  more 
experimental  data  are  needed.  These  data  are  not  only 
ne^ed  to  constrain  the  phase  boundaries  at  certain 
temperatures,  but  even  more  importantly,  to  establish 
the  change  of  the  phase  boundaries  over  a  larger  tem¬ 
perature  interval. 


6.  Conclusion 

The  calculated  phase  diagrams  of  the  Ti-Al-Nb 
ternary  systems  are  undoubtedly  subjected  to  large 
uncertainties  owing  to  the  lack  of  sufficient  thermo¬ 
dynamic  and  phase  equilibria  data  to  fix  the  model 
parameter  values  and  the  complicated  phase  rela¬ 
tionships.  However,  they  do  provide  valuable  and 
useful  information  for  alloy  development  and  indeed 
suggest  experiments  to  be  carried  out  in  critical  com¬ 


positional  and  temperature  regions  in  order  to  eluci¬ 
date  the  phase  equilibria  of  this  technologically 
important  system. 
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Introduction 

Recently  the  con^osition  AljTiTa  has  been  identified  as  a  basis  for  further  alloy  development  during  a  search  of  y 
titanium  ahiminide  alloys  having  increased  oxidation  resistance  and  solidus  temperature  (1).  At  1 100  *  C  diis  composition 
consists  of  7  phase  (TiAl  containing  Ta)  and  a  (diase  (Ta2Al  containing  Ti)  (2,3).  McCullough  et  al.(4)  obtained  evidence 
by  high  temperature  x-ray  diffraction  for  the  transformation  of  a  similar  composition  (Al-28at%Ti-27at%Ta)  to  HCP  and 
BCC  phases  above  I4S0*C.  Weaver  et  al.  (5)  found  an  alloy  Al-243tXTi-25at%Ta  to  be  BCC  and  u  at  1450  *C.  M  the 
present  p^ier  die  conqxuitions  and  crystal  structures  of  die  equilibrium  phases  present  in  an  Al2TiTa  alloy  for  tennperatures 
between  1200  and  1S50*C  are  detemdned.  Based  on  the  series  of  phase  transformations  found  above  1325  ’  C,  significant 
opportunities  exist  to  alter  the  microsttucture  of  the  y  -f  a  two  phase  mixture  which  is  stable  below  1325*C. 

Experimental 

Arc  melted  buttons  were  prqiared  from  99 .99 X  pure  components.  Several  remelts  were  necessary  to  ensure  dissolution 
of  die  Ta  before  die  buttons  were  solidified  into  a  diape.  Pieces  af^roximately  Icmxlcmxlcmin  size  were  used 
for  heat  treatment.  Due  die  excellem  oxidatka  resistance,  a  few  samples  were  heat  treated  in  air  to  facilitate  water 
quendiing,  while  the  nugorityofthe  samples  were  heat  treated  in  gederedAr.  The  Ar  furnace  was  equipped  widi  a  support 
pedestal  wfaidi  could  be  (owned  into  a  cold  diamber.  Cooling  rates  for  these  sanqiles  were  estimated  at  400  *C/min.  Heat 
treatment  procedures  were  varied  as  eiqierience  widi  die  alloy  was  obtained.  Generally  a  1400*  C/3  htreatmem  followed 
by  a  1525*01  h  treatment  was  used  to  eliminate  casting  microsegregation.  Widiout  die  initial  treatment  partial  melting 
was  sotnedmes  observed  at  1525*C.  Subsequent  isothermal  holds  for  times  up  to  23  h  were  used  to  establi^  equilibrium 
at  the  various  temperatures. 

Samples  for  optical  metallogr^y  were  etdied  in  3:1:1  solution  of  lactic,  nitric  and  hydroffouric  acids.  Scanning 
electron  microscopy  (SEM)  micrtqirobe  analysis  was  perfmmed  using  unetched  sanqiles  and  elemental  standards.  All 
reported  compositfons  are  die  mean  of  at  leas  diree  measurements.  Bulk  conqxisition  results  obtained  using  broad  area 
scans  showed  approximately  ±1  atX  macrosegr^ation  from  piece  to  piece  and  an  average  conqiosition  of  Al-25.8at%Ti- 
25.9at*Ta. 

Selected  samples  were  prqiared  for  transmission  electron  microscopy  (TEM)  I7  electropolishing  in  a  solution  containing 
30  cc  perchloric  add,  175  cc  butyl  alcohol  and  300  cc  ediyl  alcohol.  Differential  thermal  analysis  (DTA)  was  performed 
in  gettered  Ar  tq>  to  1500*C  to  ekablish  a  basis  for  the  choice  of  beat  treatment  temperatures.  To  determine  die  strucmres 
of  the  leases  diat  decomposed  during  cooling,  high  teaperstaze  x-ray  powder  diffiraction  patterns  were  obtained  at  1300, 
1400  md  1475  *  C  in  getmred  He  from  0.4  mm  thick  slices  of  as-cast  mmerial  whidi  were  spot  welded  to  a  Ta  heater  strip. 
Temperatures  were  measured  by  a  thermocouple  spot  welded  to  the  back  of  the  heater  str^. 
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Results 

Mieroprobe  and  HTA  Results  -  The  results  of  the  microprobe  analysis  of  the  phase  compositions  are  given  in  Table  1 
and  Fig.  1  for  die  samples  treated  in  Ar.  Compositions  of  phases  present  in  samples  treated  in  air  showed  no  significant 
deviations  from  those  in  Table  1 .  The  four  distinct  branches  in  Fig.  1  show  conclusively  that  four  distinct  phases  occur. 
Of  the  phases  found  to  be  present  at  the  various  temperatures  only  e  and  y  exist  at  room  temperature.  The  phases  labeled 
P  and  a  decompose  on  a  fine  microstructural  scale  during  cooling  from  the  temperature  of  equilibration.  In  diese  cases 
the  miaoprobe  beam  was  spread  to  cover  regions  large  enough  to  average  over  the  fine  deconqiosition  structure. 


Temp.  Phase 

Table  1 

%Ti 

-  Summary  of  Microprobe  Results 
%Ta  %A1  Heat  Treatment  ("O 

1550 

P 

15.1 

25.0 

49.3 

1550/lh 

1525 

P 

25.7 

25.0 

49.3 

1400/3h;  1525/2h 

1500 

P 

24.7 

26.2 

49.1 

1400/3h;  1500/2h 

a 

26.0 

22.3 

51.7 

1475 

P 

25.2 

26.1 

48.7 

140C/3h;  1475/4h 

a 

26.4 

22.3 

51.3 

1450 

P 

24.9 

27.3 

47.8 

1400/3h;  1550/lh;  1450/5h 

a 

26.0 

22.6 

51.4 

1425 

P 

24.7 

27.8 

47.5 

1400/3h;  1525/lh;  1425/18h 

a 

25.8 

22.9 

51.3 

1400 

P 

24.4 

28.0 

47.6 

1400/3h;  1525/lh;  1400/18h 

a 

26.1 

23.1 

50.8 

a 

14.1 

43.4 

42.5 

1375 

a 

27.6 

21.5 

50.9 

1400/3h;  1550/lh;  1375/18h 

a 

15.4 

43,4 

41.2 

1350 

a 

29.5 

20.0 

50.5 

1400/3h;  1550/lh;  1350/16h 

0 

17.5 

40.0 

42.5 

1330 

a 

29.2 

20.8 

50.0 

1400/3h;  1525/lh;  1330/18h 

0 

16:3 

43.4 

40.3 

y 

29.5 

16.9 

53.6 

1300 

0 

29.7 

16.3 

54.0 

1400/3h;  1525/lh;  1300/18h 

y 

15.3 

44.1 

40.6 

1200 

0 

14.3 

46.0 

39.7 

1200/23h 

y 

31.5 

14.1 

54.4 

Fig.  1.  Composition  of  phases  observed  in  Al-25atXTi-25atXTa  at  various  temperatures,  a)  Ta  content,  b)  A1  content 
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Widi  the  exception  of  isolated  composiUons  and  temperatures  (i.e. ,  reactions  with  zero  degrees  of  freedom),  equilibrium 
demands  that  a  single  alloy  composition  that  lies  in  an  n-phase  region  at  some  temperature  must  pass  into  a  region  with  n+ 1 
or  a  n-1  phases  during  heating  or  cooling.  The  data  in  Table  1  and  Fig.  1  shows  that  the  adjoining  solid  phase  fields  for 
Al-25at%Ti-25at%Taduringcoolingare|S, a+<t,  a+o+y,  and  a+y.  The  three  phase  regions  should  exist 
over  a  range  of  temperatures  but  are  apparently  quite  narrow  as  each  was  observed  only  at  one  temperature.  In  Fig.  1 
changes  in  the  slope  of  the  curves  for  each  pha^  should  occur  when  the  curve  crosses  into  an  adjoining  region.  In  some 
cases  enough  data  is  present  to  observe  these  changes. 

Examination  of  DTA  heating  curves  for  this  alloy  showed  a  flat  baseline  from  below  1100*C  up  to  a  pair  of  strong 
endothermic  peaks  with  onsets  at  132S  ±  IS  *  C  and  138S±I0*  C.  On  heating  the  onset  of  an  endothermic  DTA  peak  should 
occur  whenever  a  new  phase  begins  to  form.  Comparison  of  these  temperatures  with  Fig.  1  indicate  that  these  onsets 
correspond  to  the  formation  of  a  and  phases  respectively  during  heating. 

Microstructures  -  The  microstructures  typical  of  these  six  multiphase  fields  are  shown  in  Fig.  2.  The  large  grain  size 
and  the  associated  fine  decomposition  structure  seen  in  samples  cooled  from  the  single  phase  region  is  shown  in  Fig.  2a. 
For  samples  annealed  in  the  a+fi  region,  two  distinct  microstiuctures  occur.  Initial  treatment  and  annealing  in  the  two- 
phase  field  produces  the  or  phase  (light)  on  die  boundaries  and  in  the  interior  of  the  fi  grains  as  shown  in  Fig.  2b.  On  the 
other  hand,  direct  heating  to  the  two-phase  field  produces  the  equiaxed  two-phase  structure  of  Fig.  2c. 

A  sample  annealed  for  18  h  at  1400*  C  contains  a  three  phase  structure  of  a  (gray),  P  (dark)  and  o  (bright)  as  shown 
in  Fig.  2d.  A  two  phase  a+a  microstructure  found  at  1350*C  is  shown  in  Fig.  2e.  Fig.  2f  shows  a  three-phase 
a(gray)+7(dark)-t-<r(bright)  structure.  Backscattered  SEM  images  were  essential  to  metallographically  differentiate 
between  or  and  7.  Note  the  parallel  boundaries  in  some  regions  where  o  and  7  touch.  These  are  similar  to  the  (111)  | 
(0001)^  boundaries  observed  for  0+7  structures  in  binary  Ti-Al  alloys.  Finally  a  7+0  strucmre  obtmned  at  1300*C  is 
shown  in  Fig.  2g. 

Crystal  Structures  -  The  ^stal  structures  of  7  and  o  were  confirmed  directly  by  room  temperature  x-ray  difBaction 
and  selected  area  diffraction  and  nucrodiffraction  in  die  TEM  to  be  die  same  as  the  binary  7-TiAl  phase  and  the  binary 
a*Ta2Al  phase.  To  determine  die  structures  of  the  phases  identified  by  microprobe  as  0  and  a,  samples  water-quenched 
from  1550  and  1450  *  C  were  examined  by  TEM  reflectively.  Fig.  2h  shows  the  morphology  revealed  by  TEM  of  die  ^ 
phase  sample  after  quenching.  BCC  and  HCP  phases  are  identified  by  microdiffraction.  Viewed  at  lower  magnification, 
the  BCC  phase  appears  to  be  the  matrix  and  is  probably  retained  from  the  high  temperature  heat  treatment  and  the  HCP 
phase  formed  during  cooling  from  1550 *  C.  On  odier  hand  quenching  from  1 450 *  C  failed  to  retain  the  high  temperature 
phases.  TEM  examination  revealed  only  the  presence  of  the  room  temperature  phases  u  and  7.  The  7  phase  however 
contained  antiphase  boundaries  and  {111}  faults  that  were  not  present  in  7  phase  which  was  cooled  from  tenqieratutes 
where  it  was  in  equilibrium  (s  1330  *Q.  This  suggests  that  the  7  with  defects  formed  during  quenching.  In  agreement 
with  (5),  these  APB’s  and  faults  suggested  dial  this  7  phase  founed  from  an  FCC  parent.  Confirmation  was  sought  using 
high  tengierature  x-ray  diffractioa 

Consistent  with  die  heat  treatment  results,  hi^  tenfierature  x-ray  patterns  at  1300  *  C  conflrmed  the  presence  of  o  and 
7.  The  7  phase  disappeared  in  die  pattern  obtained  at  1400*C  and  no  FCC  was  observed.  At  this  temperature  as  shown 
in  Fig.  3,  the  pattern  contains  lines  from  tetragonal  a,  and  new  lines  associated  with  HCP  a,  and  a  trace  of  BCC  0.  Lines 
from  the  Ta  heater  strip  (BCC,  aB0.333nm)  are  also  seen.  Rietveld  refuiement  of  die  lattice  parameters  using  a  sample 
displacement  correction  established  the  following  lattice  parameters:  o(tet),  a=0.9987nm.  c=0.5263nm;  a(hex), 
a=0.2935nm.  c=0.4670nm.  X-ray  scans  at  higher  temperature  (1475 '  C)  were  plagued  by  excessive  grain  growth  but  the 
presence  of  BCC  (a=-'0.325nm)  and  HCP  was  fiparent. 

In  the  recently  refined  Ti-Al  binary  phase  diagram,  the  HCP  phase  was  found  to  exist  with  up  to  48  at%  A1  at  1430*C 
(6,7).  The  HCP  a  phase  found  here  has  composition  -Ti-Slat%Al-23at%Ta  and  lattice  parameters  close  to  the  binary  a 
phase.  Thus  we  conclude  diat  the  a  phase  present  in  this  alloy  between  -'1325C  and  -ISOO'C  belongs  to  the  solution 
phase  based  on  oi-Ti  widi  A1  and  Ta  additions.  Also  the  0  phase  observed  here  likely  belongs  to  the  solution  phase  based 
on  0-Ti  and  Ta.  These  resuhs  on  die  presence  of  HCP  and  BCC  phase  at  high  temperature  in  alloys  of  this  general 
composition  agree  with  (4). 
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Fig.  2.  a)  Optical.  Decomposed  p  phase.  1325  C.  b.c)  Optical.  /5(dark)+o0ight).  1450  C.  d)  Optical. 
0(dark)+a(gray)+(;(light).  1^’C.  e)  Backscattered  SEM  a(dark)+0(li^t).  13S0*C.  f)  Backscattered  SEM, 
ot(gray)+<7(light)+7(dark).  1330‘C.  g)  Backscattered  SEM.  e0ight)+7(dark).  1300'C.  h)  TEM  of  a  sample  water 
quenched  from  1550  *C  showing  retained  BCC  phase  and  HCP  plates. 
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Fig.  3.  x-ny  diffraction  pattern  obtained  at  1400 ’Cibowingttiepteseace  of  HCP  a  along  with  tetragonal  ff  and  a  trace 
of  BCC  p.  linM  frmn  the  Ta  s&v  beater  are  also  observed.  Sample  dispiawanftnt  is  0.33  mm.  Intensi^  scale  for  data 
between  48*  and  84*  is  doubled. 


Fig.  4.  Estimated  partial  isothermal  section  of  die 
IVTa-AI  system  at  1330*C.  Data  for  die 
a+y-i-ff  three  phase  triangle  was  measured  Si  this 
tenyerature.  Tbe  location  of  die  a+d-t-ntriangle 
is  <Mrttiw«iw<  from  hitler  teniperaone  data.  The 
a-f74-e  triangle  is  include  to  complete  die 
topidogy  and  is  taken  from  the  data  of  (3)  for 
1100*C. 
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Discussion 

The  data  obtained  in  the  present  study  involves  only  one  composition.  However,  partial  isodiennal  sections  of  the  Ti> 
Al-Ta  system  can  be  estimated.  Consistent  with  Table  1 ,  isothermal  sections  in  the  tenq)erature  range  between  1200  and 
1SS0*C  involve  two  three-phase  triangles,  a+fi+a  and  ot+y+o.  These  triangles  and  their  associated  two-phase  fields 
shift  through  the  composition  studied  as  the  ten^teratuie  is  varied  to  produce  the  observed  equilibria. 

An  estimate  of  an  isothermal  section  at  1330 *C  is  given  in  Rg.  4.  First  the  measured  data  for  the  three-phase  triangle 
between  a,  y,  and  a  at  1330*C  was  plotted.  Next  an  estimate  for  the  position  of  tiie  three-phase  triangle  between  a,  P, 
a  at  1330 '  C  was  performed.  This  triangle  was  only  observed  at  1400*  C  for  the  studied  composition  but  would  be  expected 
to  shift  to  lower  A1  content  as  the  temperature  is  reduced  based  on  the  behavior  of  the  0  phase  in  the  Ti-Al  binary.  The 
triangle  was  assumed  to  have  the  same  size  and  orientation  as  that  measured  at  1400*C.  Its  position  was  estimated  using 
die  following  procedure.  Extrapolation  of  the  compositiona  of  die  a  and  P  phases  from  the  temperature  range  between  1400 
and  ISOO '  C  to  1330  *  C  using  Pig.  1  establishes  a  metastable  tie  line  at  1330 *  C  between  a  and  /}  which  contains  die  studied 
conqiosition.  The  end  points  of  diis  tie  line  and  the  limits  of  die  a+P  field  at  1330*C  m  the  Ti-Al  binary  were  used  to 
sketd  a  two-phase  field  in  the  isothermal  section  which  extend  from  the  binary  Ti-Al  to  the  composition  range  of  interest. 
The  three-phw  a+p+a  triangle  was  then  shifted  from  its  position  at  1400‘C  so  that  the  ends  of  the  a+P  side  of  die 
triangle  coincided  with  the  sketched  a+P  boundaries. 

The  basic  topology  of  Fig.  4  should  exist  up  to  die  solidus.  Preliminary  thermodynamic  calculations  of  the  liquidus 
surface  (8)  show  two  four-phase  reactions  involving  L+a+P+o  and  L+a+y+o.  At  tanpmturts  just  below  these 
invariant  reactions,  the  same  two  three-phase  fields,  a+P+o  and  a+y+o,  will  form.  These  triangles  lilmly  persist  down 
to  die  temperature  range  studied.  Clearly  the  estimate  given  in  Rg.  4  needs  verification  and  quantification  by  experiment 
on  other  ^loy  compositions. 

The  upper  limits  of  stability  of  the  y+a  structure  in  the  Al2TTra  composition  has  been  est^lished  as  1325‘C.  The 
phase  changes  which  occur  between  1325*  and  1550*  C  provide  die  opportunity  to  change  the ‘y-femicrostructure  by  heat 
treatmem  and  to  perhaps  effect  improvements  in  low  temperature  toughness  an^or  high  temperature  creep  resistance.  For 
example  a  ft  or  an  a+P  heat  treatment  can  be  done  on  dus  alloy  to  adjust  the  grain  size.  Furthermore  casting 
microsegiegation  can  be  coiiqiletely  removed  by  a  ft  treatment.  Appropriate  heat  treatment  can  also  be  determined  to 
produce  coarse  or  fine  a  widiin  the  y  matrix. 


Summary 

The  composition  Al2TiTa  transforms  from  a  structure  of  7  (TlAl)  and  o  (Ta2Al)  during  hiring  above  1325  *  C  to  various 
multiphase  structures  composed  of  <r,  a(HCP)  and  ft(BCC).  Between  1425*C  and  1500*C  the  alloy  is  two  phase  a+P  and 
betwm  1525’C  and  1550*C  die  alloy  is  single  phw  ft. 
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Abstract 

A  review  of  the  literature  reveals  ternary  phase  diagram  data  for  a  number  of  systems  involving  MoSij.  Although 
incomplete,  this  literature  provides  the  initial  basis  for  a  rational  approach  to  alloy  design.  For  example,  one  can  assess  the 
high  temperature  stability  of  various  artificially  introduced  reinforcements,  such  as  niobium  or  SiC  in  an  MoSi^  matrix 
and  the  possibilities  for  the  development  of  stable  two-phase  microstructures  in  quasibinary  alloys  in  the  MoSi^-TiSij  and 
MoSij-iaSij  systems.  Revised  phase  diagrams  for  these  latter  systems  are  presented  that  indicate  the  absence  of  the 
Cl  lh-to-C40  high  temperature  polymorphic  transformation  in  pure  MoSi;. 


1.  Introduction 

The  application  of  ternary  and  higher  order  phase 
diagrams  to  problems  of  alloy  and  composite  process¬ 
ing  and  design  provides  significant  improvement  over 
the  use  of  binary  diagrams.  In  this  paper  a  critical 
review  is  presented  for  selected  ternary  and  higher 
order  pha^  diagrams  involving  MoSi2.  Many  of  the 
literature  citations  in  this  article  were  obtained  from 
the  bibliography  of  Prince  [1,  2],  As  examples,  the 
MoSij-Nb  and  MoSi2-SiC  composite  system  are 
examined  using  the  relevant  ternary  diagrams  in  con¬ 
junction  with  the  concept  of  the  ternary  diffusion  path 
to  describe  the  reaction  layers  that  may  or  may  not 
form  in  composites  based  on  an  MoSi2  matrix  rein¬ 
forced  with  these  materials.  The  bulk  of  the  paper  is 
then  concerned  with  phase  diagrams  based  on  pairs  of 
disilicides,  especially  those  involving  multiphase  alloys 
that  combine  the  tetragonal  Cllt,  structure  of  MoSi2 
and  the  hexagonal  C40  structure  to  determine  whether 
any  opportunities  for  microstructural  manipulation 
exist  tlu-ough  solidification  or  heat  treatment.  Finally, 
new  phase  equilibria  data  is  presented  on  the 
MoSi2-TiSi2  and  MoSi2-TaSi2  systems  which  pre¬ 
cludes  the  possibility  of  an  equilibrium  C40-to-Cllt, 
polymorphic  transition  in  pure  MoSi2. 


2.  Application  of  ternary  diagrams  to  composite 
design:  diffusion  paths 

Zl.  MoSi2-Nb 

Figure  1  shows  the  800  "C  isothermal  section  of  the 
Mo-Nb-Si  diagram  according  to  ref.  3.  Isothermal 
sections  of  ternary  phase  diagrams  contain  three  differ¬ 
ent  kinds  of  regions.  In  the  figure,  black  areas  represent 
regions  where  alloys  consist  of  only  one  pha^.  For 
«(ample,  niobium  and  molybdenum  dissolve  com¬ 
pletely  in  each  other  as  a  b.c.c.  solid  striution.  Other 
single-phase  regions  are:  MojSi;  a  continuous  stdution 
from  NbsSij  to  Mo5Si3;  NbSi2  having  the  C40  struc¬ 
ture,  which  is  different  from  the  MoSi2  structure;  and 
silicon.  Between  sin^e-phase  regions  are  two-phase 
regions  which  contain  tie-lines  whose  ends  are  the 
compositions  of  the  saturated  phases  in  an  equiUbrium 
coexisting  mixture.  Finally  there  are  triangular  rep<m 
(tie-triangles)  in  which  three  phases  are  in  equilibrium 
with  compositions  givoi  by  the  comers.  Each  side  of 
the  triangle  is  a  limiting  tie-line  of  the  adjacoit  two- 
phase  field.  Every  isothermal  section  of  a  ternary 
system  is  made  from  combinations  of  sin^e-phase, 
two-phase  and  three-phase  regions.  Such  a  section  is 
required  for  each  temperature  to  describe  the  alloy 
system  completely.  It  is  useful  to  note  the  narrow  two- 
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Fig.  1.  Mo-Si-Nb  isothermal  section  at  800  *C  [3].  The  composi¬ 
tion  widths  of  the  compounds  are  schematic. 

phase  region  between  the  disilicides  in  Fig.  1.  This  is  a 
common  feature  of  disilicide  equilibrium  that  is 
discussed  in  considerable  detail  below. 

The  analysis  of  reaction  layers  in  composites 
requires  the  use  of  these  diagrams  in  conjunction  with 
the  “diffusion  path”.  A  thorough  discussion  of  these 
paths  is  available  in  the  work  of  Kirkaldy  and  Young 
[4).  Lu  et  al.  (5]  have  recently  formed  composites  of 
either  plates  or  wires  of  niobium  in  MoSi2  and 
examined  the  reaction  layers  and  the  mechanical  prop¬ 
erties  between  1200  and  1500  ”C.  In  diffusion  couples 
they  found  a  reaction  layer  consisting  of  niobium-rich 
(NbjMojsSij  and  molybdenum-rich  (Nb.MoljSij  com¬ 
pounds.  If  one  obtains  microprobe  data  across  a  reac¬ 
tion  layer  and  plots  the  compositions  on  the  ternary 
triangle,  a  graph  of  the  diffusion  path  is  obtained.  The 
path  observed  at  these  temperatures  is  shown  super¬ 
imposed  on  the  available  800  “C  section  in  Fig.  2;  it 
runs  from  the  pure  niobium  comer  into  the  single¬ 
phase  b.cx.  region  (dissolving  a  very  small  amount  of 
silicon)  and  then  jumps  across  the  two-phase  field 
foUowing  a  tie-line  to  NbsSij.  The  jump  occurs  at 
positions  in  the  sample  corresponding  to  the  location 
of  the  boundary  between  the  phases.  The  path  then 
runs  across  the  Nb5Si3  and  Mo5Si3  r^ion  and  jumps 
fr(Hn  the  MosSis  to  the  MoSi2  region.  One  can  calculate 
the  path  and  the  rate  of  thickening  of  the  layers  using 
the  phase  diagram  if  the  diffusion  coefficients  for  aU  the 
(dia^  are  available  and  if  the  interfoces  remain 
parallel  Indeed  diffusion  data  are  often  obtained  by 
doing  such  mtperiments. 

Three  simple  points  can  be  made  about  diffusion 
paths.  First,  compositions  obtained  from  microprobe 
that  lie  in  two-  or  three-phase  fields  must  be  properly 


Si 


Fig.  2.  Schematic  diffusion  path  observed  for  the  reaction 
between  niobium  and  MoSi2  at  1200  and  1500  ‘C  by  Lu  etal.  [5] 
superimposed  on  the  ternary  triangle  of  [8]  at  800  *C,  which  is 
the  only  one  available. 


interpreted.  The  compositions  of  single  phases  occur¬ 
ring  in  diffusion  couples  must  (under  all  practical  cases) 
lie  in  single-phase  regions  of  the  phase  diagram. 
Experimental  contradiction  is  often  seen  owing  to  the 
imperfect  spatial  resolution  of  the  microprobe 
measurements  traversing  interfaces  or  owing  to  regions 
of  fine  microstructure  that  are  two  phase.  These  two- 
phase  regions  are  caused  by  morphological  instability 
of  the  initially  planar  internes  and  must  be  analyzed 
separately.  Second,  because  a  line  connecting  the  two 
compositions  of  the  two  reacting  materials  must  con¬ 
tain  the  average  composition,  the  diffusion  path  must 
zigzag  across  this  line  to  conserve  mass  within  the  reac¬ 
tion  zone.  The  path  must  lie  on  both  sides  of  the  con¬ 
necting  line.  Filially  the  route  that  the  path  takes  across 
the  ternary  triangle  is  related  to  the  identity  of  the  f^t- 
diffusing  species.  Note  that  the  ends  of  die  diffusion 
path,  near  the  MoSi2  end  and  the  niobium  end,  both 
point  either  toward  or  away  from  the  silicon  comer. 
This  fact  indicates  that  the  silicon  is  the  fastest-diffus¬ 
ing  species.  For  example,  if  the  path  had  left  the 
niobium  comer  in  a  direction  toward  molybdenum, 
molybdenum  would  have  been  indicated  as  the  fast 
diffuser  in  the  b.c.c.  phase. 

The  microstmeture  and  diffusion  path  observed  in 
the  reaction  zone  after  hot  isostatic  pressing  (HIP)  of 
commercial  grade  MoSi2  in  a  niobium  HIP  can  at 
1450  ”C  is  shown  in  Fig.  3.  Similar  paths  are  reported 
in  another  paper  in  these  proceedings  [6].  This  path  is 
different  from  that  shown  in  Fig.  2.  Microprobe  analy¬ 
sis  performed  on  this  sample  shows  that  the  path  goes 
from  niobium  to  Nb5Si3  to  NbSi2  and  across  the  join  to 
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MoSi2.  The  micrograph  shows,  from  left  to  right,  pure 
niobium,  a  layer  of  Nb5Si3,  a  two-phase  layer  of  NbsSij 
and  NbSi2  with  a  diminishing  volume  fraction  of 
Nb5Si3,  a  single-phase  region  of  (Nb,Mo)Si2  with  an 
increasing  molybdenum  content,  and  finally  MoSi2. 
Typical  of  commercial  MoSi2  the  dark  regions  within 
the  MoSi2  contain  silicon-rich  material  as  either  Si02 
or  elemental  silicon.  If  a  line  were  drawn  between  pure 
niobium  and  pure  MoSi2,  it  would  be  seen  that  the  path 
would  violate  mass  conservation.  One  possible 
explanation  involves  the  realization  that  the  material 
contained  within  the  HIP  can  contain  excess  silicon.  If 
the  line  is  drawn  between  niobium  and  a  point  within 
the  two-phase  field  between  MoSi2  and  silicon,  the 
path  can  satisfy  the  requirement  of  mass  conservation. 
Thus  the  reaction  path  and  the  identity  of  the  phases 
within  the  reaction  layers  can  depend  on  the  qu^ity  of 
the  MoSi2  p)Owder. 


Si 


Fig.  3.  (a)  Microstructure  and  (b)  schematic  diffusion  path, 
observed  after  HIP  treatment  at  14S0*C  between  a  niobium 
container  (left,  white)  and  commercial  purity  MoSi2  powder  with 
silicon-rich  inclusions  (right).  The  light-gray  phase  is  NbsSi3.  and 
the  medium-gray  phase  is  (Nb,Mo)Si2. 


A  significant  detail  has  been  omitted  in  the  above 
discussion  regarding  (Nb,Mo)5Si3.  The  microstructure 
and  microprobe  data  presented  by  Lu  et  al.  [5]  showed 
the  existence  of  two  (Nb,Mo)5Si3  phases,  i.e.  two  dis¬ 
crete  interlayers  are  observed  in  the  diffusion  path:  one 
niobium-rich  and  the  other  molybdenum-rich.  Thus, 
on  the  assumption  that  there  is  no  fourth  component 
contamination,  the  phase  diagram  at  the  temperature 
of  the  HIP  treatment  (1450°C)  must  contain  a  two- 
phase  field  across  the  (Nb,Mo)5Si3  composition.  This 
observation  is  indeed  supported  by  the  fact  that  Nb5Si3 
has  a  polymorphic  transition  from  a  low  temperature 
form  (D8,)  to  a  high  temperature  form  (D8„,)  at  tem¬ 
peratures  reported  from  about  1650  to  about  1950 'C 
depending  on  the  exact  stoichiometry  [7].  The  high 
temperature  form  has  the  same  crystal  structure  as 
Mo5Si3  and  a  complete  solution  is  possible  between 
Nb5Si3  and  Mo5Si3  at  high  temperatures.  However,  the 
low  temperature  form  of  Nb5Si3  has  a  different  crystal 
structure  from  Mo5Si3.  Therefore  despite  the  uncer¬ 
tainty  of  the  polymorphic  transition  temperature, 
which  needs  to  be  clarified,  it  seems  likely  that  the 
shape  of  the  diagram  (Fig.  1 )  must  be  revised  to  include 
a  two-phase  field  across  the  (Nb,Mo)5Si3  composition 
at  low  temperatures  as  shown  schematically  in  Fig.  4. 
This  is  a  good  example  of  the  current  incomplete  state 
of  the  database  for  ternary  systems  involving  MoSi2. 
The  available  information  provides  a  starting  point  for 
analysis  but  many  details  remain  to  be  clarified. 

22.  MoSh-SiC 

Considerable  research  has  been  focused  toward  the 
formation  of  composites  of  MoSi2  with  additions  of 


Si 


Fig.  4.  Schematic  Mo-Si-Nb  ternary  system  which  reflects  the 
fact  that  NbjSij  and  Mo;Si3  have  different  crystal  structures 
below  1650*C.  A  two-phase  field  is  thus  required  along  the 
(Nb.MoljSi,  section. 
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SiC.  These  additions  are  known  to  be  thermodynami¬ 
cally  stable.  No  dissolution  or  reaction  layer  occurs 
with  the  diffusional  bonding  of  the  starting  materials. 
The  Mo-Si-C  ternary  diagram  [8]  is  consistent  with 
these  observations.  As  shown  in  Fig.  5(a),  a  narrow 
two-phase  field  (indicated  by  the  sin^e  tie-line)  exists 
between  MoSi,  and  thus  a  two-phase  mixture  is  stable 
at  1600  *C. 

One  might  ask  whether  SiC  could  be  used  in  a 
duplex  mixture  of  MoSi2  and  Mo5Si3  (Mo3Si2  accord¬ 
ing  to  older  literature).  According  to  this  figure,  a  com¬ 
posite  of  MoSi2,  MosSij  and  SiC  would  not  be 
thermodynamically  stable  at  1600”C.  No  three-phase 
triangle  exists  at  this  temperature  for  these  three 
phases.  The  ternary  phase  (Mo-Si-C)  indicated  in  the 
diagram  would  form  in  these  composites  at  1600  °C. 
At  lower  temperatures,  however,  the  triple  composite 
would  be  stable.  For  example  using  diffusion  couple 
results  at  1200  “C,  van  Loo  ei  al.  [9]  have  shown  that  a 
three-phase  field  does  exist  between  MoSi2,  Mc_,Si3 
and  SiC.  The  existence  of  a  four-phase  reaction 
MoSi2  +  ternary  phase  —  MosSi3  +  SiC  at  some  temper¬ 
ature  between  1200  and  1600  *C  is  necessary  to  make 
the  diagrams  of  refs.  8  and  9  consistent.  The  tempera¬ 
ture  of  this  reaction  would  be  the  upper  operating  limit 
for  the  triple  composite. 

Interesting  possibilities  may  exist  in  MoSi2-SiC 
system  for  controlled  microstructural  designs  based  on 
melt  processing.  MoSi2  has  been  melt  processed  by 
plasma  spraying  [10]  and  by  cold-hearth  melt  spinning 
[11].  Thus  the  consideration  of  solidification  structures 
is  important.  Figure  5(b)  shows  the  liquidus  surface  for 
Mo-Si-C  alloys.  Note  the  quasi-binary  eutectic  reaction 
at  the  liquidus  valley  at  1900®C  between  MoSi2  and 
SiC  where  the  liquid  will  naturally  freeze  into  a  mixture 
of  MoSi2  and  SiC  phases.  A  detailed  examination  of 
this  reaction  is  described  in  more  detail  in  ref.  1 2. 


3.  Disilicide  quasi-binary  systems 

The  data  in  the  literature  on  the  relative  solubilities 
and  two-phase  fields  (generally  at  1300“C)  of  various 
disilicides  when  combined  with  MoSij  [3,  13]  are  sum¬ 
marized  in  Fig.  6.  Referring  to  Fig.  1,  the  alloys  under 
consideration  contain  phases  that  maintain  a  constant 
silicon  level  but  vary  ^e  refractory  metal  content  for 
example  between  NbSi2  and  MoSi2.  A  section  of  this 
type  is  termed  a  quasi-binary  section  if  all  of  the  tie-lines 
at  the  various  temperatures  lie  in  the  plane  of  the 
section.  In  this  case  the  section  obeys  the  rules  of  con¬ 
struction  of  an  ordinary  binary  phase  diagram  with 
MoSi2  and  the  other  disilicide  as  the  components.  Most 
familiar  is  the  alloying  of  MoSi2  with  WSi2  which  are 
both  tetragonal  Cl  I,,  and  which  form  a  complete  solid 


solution  across  the  diagram.  Combinations  of  MoSi2 
with  disilicides  that  have  the  hexagonal  C40  structure 
necessarily  require  the  formation  of  a  two-phase  field 
between  the  Cl  1^  and  C40  phases  with  various  ranges 
of  solubility.  For  example,  Fig.  6  shows  that  CrSi2  is 
soluble  in  MoSi2  up  to  40  mol.%.  Beyond  this  level 
of  addition  a  two-phase  region  exists  between  the  Cl  lb 
structure  and  the  C40  structure.  (This  high  level  of 
solubility  is  not  confirmed  in  the  present  work  (see  Fig. 
17).)  The  solubility  data  in  the  literature  are  also  shown 
for  combinations  of  MoSi2  with  TiSi2,  TaSi2,  and 
NbSi2.  TiSi2  has  the  orthorhombic  C54  structure 
rather  than  the  C40  structure.  Thus  a  second  two- 
phase  region  occurs  between  the  C40  and  C54  phases 
in  this  quasi-binary  section.  As  part  of  an  ongoing 
study,  it  was  necessary  to  determine  the  accuracy  of 
these  data  on  binary  disilicide  interactions  and  to 
measure  how  these  solubilities  change  with  tempera¬ 
ture.  Such  solubility  changes  would  provide  the  oppor¬ 
tunity  for  heat  treating  these  alloys  to  bring  out 
precipitates  within  the  different  phases  for  possible  use 
in  strengthening. 

Nowomy  et  al.  [14]  also  examined  quasi-ternary 
sections  at  1300®C  that  combine  three  disilicides  as 
shown  in  Fig.  7.  These  diagrams  obey  all  the  geometri¬ 
cal  rules  followed  by  a  “real”  ternary  diagram.  One  can 
see  that  the  dominant  second  phase  for  the  formation 
of  natural  composites  with  MoSi2  is  the  C40  phase.  For 
example  the  addition  of  TaSi2  and  TiSi2  to  MoSi2  yields 
various  compositions  of  the  C40  phase  which  can 
occur  in  equilibrium  with  the  Cl  lb  phase.  This  may 
allow  the  development  of  two-phase  alloys  with  con¬ 
trolled  matching  of  expansion  coefficients  or  interfacial 
interatomic  distances.  One  can  see  that  the  C40  phase 
is  ubiquitous  in  these  combinations  of  disilicides  and, 
despite  some  quantitative  errors  known  to  exist  in 
these  figures,  it  is  clear  that  the  C40  phase  is  extremely 
important  as  a  second  phase  in  two-phase  microstruc¬ 
tures  of  disilicide  systems. 

3.1.  MoSh-TiSh 

Experiments  were  conducted  on  MoSi2-TiSi2  alloys 
to  resolve  conflicting  data  in  the  literature.  The 
diagram  of  Fig.  8  [  1 5]  shows  MoSi2  with  a  polymorphic 
transition  from  Cl  lb  to  the  C40  phase  on  heating 
above  1860  *C.  The  Cl  lb  structure  has  limited  solubil¬ 
ity  of  TiSi2  in  MoSi2.  The  diagram  shows  the  C54  form 
of  TiSi2  and  a  large  homogeneity  range  for  the  C40 
phase.  The  accuracy  of  this  diagram  is  suspect  be¬ 
cause  of  the  curvature  of  the  boundary  between  the 
C40  and  (C40  +  C1  lb)  phase  fields  near  1860  “C.  (No 
heat  of  transformation  data  is  available  to  check  this 
slope.)  The  liquidus  data  are  for  the  C40  phase  except 
near  the  TiSi2  side  of  the  diagram.  There  is  no  liquidus 
for  the  Cl  lb  phase  because  of  the  supposed  poly- 
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Fig.  3.  Mo-Si-C  ternaty  dugrams  according  to  ref.  8:  (a)  isothermal  section  at  1600  *C  showing  stable  two-phase  field  between  MoSij 
and  SiC;  (b)  liquidus  protection  showing  eutectic  reaction  between  MoSij  and  SiC.  The  phase  designated  MojSi}  is  now  referred  to  as 
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Fig.  6.  Homogeneity  range  in  mole  fraction  and  two-phase  fields 
for  various  combinations  of  disilicides  at  1300*C  (800  *C  for 
MoSi2-NbSi2)  [3, 13].  See  Fig.  17  for  revised  results. 


morphic  transformation  of  the  Cl  It,  on  heating  above 
1860 *C. 

Contrary  to  this  diagram.  Fig.  9  shows  the  liquidus 
surface  projection  of  the  MoSi2-TiSi2-TaSi2  quasi- 
temary  system  [13J.  Unfortunately  Kudielka  and 
Nowotny  [13]  never  showed  a  graph  of  the  binary 
system  along  the  MoSi2-TiSi2  edge.  However,  one  can 
see  the  presence  of  a  binary  peiitectic  reaction, 
liquid  +  Cl  lb -*C40,  at  about  ITSO’C  and  about 
83  mol.%  TiSi2  on  the  binary  edge  of  the  ternary 
triangle.  In  the  present  work  the  existence  of  this  peri- 


Fig.  7.  Quasi-tcmary  isothermal  sections  at  OOO'C  of  various 
combinations  of  disilicides  showing  the  omnipresence  of  the 
C40  phase  according  to  ref.  1 4. 


tectic  reaction  is  confirmed  albeit  at  a  different  compo¬ 
sition  and  temperature. 

The  MoSi2-TiSi2  quasi-binary  diagram  as  deter¬ 
mined  in  the  present  work  is  shown  in  Fig.  10.  The 
experiments  used  to  determine  this  diagram  used  alloys 
prepared  from  research  purity  elements  by  arc  melting 
the  pure  elements  in  gettered  argon  with  several 
remelts  to  ensure  homogeneity.  The  revised  diagram 
features  the  peritectic  formation  of  the  C40  (Mo,Ti)Si2 
phase.  The  microstructure  of  a  cast  sample  of 
MoSi2-4mol.%TiSi2  (Fig.  1 1 )  shows  a  classical  peritec¬ 
tic  microstructure  [16]  where  the  first  phase  to  solidify 
forms  plates  of  the  Cl  lb  phase  (vvdiite  phase),  and  the 
region  between  the  plates  solidifies  as  the  lower  tem¬ 
perature  phase  (dark  phase)  with  some  slight  readjust¬ 
ment  in  &e  solid  state  to  approach  completion  of  the 
peritectic  reaction.  The  temperature  for  the  peritectic 


reaction,  liquid  +  Cllb”*C40,  was  determined  by  the^  Fig.  8.  Quasi-binary  MoSi2-TiSi2  diagram  according  to  ref.  15. 
heat  treatment  of  samples  in  gettered  helium  or  argon  p,  C40;  y,  C54;  /,  Cl  lb. 
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Fig.  9.  Quasi-ternary  liquidus  surface  ( 1 3]  for  MoSij-TiSij-TaSij 
that  shows  a  peritectic  reaction,  liquid -t- C 1 1  ^  -  C40,  on  the 
MoSi:-TiSi;  binary  edge  and  a  eutectic  reaction,  liquid -C40  + 
C1  Ih,  on  the  MoSii-TaSii  binary  edge. 


Fig.  10.  MoSi^-TiSi;  quasi-binary  diagram  obtained  through  this 
research. 


at  successively  higher  temperatures  until  an  indication 
of  partial  melting  was  observed  metallographically 
after  quenching  at  about  400  ®C  min“‘.  The  liquidus 
composition  at  the  peritectic  temperature  was  esti¬ 
mated  ft'om  microprobe  data  taken  ftom  this  quenched 
liquid.  The  peritectic  temperature  for  the  other  peri¬ 
tectic  reaction,  liquid  +  C40-»C54,  near  the  TiSij  side 
of  the  diagram,  was  determined  by  differential  thermal 
analysis  measurements.  The  data  points  shown  for  the 
subsolidus  regions  were  determined  by  microprobe 
analysis  of  samples  heat  treated  in  gettered  helium  and 
quenched  at  about  400  ®C  min"  ’.  Elemental  standards 
were  used  to  quantify  the  microprobe  results.  The  very 


Fig.  1 1.  Backscattered  scanning  electron  micrograph  of  the  as- 
cast  alloy,  MoSi,-4moI.%TiSi,,  showing  a  peritectic  structure 
consisting  of  primary  plates  of  Cl  1^  (light)  and  interpfate  C40 
phase  (dark). 


limited  solubility  of  TiSii  in  MoSi,  is  confirmed  as  well 
as  the  existence  of  a  wide  C40  region  in  the  middle  of 
the  diagram. 

3. 1. 1.  The  Cl  l^-io-C40  polymorphic  transformation 

in  pure  MoSU 

The  experimentally  determined  MoSi2-TiSi2 
diagram  and  the  solidification  path  analysis  [17]  indi¬ 
cates  the  absence  of  the  Cllh-to-C40  transformation 
in  pure  MoSi2.  An  MoSi2  polymorphic  transition  is 
shown  in  the  current  evaluation  of  the  binary  Mo-Si 
system  [7].  Figure  12  compares  the  general  shape  of 
the  phase  boundaries  of  the  MoSi2-TiSi2  diagram 
found  in  the  literature  (Fig.  8)  with  those  measured  in 
the  present  work.  The  diagram  in  the  literature  con¬ 
tains  the  polymorphic  transformation  in  pure  MoSi2 
that  gives  rise  to  a  two-phase  region  between  C40  and 
Cl  lb  with  TiSi2  additions.  The  key  difference  between 
the  diagram  in  the  literature  and  the  revised  diagram  of 
this  work  is  an  increase  in  the  polymorphic  transforma¬ 
tion  temperature  to  above  the  melting  point  of  MoSi2. 
The  upper  part  of  the  (Cl  lb  +  C40)  two-phase  field  is 
thus  metastable  and  the  peritectic  reaction, 
liquid  -“Cl  lb  +  C40.  is  naturally  generated.  If  one  were 
to  extrapolate  the  experimentally  measured  boundaries 
of  the  (Cl  lb  +  C40)  phase  field  upward  in  temperature 
•in  the  revised  MoSi2-TiSi2  diagram  (Fig.  10),  there  is 
no  possibility  that  the  boundaries  can  converge  at  the 
MoSi2  terminus  axis  at  a  temperature  below  the  melt¬ 
ing  point  of  MoSi2  ( *  2020  'C). 

The  possible  arrangements  for  the  free  energy  vs. 
temperature  behavior  for  the  liquid.  Cl  lb  and  C40 
phase  for  pure  MoSi2  are  shown  schematically  in  Fig. 
13.  In  this  figure  the  lowest  curve  at  any  temperature 
represents  the  stable  equilibrium  phase  and  the  inter¬ 
sections  of  the  free-energy  curves  correspond  to  the 
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Fig.  12.  Schematic  representation  of  two  possibilities  for  the 
MoSij-TiSij  quasi-binary  diagram.  The  polymorphic  transfor¬ 
mation  of  pure  MoSi2  from  Cl  1,,  to  C40  is  (a)  below  and  (b) 
above  the  melting  point,  (b)  shows  the  phase  rdationships  deter¬ 
mined  in  this  work. 


Fig.  13.  Possible  arrangements  for  the  free-energy  vs.  tempera¬ 
ture  curves  for  the  liquid.  Cl  It,  and  C40  phase  for  pure  MoSi2. 
The  polymorphic  transformation  of  pure  MoSi2  from  Cl  1|,  to 
C40  is  (a)  below  and  (b)  above  the  melting  point  (b)  is  the 
correct  situation  as  determined  in  this  work  for  pure  MoSi2- 


transition  temperatures.  If,  for  pure  MoSi2,  the  Cl  It, 
phase  transformed  to  the  C40  structure  during  heating 
below  the  melting  point,  one  would  have  the  rela¬ 
tionships  shown  in  Fig.  13(a).  On  the  contrary,  if  the 
Cl  lb  structure  is  stable  to  the  melting  point,  then  the 
free-energy  relationships  would  exist  as  in  Fig.  13(b). 
In  the  latter  case,  the  polymorptuc  transition  would  be 
metastable  and  would  occur  above  the  melting  point. 
Similarly  in  this  case  the  iiquid-to-C40  transition 
would  occur  below  the  Cl  lb  melting  point.  The  rela¬ 
tionships  shown  in  Fig.  13(a)  can  be  obtained  from 
those  of  Fig.  13(b)  by  merely  raising  the  free-energy 
curve  for  the  C40  pha^  relative  to  the  liquid  and  Cl  lb 
phases.  Addition  of  solute  alters  the  phase  stability  as 
happens  with  the  addition  of  TiSi2  or,  as  shown  below, 
for  TaSi2.  It  is  also  clear  how,  in  a  rapid  liquid  quench¬ 
ing  operation  such  as  plasma  spraying,  the  formation  of 
a  metastable  MoSi2  C40  phase  can  occur  directly  from 
the  melt  if  the  undercooling  takes  the  melt  below  the 
metastable  mdting  point  of  the  C40  phase  (the  inter¬ 
section  of  the  C40  and  liquid  free-energy  curves).  This 


melting  point  may  be  only  a  few  degrees  Celsius  below 
the  melting  point  of  the  Cl  lb  phase.  The  conditions 
required  for  the  formation  of  metastable  phases  during 
rapid  solidification  have  been  discussed  elsewhere  [17]. 

3. 1.2.  Powder  processing  of  MoSi2-TiSi2 

In  the  present  study,  limited  experiments  were  per¬ 
formed  involving  jwwder  processing  of  these  high 
purity  arc  cast  samples.  The  ingots  were  reduced  to 
-325  mesh  jwwder  and  HIP  processed  in  argon  at 
200  MPa  at  1750"C  for  1  h  in  a  tantalum  can.  The 
microstructure  of  this  HIP-processed  sample  as  well  as 
the  fracture  behavior  after  Vickers  indentation  with  a 
100  kgf  load  are  shown  in  Fig.  14.  An  equiaxed  struc¬ 
ture  of  grains  of  Cl  lb  and  grains  of  C40  phases  is 
detected  through  backscattered  contrast  in  the  scan¬ 
ning  electron  microscope  (and  confirmed  by  micro¬ 
probe).  Some  residual  porosity  is  also  evident  The 
region  around  the  indent  is  chipped  and  various  cracks 
are  evident.  Measurement  of  crack  length  as  a  function 
of  load  (10-100  kgf)  showed  a  consistent  fracture 
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Fig.  14.  HIP-processed  MoSij-lO  inol.%TiSi2  showing  a  100  kgf  Vickers  indentation.  An  equiaxed  structure  of  grains  of  Cl  1),  and 
grains  of  C40  phases  is  detected  through  backscattered  contrast  in  the  scanning  electron  microscope.  Cracks  associated  with  the 
indentation  are  used  to  determine  the  fracture  toughness  and  the  interaction  of  the  crack  with  the  two-phase  microstructure. 


toughness  value  typical  of  pure  MoSi2.  The  crack  path 
shows  little  deflection  as  it  passes  through  the  different 
phases  except  at  the  end  of  the  crack  where  it  deflects 
down  a  grain  boundary  between  the  C 1  lb  and  the  C40 
phases.  Thus  there  appears  to  be  no  dramatic  effect  of 
the  two-phase  microstructure  on  toughness,  at  least  in 
this  equiaxed  morphology.  However,  it  is  evident  that 
the  two-phase  structure  can  be  manipulated  into  other 
morphologies  and  size  scales.  No  tests  were  performed 
to  determine  whether  this  combination  of  phases  can 
yield  any  improvement  in  creep  behavior. 

The  alloying  of  MoSi2  with  TiSi2  does  not  appear  to 
impair  the  intrinsic  oxidation  resistance  of  MoSi2.  In 
preliminary  oxidation  tests,  arc-melted  ingots  of  MoSi2 
with  3  and  18  mol.%  TiSij  held  10  h  at  1300  *C  in  air 
exhibit  oxidation  resistance  behavior  similar  to  that  of 
an  unalloyed  MoSi2  control  sample. 

3.2.  MoSi2~TaSi2 

Figure  9  shows  a  eutectic  reaction  between  MoSi2 
and  TaSi2.  If  real,  this  feature  would  have  been  interest¬ 
ing  for  melt  processing  and  would  have  provided  the 
capability  to  produce  a  fine  dispersion  of  Cl  lb  and 
C40  phases  fi’om  the  melt.  However,  arc-cast  samples 


of  this  composition  with  about  30  mol.%  TaSi2  con¬ 
tained  no  eutectic  microstructure.  The  ssunples  fi'oze  as 
a  single-phase  C40  with  essentiaUy  no  microsegrega¬ 
tion.  Similar  to  the  MoSi2-TiSi2  alloys,  arc-cast  alloys 
containing  less  TaSi2  exhibit  the  same  classic  peritectic 
structure  where  the  Cl  lb  phase  forms  first  and  the  C40 
phase  forms  between  the  Cl  lb  plates  (Fig.  15(a)). 
Figure  15(b)  shows  the  results  of  aging  the  arc-melted 
material  at  1600  °C  for  4  h.  Because  the  composition  of 
the  C40  phase  produced  by  solidification  contains 
more  MoSi2  than  is  present  in  the  C40  phase  at 
1600  "C,  needles  of  the  Cl  lb  precipitate  in  the  C40. 
These  precipitates  appear  as  parallel  plates  and  thus  an 
orientation  relation  exists  between  the  Cl  lb  and  C40 
phases.  Transmission  electron  microscopy  examination 
found  the  interface  plane  to  be  (110)ciiJ(0001)c4o 
with  (002)cuJ(10iO)c4o  as  was  expected  from  the 
known  relationship  between  the  Cl  lb  and  C40  struc¬ 
tures.  Annealing  at  1300  *C  (Fig.  15(c))  produces  the 
same  microstructure  but  with  much  finer  plates. 

The  summary  of  the  revised  phase  diagram,  which 
includes  microprobe  work  on  heat-treated-and- 
quenched  samples,  is  shown  in  Fig.  16.  Instead  of  a 
eutectic  reaction  between  Cl  lb  and  C40,  a  minimum 
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Fig.  15.  Micrographs  of  MoSi^-lO  niol.%  TaSij;  (a)  back- 
scattered  scanning  electron  micrograph  of  as-cast  material;  (b) 
backscattered  scanning  electron  micrograph  of  material  which 
had  been  heat  treated  for  4  h  at  1600°C;  (c)  optical  micrograph 
of  material  which  had  been  heat  treated  for  1 10  h  at  1 300  °C. 

in  the  liquidus  surface  has  been  placed  at  about 
30  mol.%  TaSi2  because  no  coring  of  alloys  is  observed 
for  samples  cast  in  this  range.  The  boundaries  of  the 
(Cllb  +  C40)  two-phase  region  are  documented 
through  microprobe  measurements.  The  lower  tem¬ 


perature  data  are  shown  as  broken  curves  to  reflect 
uncertainties  in  the  data  due  to  the  slow  diffusion  of 
tantalum  in  samples  that  have  not  reached  equilibrium 
at  1300°C  with  a  100  h  heat  treatment.  The  liquidus 
construction  is  only  suggested  at  this  time.  The  points 
(indicated  by  crosses)  are  the  liquidus  data  taken  along 
the  quasi-binary  MoSi.-TaSU  edge  of  Fig.  9.  When 
extrapolated  to  the  pure  disilicides,  they  are  about 
100  “C  too  high.  The  proposed  liquidus  is  constructed 
parallel  to  the  data  points.  In  conclusion,  the  MoSi2- 
rich  end  of  this  diagram  contains  a  similar  peritectic 
reaction  as  does  the  MoSi2-TiSi2  diagram  of  Fig.  10. 
Similar  to  the  MoSi2-TiSi2  system,  there  is  no  way  that 
the  (Cl  Ih  +  C40)  two-phase  field  can  extend  to  give  a 
polymorphic  transformation  in  pure  MoSi2  before 
melting  occurs. 

Figure  17  shows  the  revised  version  of  Fig.  6  which 
includes  the  solubilities  of  the  Cl  Ij,  and  C40  phases  as 
determined  in  the  present  work  at  1300  °C.  Included 
are  data  for  MoSi2-CrSi2  that  were  obtained  by  micro¬ 
probe  analysis  of  samples  heat  treated  at  1375  °C  for 
98  h.  Clearly  the  large  solubility  of  CrSi2  in  MoSi2 
shown  in  Fig.  6  is  not  confirmed.  The  limited  solubili¬ 
ties  of  the  various  disilicides  in  MoSij  even  at  elevated 
temperatures  (at  least  for  TiSi2  and  TaSi2)  would  limit 
the  potential  for  the  precipitation  of  C40  phase  within 
a  matrix  of  Cl  1^,  but  there  are  some  capabilities  for  the 
reverse  situation  of  developing  structures  based  on  the 
precipitation  of  Cl  1^  precipitates  in  a  C40  matrix. 

In  this  paper,  only  the  addition  of  refractory  metals 
that  substitute  for  molybdenum  have  been  considered. 
Another  strategy  for  manipulation  of  the  metallurgical 
structure  of  the  alloys  can  be  obtained  through  the  sub¬ 
stitution  of  aluminum  for  silicon.  The  isothermal 
section  of  the  Mo-Si-Al  diagram  has  been  measured 
[18]  and  contains  a  two-phase  field  between  a  Cl  l^,  and 
a  C40  phase.  This  C40  phase  has  the  composition 
Mo(Si,Al)2. 


4.  Conclusions 

Ternary  diagrams  are  necessary  to  understand  the 
reactions  that  occur  in  various  composites  based  on 
MoSi2  and  are  very  useful  to  develop  strategies  for 
alloy  design.  Existing  phase  diagram  information  gives 
some  useful  general  trends  in  disilicide  systems. 
Further  research  is  needed  to  improve  the  accuracy 
and  reliability  of  these  data  before  any  detailed  analysis 
of  heat  treatment  of  monolithic  alloys  or  analysis  of  dif¬ 
fusion  paths  for  reaction  with  reinforcements  is  pos¬ 
sible.  Parts  of  the  MoSi2-TiSi2  and  MoSi2-TaSi2 
quasi-binary  diagrams  have  been  measured.  The  phase 
equilibria  exhibited  in  these  systems  lead  to  the  conclu- 
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MoSij  MOLE  FRACTION  TaSi^  TaSij 

Fig.  16.  MoSij-TaSij  quasi-binary  diagram  obtained  through  this  research. 
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Fig.  17.  Revised  homogeneity  range  (in  mole  fraction)  and  two- 
phase  fields  at  1300°C  for  various  combinations  of  disilicides 
obtained  through  this  work. 


sion  that  there  is  no  C40  high  temperatvire  polymorph 
in  pure  MoSij. 
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